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THIRD ELEMENT EFFECTS ON HARDENABILITY OF A 
PURE HYPEREUTECTOID IRON-CARBON ALLOY 


By Cuarves R. Austin, W. G. VAN Note AnD T. A. PRATER 


Abstract 


The paper presents the results of an investigation on 
the quantitative effects of additions of certain elements up 
to % per cent, and of austenitic grain size, on the hard- 
enability of a pure hypereutectoid steel, as revealed by 
change in the critical cooling velocity resulting in a 50:50 
martensite-pearlite microstructure. The results are dis- 
cussed and analyzed in the light of more recently pub- 
lished studies on hardenability. 

In Part I attention is directed to a study of the rela- 
tive importance of various factors which influence harden- 
ability as determined by the Jominy end-quench test, and 
to sensitivity of measurement and reproducibility of the 
test data. Attention was given to the results of these 
observations in establishing an accurate curve for cooling 
rate-distance from end of a.3@-inch diameter Jominy 
bar. 

In Part II this relation is used as a standard to deter- 
mine the critical cooling velocities of a series of pure 
hypereutectoid iron-carbon alloys containing up to ap- 
proximately Y% per cent nickel, copper, silicon, manga- 
nese, aluminum, and chromium. The increasing potency 
of the elements as effective hardeners is found to be in 
the order listed. The effect of increase in austenitic grain 
size on hardenability expressed in terms of critical cool- 
ing velocity is essentially linear, whereas the hardenability 
dependent on amount of added third element is apparently 
not linear. 

The results of the research are correlated with previ- 
ous data published by Digges and by Grossmann and his 
co-workers, and it is shown that the evaluation of the 
hardenability role of carbon, per se, in terms of ideal 
diameter, is dependent on assumptions of correctness of 
certain derived values. 

It appears in general that the Grossmann multiplying 
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factor in low percentage additions slightly underevalu- 
ates the hardening effect of an added third element, and 
rather overevaluates the hardenability in the higher per- 
centages. This conclusion is dependent on the experi- 
mental observation that hardenability is not strictly a 
linear function of amount of added element. 


HE chief purpose of the present investigation was (a) to an- 

alyze quantitatively the effects of additions of certain elements 
up to % per cent approximately on the hardenability as indicated by 
critical cooling velocity, of a pure hypereutectoid steel, and (b) to 
study the effect of austenitic grain size on this property. The ef- 
fects of the alloying elements present in these steels on graphitization 
(1)* and reaction to tempering (2) have already been published. 

The Jominy end-quench test was principally used in the deter- 
mination of hardenability and a preliminary study was necessary to 
analyze the effect of the various factors which might be expected to 
influence the data obtained. 

A correlation was obtained between the distance of hardness 
penetration from the end of a 3%-inch diameter Jominy bar and the 
rate of cooling of a thin disk necessary to promote similar hardness ~ 
or microstructural condition. An oscillograph (3) was used for the 
latter purpose. The microstructure showing 50:50 martensite-pearl- 
ite was employed in determining both the position on the Jominy bar 
denoting hardness penetration and the specific cooling rate of the disk 
required to attain the critical cooling velocity. 

A discussion of the results obtained and a comparison and cor- 
relation with the published data of Grossmann and Digges are pre- 
sented. 


Part I 
Stupy oF Factors AFFECTING HARDENABILITY AS MEASURED BY 
THE JOMINY END-QUENCH Bar 


Several reports on studies of this nature are now available (5) 
since the original paper was published (4). However, there appears 
to be some uncertainty on the relative importance of those factors 
which may affect hardenability and a correlation has been made be- 
tween the data taken from the literature and the experimental ob- 
servations made by the present authors. 


*The figures appearing in parentheses refer to the bibliography appended to this paper. 
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Preliminary studies reported in Part I were made on two se- 
lected commercial 1 per cent carbon steels—a shallow hardening 
steel “J” and a deeper hardening commercial steel “K’’—because 
only a limited amount of the pure hypereutectoid steels was available. 

Detailed characteristic properties of these two relatively pure 
commercial hypereutectoid alloys have been published (6) and the 
chemical analyses are found in Table I. 


Table I 
Chemical Analysis of the Commercial Hypereutectoid Steels 


Steel Cc Si Mn S P Cr Ni Cu Al N 
J 1.03 0.27 0.31 0.02 0.017 0.10 0.04 0.10 none 0.0045 0.005 
K 1.00 0.45 0.30 0.02 0.020 0.06 0.06 0.13 none 0.0070 0.013 











Testing Procedure 


The general test equipment was similar to that described by 
Jominy and Boegehold (4). However, the authors used 3-inch di- 
ameter samples of varying length attached to an extension member. 
Several simple modifications of the equipment to facilitate experi- 
mental procedure have been made. The end-quench assembly show- 
ing heating furnaces and quenching unit is illustrated in Fig. 1. 

The larger furnace carried four composite test bar-holder rods, 
and the specimens were brought to temperature resting on a carbon 
block. When test bars were to be cooled to some temperature below 
T max. prior to quenching, they were transferred to the smaller fur- 
nace and then to the quenching unit, which could be operated by use 
of a foot lever. : 

Hardness penetration was measured along the central axis of 
the specimen after slitting longitudinally with high speed disk 
cutting under water. 


SENSITIVITY OF MEASUREMENT AND REPRODUCIBILITY OF RESULTS 


Two convenient méthods are available to determine the depth of 
hardness penetration along the longitudinally split test bar—: the 
hardness test and metallographic examination. For the latter method 
some arbitrary structure must be accepted and since the 50:50 mar- 
tensite-pearlite zone is the one where the austenite transformation is 
most rapid it provides the location which can most accurately be 
defined for the present purpose. It has been shown in the literature 
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Fig. 1—End-Quench Assembly Showing Heating Furnaces and Quenching Unit. 


(7) and confirmed by the authors that this zone corresponds to about 
Rockwell 55-C on the hardness-penetration curves for medium and 
high carbon steels. Accordingly, the term “critical cooling velocity” 
has been applied throughout the paper to that cooling rate promoting 
the formation of 50 per cent pearlite and 50 per cent martensite 
rather than to the rate yielding incipient pearlite. 

In making a hardness survey regular translation of the specimen 
under the Rockwell. penetrator was effected by use of a jig, and 
readings were made every 35 inch. However, the precision with which 
measurements could be taken was + 0.01 inch. Since the depth 
of penetration at Rockwell 55-C was always obtained from a plot 
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of the data, rather than making any attempt to locate this exact 
Rockwell value on the specimen, the sensitivity of this method could 
be taken as + 0.01 inch. 

For microscopic examination the etched surface was passed along 
the longitudinal. axis beneath the microscope by use of a calibrated 
stage with a movement sensitivity of + 0.005 inch. The exact loca- 
tion of the 50:50 structural zone on the transverse axis of the speci- 
men was clearly a matter of estimation, however checks on repeated 
readings by several investigators demonstrated that the sensitivity 
of determination of position, of the 50:50 zone, was at least equal to 
the sensitivity of stage movement. 

Having determined the sensitivity of measurement of hardness 
penetration by the hardness and metallographic methods an analysis 
was made of reproducibility on a shallow and on a medium hardening 
steel when eliminating changes in all factors which were known to 
affect hardenability. 

The steels (J and K) were annealed in lavite for 1 hour at 
900 degrees Cent. (1650 degrees Fahr.) and oil quenched prior to 
one of each of the following treatments: (a) 25 minutes at 780 
degrees Cent. (1435 degrees Fahr.) ; (b) 20 minutes at 880 degrees 
Cent. (1615 degrees Fahr.); and (c) 60 minutes at 1000 degrees 
Cent. (1830 degrees Fahr). Since four samples of each of the two 
steels were studied under each quenching condition it was possible to 
study reproducibility on A.S.T.M. grain size differences ranging 
from 2 to 10, and on depth of hardness penetration from 0.14 to 0.39 
inch. The penetrations were measured by Rockwell hardness and 
by observations under the microscope. 

The results showed that variations in reproducibility were ap- 
parently of the same order of magnitude as the sensitivity of the 
hardness method of determining penetration to the 50:50 zone. 
However it was decided to employ the microscope method because of 
its greater convenience and because of the fact that the authors were 
immediately cognizant of errors or uncertainties dependent on non- 
uniform penetration over the complete cross-section of the bar. This 
nonuniformity could be ascribed to lack of homogeneity or local 
variation in the austenitic grain size developed. 


EVALUATION OF Factors INFLUENCING END-QUENCH TEST 


Factors other than chemical composition and grain size may 
markedly alter the response of a steel to hardening by quenching. 
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Many of these factors have received attention at various times by 
other investigators but it is still difficult to cull from the literature 
data on the relative importance of the following variables which 
may be introduced into the end-quench test. 

(a) Heating environment and possible decarburization. 

(b) Rate of heating through the critical stage. 

(c) Microstructural condition prior to heat treatment for 

hardening. 

(d) Quenching media and rate of flow. 

(e) Size of test bar—diameter and length. 

(f) Holding time at temperature prior to quench. 

(g) Effect of T max. per se as distinct from grain size effects. 

(h) Transference time from furnace to quenching unit. 


(a) It has been stated by Williams (5) that oxidation or 
decarburization has no effect on the test result so long as there is 
no marked scaling and that the hardness values are taken beyond 
any partially decarburized zone. Tests made by the authors showed 
no difference in hardenability between specimens protected by 
resting on a graphite block during heating and those chromium 
plated and heated in air, prior to end-quench. 

(b) There appears to be disagreement among investigators (8) 
on the effect of rate of heating through the critical range on aus- 
tenitic grain size. Furthermore there do not appear to be any concise 
data on the effect of rate of heating, per se, on the subsequent reac- 
tion of a steel to heat treatment. It appears probable that any differ- 
ences noted in heat treatability are more dependent on the manner in 
which this rate may modify prior austenitic grain size. The authors’ 
observations on changes in rate of heating, between the fairly nar- 
row range of difference used in the present investigation, did not 
reveal any modification in depth of hardening. 

(c) It is well known that differences in microstructural condi- 
tion of a steel prior to heat treatment for hardening may have a 
definite effect upon hardenability, and Williams has published data (5) 
to demonstrate this fact. For this reason all specimens used in our 
hardenability tests (in the later section of Part I and ir all experi- 
ments in Part Il) were given the same pretreatment—2 hours in 
vacuum at 900 degrees Cent. (1650 degrees Fahr.) followed by oil 
quench. The reason for this treatment rather than the 1 hour in lavite 
at 900 degrees Cent. (1650 degrees Fahr.) is mentioned in the 
second part of the paper. 
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(d) Small variations in temperature of water or sodium hy- 
droxide solutions used for end quenching have been shown to have 
little effect on the cooling rate of the steel (9). Tatman (9) also 
has demonstrated that no significant changes in depth of penetration 
are obtained by -varying the temperature of water used from 0 to 40 
degrees Cent. Substitution of a 5 per cent brine solution, at tem- 
peratures within this range, yielded results in agreement with those 
obtained with tap water. Rate of flow of the media was also found 
to be unimportant so long as the rate exceeded 1% gallons per min- 
ute. This condition was attained with a flow from the jet reaching 
a height of 6 inches. 

(e) Williams (5) has shown that, for a standard 1-inch diam- 
eter bar, depth of penetration is not critical with respect to bar length 
within the limits +4 inch and 234 inches for shallow hardening steels 
(up to 0.2 inch hardenability). However since the ratio of total 
radiating surface to end-quench surface differs so markedly in a %%- 
inch bar as compared with the 1-inch diameter sample, tests were 
made on the bar length effect. For this purpose several specimens 
of steel “J” were cut in lengths varying from % to 3 inches. Tests 
showed that hardness penetration was constant, within sensitivity of 
test, so long as the bar length was not less than ¥% inch. This length 
was utilized in all end-quench tests reported on the establishment of 
cooling rate-distance from end of Jominy bar curve and for all data 
submitted in Part IT. 

(f) Williams (5) has also shown that time at temperature nec- 
essary for developing maximum hardenability, exclusive of austenitic 
grain size, may vary widely among chemically similar steels. Natu- 
rally this is particularly true for alloy steels. Information on the 
steels under test indicate (6) a rather regular increase in grain size 
with increasing temperature, and hence it was not a simple matter to 
study homogenization as a function of temperature, as distinct from 
grain size effects. Accordingly the time at temperature effect re- 
ceived attention during the actual experimental study of the pure iron- 
carbon third element alloys, and a brief discussion is given in the 
second part of the paper. 

(g) After heating a steel to some temperature above the critical 
range (T. max.) an A.S.T.M. grain size is established. The effect 
of quenching temperature may then be studied by lowering the tem- 
perature of the samples to various points between T max. and the 
upper critical before quenching. The data given in Table II demon- 
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Table Ii 
Hardenability in Terms of Jominy End-Quench Distance as a Function of Quenching 
Temperature, as Distinct From T. Max., for the Commercial Steels ‘‘K’’ and “J” 


Time at 
T. Max. T. Max. Quenching A.S.T.M. Penetration 
Steel Minutes hse Temp. °C. Grain Size Inches 
60 1000 1000 3 0.395 
60 1000 875 3 0.390 
. 60 1000 775 3 0.390 
30 900 900 4-5 0.345 
30 900 840 4-5 0.350 
30 900 775 4-5 0.345 
60 1000 1000 2-3 0.315 
60 1000 860 2-3 0.315 
60 1000 780 2-3 0.315 
J 
20 890 890 7 0.210 
20 890 825 7 0.205 
7 0.210 


20 890 775 


strate that quenching temperature per se has no measurable effect on 
hardenability. It is probable that the importance of varying T max 
as reported variously in the literature, pertains more to the effect on 
establishing difference in grain sizes and the concomitant effect on 
reaction rate and hardness penetration. 

(h) Since the bar size on which the data are presented was only 
3g inch diameter, it appeared necessary to give some examination to 
the possible effect on hardness penetration, of time of transference 
from heating furnace to quenching apparatus. Normal transference 
time was found to be about 2 seconds. No variations in depth of 
hardening could be observed in varying this time between the limits 
2 to 12 seconds. Incidentally this experimental observation lends 
further support to the relative unimportance of quenching tempera- 
ture as distinct from T max. 


ESTABLISHING THE COOLING RATE-DISTANCE FROM END OF JOMINY 
Bar RELATION FOR A ¥%-INCH DIAMETER TEST STANDARD 


In a study on the effects of various elements on the critical cool- 
ing velocity of a carbon steel it is practicable to cool or quench very 
small samples of any given steel at various known controlled cooling 
rates until a hardness of Rockwell C-55 is obtained or until the 50:50 
martensite-pearlite structure results as indicated by the microscope. 
However the experimental procedure can be much simplified by the 
following correlations. By use of the oscillograph method (3) small 
sections of a steel of given austenitic grain size can be quenched at 
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various measured rates of cooling until the condition is attained to 
produce the desired 50:50 microstructure.* A bar of the same steel 
with similar grain size is then end-quenched and examined for the 
distance along the bar where the 50:50 structure again obtains. By 
conducting similar correlations on steels of different hardenabilities a 
cooling rate-distance from end of Jominy bar curve was obtained for 
the 3¢-inch diameter test bar used as a standard throughout this 
research. 

Fig. 2 illustrates the appearance of typical macro sections at 
4 diameters magnification, of bars exhibiting increasing hardenability 
(Figs. 2a to 2e). The polished sections shown were etched in 4 per 
cent nital and the depth of penetration recorded from observations 
made under the microscope at 100 magnification. In the deeper 
hardening steels it will be noted that the width of the martensite- 
pearlite transition zone increases. 

From the observations obtained as described above along with 
the data on critical cooling velocity for similar and shallower hard- 
ening steels the curve given in Fig. 3 has been constructed. This 
curve served to define the critical cooling velocity (formation of 
50:50 martensite-pearlite) of a steel after an experimental determi- 
nation of hardness penetration had been made on an end-quench bar. 
This trace relates strictly to a bar 3 inch in diameter and % inch 
long. 


Part II 
DETERMINATION OF EFFECT OF ALLOYING ELEMENT AND 
AUSTENITIC GRAIN SIZE ON HARDENABILITY AS INDICATED BY 
CRITICAL COOLING VELOCITY 


Details of composition, manufacture, and fabrication of the pure 
iron-carbon third element alloys have been recorded previously (1) 
by one of the present authors. Electrolytic iron was melted by in- 
duction heating in a hydrogen atmosphere, the desired amount of 
carbon and third element added, and the ingot cast under hydrogen. 
The chemical analyses listed in Table III reveal that the impurities 
are much lower in quantity than would be found in any commercial 
steels of similar carbon content. 


*This procedure related to the use of a two-stage direct current amplifier operating on 
a cathode ray oscillograph, the calibrated e.m.f.—time curve trace being recorded on a 
vhotographic film. The control of quenching rate was established by variation of gas pres- 
sure in a gas quenching unit. 
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Fig. 2—Typical Longitudinal Macro Sections from End-Quenched Bara 
Showing Varying Hardenability. x 4. 


The alloys were received in the annealed condition after being 
forged, rolled, and finally centerless ground to 34-inch diameter bar 
stock. The microstructures of the alloys containing approximately 
Y% per cent of added third element along with that of the pure iron- 
carbon alloy are shown in Fig. 4 at 500 diameters. 

In order to study quantitatively the effect of alloy addition per 
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Table Ill 





Chemical Compcsition of the Pure Iron-Carbon Third Element Alloys 
Steel Alloy % Mn Si Ni Cr Cu Al S y Sn 
89 none 1.09 0.005 0.023 0.018 0.003 0.006 <0.005 0.016 0.012 <0.003 
27 Al 1.15 0.006 0.01 0.018 0.002 0.008 0.073 0.015 0.014 <0.003 
28 Al 1.14 0.006 ©€.015 0.015 0.002 0.011 0.37 0.014 0.014 <0.003 
72 Mn 1.14 0.04 0.01 0.014 0.003 0.013 0.006 0.015 0.014 <0.003 
73 Mn 1.11 0.08 0.01 0.018 0.003 0.009 0.006 0.014 0.014 <0.003 
76 Mn(P) 1.10 0.24 0.015 0.013 0.002 06.004 0.007 0.017 0.031 <0.003 
83 Mn 1.14 0.30 0.042 0.015 0.003 0.006 0.003 0.019 0.014 <0.003 
77 Si 1.08 0.006 0.08 0.014 0.003 0.006 0.006 0.016 0.012 <0.003 
29 Si 1.20 0.005 0.12 0.015 0.003 0.007 0.007 0.015 0.012 <0.003 
78 Si 1.08 0.006 0.14 6.012 0.003 0.005 0.008 0.017 0.012 <0.003 
79 Si 1.15 0.006 0.48 0.010 0.002 0.604 0.006 0.015 0.014 <0.003 
66 Ni 1.10 0.009 0.028 0.08 0.002 0.007 <0.005 0.014 0.012 <0.003 
67 Ni 1.14 0.005 0.002 0.13 0.003 0.006 0.007 0.014 0.012 <0.003 
74 Ni 1.04 0.007 0.024 0.53 0.003 0.008 0.006 0.017 0.012 <0.003 
82 Cr 1.07 0.004 0.033 0.015 0.07 0.004 0.003 0.018 0.014 <0.003 
84 Cr 1.14 0.004 0.030 0.017 0.13 0.004 0.003 0.016 0.014 <0.003 
85 Cr 1.16 0.006 0.024 0.018 0.46 0.907 <0.005 0.015 0.012 <0.003 
69 Cu 1.11 0.006 0.01 0.018 0.003 0.068 <0.005 0.014 0.015 <0.003 
70 Cu 1.10 0.005 0.01 0.015 0.002 0.104 <0.005 0.015 0.014 . < 0.003 
71 Cu 1.16 0.005 0.01 0.015 0.002 0.35 0.007 0.014 0.014 <0.003 


} 
| 
| 
| 
| 
} 


se on the critical cooling velocity or hardenability of a carbon steel, 
essentially constant in carbon content, it is necessary to study first 
the grain growth characteristics of the alloys. Since the structural 
condition of an alloy prior to heat treatment for hardening is known 
to have some effect on grain size and on hardenability some prelim- 
inary studies on pretreatment were made. 

It was found that annealing in vacuum for 2 hours at 900 de- 
grees Cent. (1650 degrees Fahr.) followed by oil quenching gave 
satisfactory homogenization and uniformity of response to heat treat- 
ment for hardening. Accordingly all samples were given this pre- 
treatment prior to the studies hereafter reported. 


E.ND-QUENCH STUDIES ON GRAIN SIZE EFFECTS IN THE ALLOYS 
CONTAINING APPROXIMATELY 1% PER CENT ADDED ELEMENT 


Several 5£-inch long cylinders of each of the alloys were given 
tne oil quench from 900 degrees Cent. and then heated to one of the 
following temperatures for hardening : 

780, 880, 900, and 1000 degrees Cent. 
in order that variation in hardenability as a function of austenitic 
grain size might be recorded. Furthermore the holding time at 
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temperature was altered from 20 minutes to as much as 8 hours. This 
permitted collection of data on grain size stability and provided in- 
formation on the possible effect of factors other than grain size 
(e.g. homogenization or carbide solution) on the depth of hardening 
resulting from quenching. It may be stated that the end-quench was 
effected directly from the hardening temperature (T max.) but it 


350 
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Distance from Quenched End, Inches 
Fig. 3—Curve Showing Relation Between Cooling Rate 


and Distance from Quenched End of Jominy Bar, for % 
Inch Diameter Test Specimen. 


will be recalled that the authors demonstrated in Part I that the 
quenching temperature as distinct from T. max. had no notable effect 
on the measurements of depth of hardening. 

The end-quenched samples were sectioned longitudinally and 
etched for further metallographic verification of austenitic grain size 
and for measurement of hardness penetration in terms of distance 
to the 50:50 martensite-pearlite line from the quenched end. From 
these latter values it was possible to ascertain the critical cooling rates 
of the various samples from the cooling rate-distance curve illus- 
trated in Fig. 3.. These data have been assembled in Table IV. 

In regard to the effect of time at temperature on austenitic 
grain size, it may be noted that this factor shows up more particularly 
in steels having a mixed grain. Naturally the longer the time at 
temperature the more closely is ensured the characteristic austenitic 
grain sizes for each of the steels at the given temperature. This 
maximum grain size attained has been plotted in Fig. 5, as a function 
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Fig. 4—Microstructures of the Alloys, in the Annealed State, Containing Ap- 
proximately 0.5 Per Cent of Added Element. x 500 

a. Pure Iron Carbon 

b. 0.37 Per Cent Aluminum 


c. 0.30 Per Cent Manganese 


e. 0.53 Per Cent Nickel 
d. 0.48 Per Cent Silicon 


f. 0.46 Per Cent Chromium 
g. 0.35 Per Cent Copper 


of annealing temperature prior to quenching, for the plain iron-car- 
bon alloy and for the alloys containing approximately ™% per cent 
added third element. 


For the chromium, manganese, and silicon steels the austenitic 
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Fig. 5—Grain Growth Characteristics of the Pure Iron- 


Carbon Steel and of Steels Containing Approximately 0.5 
Per Cent Third Element. (Data from Table IV.) 


grain size is essentially a linear function of annealing temperature. 
With 0.37 per cent addition of aluminum the alloy appears to resist 
grain growth at temperatures varying from 880 to 1000 degrees 
Cent. (1615 to 1830 degrees Fahr.). The pure iron base alloy has a 
very strong coarsening tendency at low annealing temperatures and 
reaches its maximum grain size, “very coarse” (about 0 A.S.T.M.), 
at 900 degrees Cent. (1650 degrees Fahr.). 

The steels containing either copper or nickel gave considerable 
trouble on account of mixed grain size conditions. At lowest anneal- 
ing temperature (780, also 880 degrees Cent. for copper) (1435 and 
1615 degrees Fahr.) uniform small grain size obtains, and at the 
highest quenching temperature of 1000 degrees Cent. (1830 degrees 
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Fahr.) uniform very coarse grains were observed. The condition 
of mixed grain at intermediate temperatures is indicated in the plot 
of the data (Fig. 5). The effect of this characteristic behavior of 
the pure nickel or copper bearing steels, on hardenability and on the 
quantitative determination of the 50:50 line, is well illustrated in 
Fig. 6. This etched macro section represents an extreme case of 
how profoundly the presence of mixed austenitic grain size may 





Fig. 6—Etched Macrostructure of 
Section of End-Quenched 0.35 Per 
Cent Copper Alloy Showing Effect 
of Mixed Grain Size on Hardness 
Penetration. Xx 4. 


modify the depth. of hardening in an end-quenched sample. Such 
conditions of nonuniformity of hardness penetration were not used 
in the quantitative studies reported. 

More typical of the macrostructures obtained’ in correlating 
grain size with penetration are those illustrated forethe hardenability 
studies on the 0.3 per cent manganese steel (Fig. 7). Here the depth 
of penetration as delineated by the 50:50 line extends from 0.080 
to 0.17 inch, dependent on a grain size increase from 8 to 2. 

The plot of critical cooling velocity (derived from Fig. 3) 
against A.S.T.M. austenitic grain size is given in Fig. 2. For some 
of the steels the points for critical cooling velocity-grain size are 
missing from the chart, for the smaller grain size values, and atten- 
. tion must be directed to this matter. 

All alloys were examined after quenching to determine if any 
significant amount of free carbide was present in the steel prior to 
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Fig. 7—Effect of Grain Size on the Hardenability of the 0.30 Per 
Cent Manganese Alloy as Revealed by the Etched Macrostructure on a 
Section of the End-Quenched Bar. x 4. A.S.T.M. Grain Size: a—No. 
8; b—No. 4-5; c—No. 4; d—No. 3; e—No. 2. 


the quench. The presence of these carbides could easily be detected 
at 500 diameters in either the pearlitic or martensitic zones. The 
nickel, copper, and silicon steels showed complete absence of free 
carbides after heat treating at annealing temperature (880 degrees 
Cent.) used to obtain the smaller grain sizes plotted in Fig. 8. With 
the lower annealing temperatures used to obtain grain size finer 
than 4 or 5 in the manganese, aluminum, and chromium steels, evi- 
dences of undissolved carbides were clearly noted. Accordingly it 
has not been possible to obtain data on these steels, containing ap- 
proximately %4 per cent added element, in the fine-grained condition, 
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since annealing times up to several hours failed to effect further 
solution of carbides. 

If the experimental data for the chromium alloy with a grain 
size 11 and measured critical cooling velocity of 250 degrees Cent. 
per second (Table III) be added to Fig. 8 it will be noted that the 
simple linear relation between grain size and critical cooling velocity 
is profoundly modified. Naturally the data in the regions of fine 
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Fig. 8—Critical Cooling Velocity Plotted 
as a Function of A.S.T.M. Grain Size for the 
Pure Hypereutectoid Steel and for the Steels 


Containing Approximately 0.5 Per Cent Added 
Element. 


austenitic grain are indicative of the relation of grain size to cooling 
velocity in steels of markedly lower alloy content. 

It is at once evident from the data plotted that a linear relation 
exists between critical cooling velocity and A.S.T.M. grain size for 
each of the seven steels studied. Further it may be noted that equal 
grain size increments in all the steels have a proportionately similar 
effect on change in critical cooling velocity. This indicates that ef- 
fect of change in grain size per se is independent of addition of 
alloying element within the limits investigated. 
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OscILLOGRAPH RECORDS ON DETERMINATION OF EFFECT OF AMOUNT 
oF ALLoy ADDITION ON CRITICAL CooOLING VELOCITY 


On account of the shallow hardening characteristics of the alloys 
containing small amounts of third element addition it was decided 
to obtain the critical cooling velocities, of the steels with an A.S.T.M. 
grain size of 5, directly from gas-quenching studies utilizing the 
oscillograph to determine cooling rates as described in a previous 
paper (3). | 

It is at once evident that in the higher velocity cooling rates, 
where the rate of change of cooling with respect to distance from 
bar end is rapid (Fig. 3), greater accuracy is obtained by measur- 
ing directly the cooling rates with the oscillograph. 

Preliminary studies had shown the particular time-temperature 
prequench treatment necessary to yield an austenitic grain size of 5, 
and this grain size had been selected as the finest grain on which 
specific data were obtained for the steels containing about ™% per 
cent added element (Fig. 8). Incidentally Grossmann (10) also 
selected this same grain size to summarize his results on the relative 
effect of alloy additions on hardenability. 

The prequenching treatments ranged from 20 minutes at 850 
degrees Cent. (1560 degrees Fahr.) to 20 minutes at 900 degrees 
Cent. (1650 degrees Fahr.), but it was not possible to find a heat 
treating condition which would produce a No. 5 grain size in the 0.08 
per cent nickel steel. Grain growth appeared to be very mixed, from 
No. 7 to No. 1, and all efforts at obtaining intermediate grain sizes 
resulted in a mixed grain structure. This characteristic has already 
been reported with the steel containing 0.53 per cent nickel. 

Specimens consisting of 40 mil thick disks were cut from the 
various steel samples which had been oil quenched after 2 hours in 
vacuum at 900 degrees Cent. (1650 degrees Fahr.). Samples were 
heated to the necessary temperature required to produce a 5 grain 
size, and quenched at different recorded rates until.a 50:50 mar- 
tensite-pearlite structure was observed in the polished and etched 
sample. The data on the low alloy content steels, recorded in Table 
V, along with the critical cooling velocities of grain size 5 of steels 
containing the maximum amount of added element (taken from 
Fig. 8) have been plotted in Fig. 9. The curves reveal the relation 
between critical cooling velocity and amount of added element for 
each of the six series of alloys investigated. Clearly the potency per 
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Table V 
Compositions and Critical Cooling Velocities of the Low Third Element Content Alloys 


——— 





Critical Cooling Velocity 


Alloy No. Alloy Addition °C. per sec. A.S.T.M. G.S. 5 
27 0.073 Al 145 
72 0.04 Mn 160 
73 0.08 Mn 140 
76 0.24 Mn (0.031 P) 115 
77 0.08 Si 160 
29 0.12 Si 150 
78 0.14 Si 155 
66 0.08 Ni a 
67 0.13 Ni 200 
82 0.07 Cr 120 
84 0.13 Cr 95 
69 0.068 Cu 170 
70 0.104 Cu 160 


unit addition of the various elements on hardenability as indicated 
by critical cooling velocity is much greater in the region of small 
additions. 

Perhaps the relative effectiveness of the elements as harden- 
ability agents is best shown diagrammatically in Fig. 10 where the 
elements are listed in order of increasing potency for 0.1 and 0.3 
per cent by weight of alloy addition. 


DISCUSSION AND ANALYSIS OF RESULTS 


Data have been presented to indicate the effects of additions up 
to approximately % per cent of nickel, copper, silicon, aluminum, 
manganese, and chromium on the hardenability characteristics of a 
hypereutectoid steel. It has been shown that their hardening power 
as indicated by the change in critical cooling velocity is in the order 
listed, with nickel having the minimum effect. Chromium, manga- 
nese, and aluminum additions are strongly most effective when used 
in small amount. While the element does not exhibit much harden- 
ing power in low percentage additions, silicon appears to approxi- 
mate the potency of chromium, manganese, and aluminum at about 
0.3 per cent addition. 

The relation between critical cooling velocity and austenitic grain 
size seems to be almost linear in every case. This confirms the 
observations of Digges (11), who used a 1-3 per cent pearlite con- 
tent as the criterion of critical cooling rate, as distinct from the 50 


per cent pearlite, 50 per cent martensite structure employed by the 
authors. 


Small additions of chromium, manganese or aluminum exert a 
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greater effect on the critical cooling velocity than do moderate grain 
size differences, but as these element additions approach and extend 
beyond about 0.3 per cent, they have relatively little additional influ- 
ence, whereas it has been shown that grain size changes retain their 
potency even in widely varying hardenability ranges. 

It is of interest to compare the quantitative data of the present 
authors with the data recently published by Grossmann (10). How- 
ever it must be kept in mind that this comparison is drawn between 


240 


ASTM Grain Size No 


D 
S 


120 


Critical Cooling Velocity, C:/SeC 





Added Element, Per Cent 


Fig. 9—The Effect of the Addition of a Third Element 
up to Approximately 0.5 Per Cent on the Critical Cooling 
Velocity of a Pure Hypereutectoid Steel. 


pure iron-carbon third element alloys containing approximately 1.1 
per cent of carbon and commercial steels of high purity with 0.41 
to 0.68 per cent carbon. 

In order to permit a comparison and correlation between the 
data published by Grossmann and those in the present paper it is 
necessary to analyze briefly the relation between critical bar diam- 
eter and critical cooling velocity as measures of hardenability, and 
examine these physical characteristics in terms of relationship to 
Jominy distance values. 

In his effort to deduce the hardening effect of carbon per se 
Grossmann used the results of Digges (13) and those contained in 
a paper by Grossmann, Asimow, and Urban (12). Digges had 
demonstrated that time of cooling through an arbitrary temperature 
range of 1110 to 930 degrees Fahr., required to produce small 
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amounts of pearlite, was apparently a linear function of carbon con- 
tent up to 1.2 per cent carbon. Furthermore there is little reason to 
question that Digges’ cooling rates between 1110 and 930 degrees 
Fahr. (critical cooling velocity for 1-3 per cent pearlite) are essen- 
tially directly proportional (for small specimens) to the half-tem- 
perature time values for half-hardening employed by Grossmann. 
To arrive at this conclusion Grossmann made two assumptions: 
(a) That the time from 1110 to 930 degrees Fahr. is a constant frac- 
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Fig. 10—Diagrammatic Illustra- 
tion of the Relative Potency of the 
Various Elements, at 0.1 and 0.3 
Per Cent Addition on the Harden- 
ability, as Indicated by Change in 
Critical Cooling Velocity of a Pure 
Hypereutectoid Steel. 


tion of the half-temperature time, and (b) The time for full harden- 
ing is a constant fraction of the time for half-hardening. 
Examination of cooling curves from oscillograph traces of gas 
quenched disks confirm assumption (a). The authors have also ob- 
tained data to lend support to assumption (b). Thus in Fig. 11 a plot 
has been drawn showing the relation between A.S.T.M. grain size 
and critical cooling velocity for a 50:50 martensite-pearlite structure 
in the pure iron base alloy No. 89. Data have also been added for 1-3 
per cent pearlite in the same alloy, along with critical cooling rate — 
grain size data furnished by Digges for a very pure 0.85 per cent 
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carbon binary alloy. It is evident that critical cooling velocity for 


half-hardening approximates a definite fraction of that for incipient 
pearlite formation. 


In order to correlate critical diameter with carbon content, Gross- 
mann then proceeded as follows. From a previously derived (12) 


formula D; = K \/ t, where “Dy” is the desired “ideal critical diam- 
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Fig. 11—Relation Between Critical 
Cooling Velocity and A.S.T.M. Grain 
Size When Using a “50:50” Structure 
and a 1-3 Per Cent Pearlite Structure 
as Indicative of Critical Cooling Velocity. 


eter,” ““K” is a known constant and “t” is the half-temperature time, 
it follows that Dyy = K, t. This indicates that half-temperature time 
for hardening is directly proportional to the square of the ideal diam- 
eter, but since half-temperature time for hardening is a linear function 
of carbon content (above), then the square of the ideal bar diameter is 
directly proportional to carbon content, or D;?>—K,C. All these 
derivations naturally apply to some constant austenitic grain size. 
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Having derived the relation D;? — K,C, Grossmann proceeded 
to test this conclusion by ascertaining the hardenability effect of 
carbon alone (in terms of D;) by subtracting the hardening effects of 
other elements present, using his new multiplying factor method. 
Three points on a plot, although close together (0.41 to 0.68 per 
cent carbon), suggest linearity between D,’? and carbon content of the 
steel. Grossmann appeared to consider that the passing of this 








0 
a 04 a8 12 18 20 
Distance fram Quenched End, inches 


Fig. 12—Chart for Estimating Ideal Critical Diameter 
—_ Jominy Distance, or Vice Versa—After Grossmann 
10). 


straight line ratio through the origin was an important feature. 
However the present authors believe this last concept to be a weak 
link in an otherwise ingenious development of his ideas, since the 
conception of critical diameter in very low carbon steels and pure 
iron seems to be meaningless. 

Examination of the results of the authors’ investigation, in the 
light of studies reported by Grossmann on hardenability calculated 
from chemical composition, will be separated into two analytical 
treatments. 


Analytical Treatment I 


In a recent paper Asimow, Craig, and Grossmann (12) reported 
the relation between Jominy distance and ideal bar diameter, and 
this plot, reproduced in Fig. 12, was obtained from experimental 
data and from theoretical considerations of heat flow. The an- 
alytical treatment following is based on the assumption that the 
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relation shown is valid for Jominy distances greater than 0.06 
inch. With use of this relationship together with the experimental 
results on our pure iron alloys the analysis proceeds as follows: 

IA. Correlation Between Results of Grossmann and Digges 
Using Grossmann’s D;—Jominy Distance Curve—A 1.1 per cent 
carbon steel, according to Grossmann’s D,’—C. per cent relation- 
ship would have an ideal diameter, at A.S.T.M. grain size 5, of 
0.416 inch if extrapolation of his curve is permissible. This extrap- 
olation has been shown to be permissible by Digges’ linear cooling 
rate-carbon content plot up to 1.2 per cent carbon. The linearity 
appears to hold for cooling rates required to produce a trace of 
pearlite down to rates of cooling resulting in “over 5 per cent 
pearlite.” In shallow hardening steels the cooling rates for “over 
5 per cent pearlite”’ can hardly be distinguished from those yielding 
a 50:50 martensite-pearlite microstructure, so from Digges’ work 
it is noted that a cooling velocity of 220 degrees Cent. per second 
will half harden a 1.1 per cent carbon steel of grain size No. 4. 

Our oscillograph records have shown that this velocity of cool- 
ing exists at a distance 0.08 inch from the quenched end of a 
Jominy bar. From Fig. 12 such a steel of grain size No. 5 
would have an ideal diameter of approximately 1.0 inch, com- 
pared with the 0.416 inch derived from Grossmann’s ;D;’—C. per 
cent relationship. 

IB. Determination of Ideal Bar Diameter in the 1.1 Per Cent 
Pure Carbon Alloy—From the data in Fig. 8 it may be noted that 
the critical cooling velocity of the pure iron-carbon alloy No. 89 at 
grain size No. 5 is about 220 degrees Cent. per second. This cooling 
rate is attained at a position 0.08 inches (Fig. 3) from the end of the 
Jominy bar, and corresponds to the condition at the center of a bar 
of ideal diameter 1.1 inches (Fig. 12). This again is in contrast to 
the 0.416-inch diameter from the D,?—C. per cent ratio. 

IC. Deduction of Hardenability for Carbon Alone by Use of 
Grossmann Multiplying Factor (10)—Since we have a number of 
low alloy content steels containing 1.1 per cent carbon for which we 
have obtained experimentally the hardenability characteristics in 
terms of critical cooling velocity for grain size No. 5, it is possible 
to deduce the hardenability due to carbon alone by use of the Gross- 
mann multiplying factor. From the established critical cooling 
velocities (Table VI) the Jominy values were observed (Fig. 3), and 
the corresponding ideal diameters read from Fig. 12 using a por- 
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Table VI 


Critical Cooling Velocities and Equivalent Jominy Distance Values for the Pure Alloys 

Used in the Discussion and Analyses of Results. The Derived D1 Values for the Alloys 

and for Hardenability Dependent on Carbon Alone, in Analytical Treatments | and || 
Have Also Been Included 








Critical Jominy Di D1 for C. D1 Dr for C. 


Cooling Dis- Analytical Alone or Analytical Alone or 
Alloy Velocity tance Treatment Di Treatment Dr 
Steel Addition °C./sec. Inches No. 1 Grossmann Factor No.2 Grossmann Factor 
82 0.07 Cr 120 0.115 1.31 1.10 0.64 0.54 
84 0.13 Cr 95 0.130 1.38 1.04 0.71 0.53 
29 0.12 Si 150 0.10 1.24 1.14 0.57 0.52 
67 0.13 Ni 200 0.085 1.12 1.06 0.52 0.49 
27 0.07 Al 145 0.105 1.26 1.01 0.59 0.47 
72 0.04 Mn 160 0.095 1.20 1.05 0.55 0.48 
73 0.08 Mn 140 0.105 1.26 0.99 0.59 0.471 
79 0.48 Si 78 0.145 1.46 1.01 0.80 0.55 
74 0.53 Ni 150 0.10 1.24 1.04 0.57 0.48 
83 0.30 Mn 102 0.125 1.36 0.68 0.69 0.345 
28 0.37 Al 96 0.13 1.38 0.36 0.71 0.18 


85 0.46 Cr 64 0.165 1.56 0.84—0.76 0.93 0.48-—0.45 





tion of the curve not very close to the ordinate and hence in a 
region where it can be assumed to be relatively free from inaccuracies. 
These ideal diameters were then adjusted to values for hardening by 
carbon alone by dividing by Grossmann’s multiplication factor for the 
element present. The results have been included in Table VI (Analyti- 
cal Treatment I) and it may be noted that the ideal diameters derived 
for a 1.1 per cent carbon steel, from the experimental data on the 
low alloy steels, approximates fairly closely the 1.0 to 1.1-inch diam- 
eter previously obtained in IA and IB. 

Similar computations for the steels containing approximately 12 
per cent of nickel, silicon, aluminum, manganese, and chromium have 
been included in Table VI. 

Again we find that with silicon and nickel additions the compu- 
tation for carbon alone approximates the value 1.0 inch as the ideal 
bar diameter. This result can be anticipated from Fig. 13, in which 
the experimental curves of both investigators reveal similar harden- 
ability behavior at the higher range of alloy addition. On the other 
hand the data in Table VI show wide variations for the calculated D, 
values, using the Grossmann multiplying factor, for additions of 
manganese, aluminum, and chromium. The discrepancies are readily 
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appreciated when reference is made to the plots for these alloys in 
Fig. 13, since wide differences are noted in the higher alloy ranges 
between the curves representing the results of Grossmann and those 
of the authors. 

ID. Hardenability as a Function of Nature and Amount of 
Alloy Addition—In order to permit a direct graphical correlation 
between the data of the two investigations on hardenability as a 
function of nature and amount of alloy addition, it is necessary 
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Fig. 13—Correlation Between Ideal Bar Di- 
ameter (D1) and Per Cent Added Element in 
the Pure Hypereutectoid Steels. The D1 Values 
Were Obtained (A) by Use of the Grossmann 
Multiplication Factor on a Calculated D1 for 
Carbon Alone of 1.05 Inches, and (B) from the 
Authors’ Critical Cooling Velocity Data Using 
the Relations Expressed in Figs. 3 and 12. 


to make some common assumption on the hardenability of carbon 
alone. For reasons outlined the graph shown in Fig. 13 was drawn 
on the premise that the critical diameter of a 1.1 per cent iron- 
carbon alloy is 1.05 inches. This value is merely taken as the mean 
f the values 1 and 1.1 inches previously developed. 
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The Grossmann data plotted in Fig. 13 were obtained by use of 
his multiplying factors for the various percentages present in the 
different alloys. The authors’ plotted data were dependent on con- 
verting experimental critical cooling velocity values into correspond- 
ing ideal diameter figures. All these data relate to A.S.T.M. grain 
size No. 5. 

Again we may emphasize that the agreement obtained in the 
shallow hardening nickel steels is very good. Grossmann has found 
the ideal diameter to increase linearly with alloy additions for all 
the elements considered in this paper whereas the authors find 
that the potency per unit amount (except for nickel) decreases 
rapidly with additions above about 0.2 per cent. This tendency is 
particularly noticeable for the behavior of manganese and aluminum, 
The data for aluminum have been omitted from the figure since they 
lie so close to those for manganese. 

The curves for chromium exhibit considerable contrast. In 
the lower percentages the hardening effect of this element has been 
shown to provide a greater effect than was indicated by Grossmann 
but instead of persisting to the higher contents the authors find that 
the effects of additions beyond about 0.2 per cent have no greater 
further hardening effect than have the other elements listed. 

In general it may be concluded from this analytical treatment 
that the multiplying factor method of analysis appears to slightly 
undervaluate the hardening effect in low percentages, and rather 
considerably overevaluate in the higher precentages, the harden- 
ability effects of the more potent alloys. 

It will be of interest to note how this generalization is not 
markedly modified in the second analytical treatment which follows 
immediately. 


Analytical Treatment II 


A possible weakness in the sequence of argument developed in 
Analytical Treatment I is dependent on the uncertainty of the relation 
between ideal bar diameter and Jominy distance as expressed in 
Fig. 12 particularly for steels of low hardenability. Accordingly 
it is necessary to analyze the problem by use of the following 
argument which makes premises which appear to have sounder 
foundation. 


Asimow, Craig, and Grossmann (12) used a half-temperature 
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time—Jominy distance curve to obtain the curve reproduced as Fig. 12. 
There appears reason to believe that this half-temperature time—Jom- 
inv distance curve, which was obtained by substitution of H values in 
a mathematical derivation of a curve which would best fit experi- 
mental points determined by Jominy, is not very reliable in the 
range of hardenability covered in this investigation. Fortunately 
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cillograph Cooling Curve Traces, and 
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the authors were able to construct a curve on similar co-ordinates 
(Fig. 14) using actual experimental values from the oscillograph 
records for half-temperature time and measured Jominy distances. 

By use of the data in Fig. 14 and the half-temperature time— 
ideal bar diameter relationship published by Asimow, Craig, and 
Grossmann (12), it was possible to construct the ideal diameter— 
Jominy distance curve illustrated in Fig. 15. Thus we have obtained 
a curve D,;—Jominy distance which differs appreciably, in the 
limited range covered in this paper from a similar type plot discussed 
and reproduced as Fig. 12 in the previous analytical treatment. 

It is now possible to proceed with an analysis somewhat similar 
to that presented as Treatment I, using this new D;—Jominy dis- 
tance relationship (Fig. 15) instead of the previously published 
relation indicated in Fig. 12. 


IIA. Correlation Between Results of Grossmann and Digges 
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Using Our Derived D;—Jominy Distance Curve—Again we note 
from Digges’ cooling rate-carbon content curve that 1.1 per cent 
carbon steel has a critical cooling velocity for one half hardening 
of 220 degrees Cent. per second. This cooling rate is attained at a 
distance of 0.08 inch from the quenched end of the Jominy bar. 
Now using our derived D;—Jominy distance curve (Fig. 15) we 
arrive at a D, value for the hardenability index for carbon alone of 
0.5 inch, for grain size No. 4, or 0.48 inch for grain size No. 5. 
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Fig. 15—Relation Between Ideal Bar Diam- 
eter (D1), Found from Grossmann D:1—% Tem- 
perature-Time Curve (12), and Jominy End- 
Quench Distances for Corresponding Half-Tem- 
perature Cooling Rates. 


Similarly for a 0.68 per cent carbon steel, the maximum carbon 
content of the steels employed by Grossmann (10), we find the ideal 
diameter at grain size No. 5 to be 0.43 inch. This approximates 
fairly closely Grossmann’s experimental value of 0.33 inch or the 
D, value for the steel. 

IIB. Correlation of Authors’ Results With Those of Digges 
and Grossmann—Naturally this analysis must relate directly to our 
1.1 per cent carbon steel. From experimental data we find the hard- 
enability depth of this steel was 0.08 inch. The equivalent ideal 
bar diameter (Fig. 15) was 0.50 inch which approximates both 
Digges’ value of 0.48 inch, and Grossmann’s value of 0.42 inch, 


0 








1943 IRON-CARBON ALLOYS 547 


obtained by use of extrapolated data on his D,;’—carbon per cent 
plot. 

From this general analysis the value of D,; for carbon alone, in 
a 1.1 per cent carbon steel of grain size No. 5, has been selected at 
0.45 inch for use in section IID. 

IIC. Deduction of Hardenability for Carbon Alone by use of 
the Grossmann Multiplying Factor—Consider first the analysis for 
the effect of carbon as a hardening agent in the low alloy steels. By 
use of our own D;—Jominy distance curve (Fig. 15) we are now 
able to read off the ideal bar diameters since we have available from 
experimental determinations Jominy distances (Table VI) for the 
various alloy steels. These new Dy, values have also been listed in 
Table VI along with those previously deduced from Fig. 12. After 
correcting by use of the Grossmann factor for alloy content, we 
obtain the D,; values for carbon alone. 

These ideal bar diameters, indicative of the hardening effect of 
1.1 per cent carbon, fall within the range 0.47 to 0.54 inch. The 
excellent agreement with the values of 0.42, 0.48, and 0.50 inches 
obtained from our previous analysis on the pure iron-carbon alloys is 
noteworthy. 

Turning now to a consideration of the pure alloy steels containing 
approximately %4 per cent third element, a similar analysis was pro- 
vided us with the data for the ideal bar diameters of the alloy as 
well as for the D; value dependent on the presence of carbon alone. 
While consistency was obtained for the latter value, in the analysis 
of the low alloy steels, considerable divergence is shown to exist in 
the D,; values for carbon calculated from some of the higher alloys. 
Thus the nickel and chromium alloys still exhibit similar values for 
hardenability, dependent- on carbon alone, to those previously ob- 
tained in sections IIA and IIB. However for the manganese, 
aluminum, or silicon additions giving D,; values of 0.36, 0.18, and 
0.55 respectively, notable deviations are seen. 

IID. Hardenability as a Function of Nature and Amount of 
Alloy Addition—In order to again permit a direct graphical correla- 
tion between the data from the two investigations on hardenability as 
a function of nature and amount of alloy addition we have used the 
value 0.45 inch as the ideal bar diameter for a 1.1 per cent carbon 
steel. 

The curves for each element addition have been drawn by using 
(a) Grossmann’s multiplying factor, and (b) from the authors’ 
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experimental critical cooling velocities expressed in terms of ideal 
bar diameter (Figs. 3 and 15). These curves are given in Fig. 16, 
A comparison of the curves obtained by the two methods 
demonstrates that while the work of Grossmann indicates a linear 
relation between ideal bar diameter and per cent added element the 
results of the present study show the potency per unit element addi- 
tion with respect to hardening decreases with increased amounts. 


Authors’ Results: 





4 Grossrnann’s 
Results: 





loeal Diameter inches 





0 Q) Q2 OS 04 OSs Ob Q7 
Added Elernent, Per Gent 
Fig. 16—Correlation Between Ideal Bar Diameter 
(D1) and Per Cent Added Element in the Pure Hyper- 
eutectoid Steels. The D1 Values Were Obtained (A) by 
Use of the Grossmann Multiplication Factor on a Calcu- 
lated D1 for Carbon Alone of 0.45 Inch, and (B) from 
the Authors’ Critical Cooling Velocity Data Using the 
Relations Expressed in Figs. 3 and 15. 
In all cases we appear to find a greater hardening effect resulting 
from small alloy additions, whereas in general, as these alloy addi- 
tions are augmented, an alloy content is reached above which Gross- 
‘mann finds the effective hardening to be greater than that obtained 
in the present study. 
It may be pointed out that it is fortuitous that good agreement 
is obtained (Table VI) between the D,; value for carbon alone, as 


calculated from the high per cent chromium alloy, and the value 
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considered to be the ideal bar size (0.45 inch) from consideration 
of the pure iron-carbon alloys. Clearly it is dependent on the 
incidental fact that the D;—per cent element curves for chromium 
(Fig. 16) intersect, and hence have a common point, on the plot at 
0.46 per cent chromium, the particular analysis investigated. 

As a result of the two analytical treatments presented on the 
effect of carbon and third element additions as hardening agents it is 
evident that the evaluation of the hardenability role of carbon, per 
se, in terms of ideal bar diameter, is dependent on assumptions of 
correctness of derived values. When employing the derived Jominy 
distance—ideal bar diameter curve of Asimow, Craig, and Gross- 
mann we arrive at a D, for the hypereutectoid steel of about 1 
inch, whereas when the ideal diameter-distance ratio is based on 
derived values from the oscillograph traces the hardenability for 
carbon alone is expressed as Dy, equals 0.45 inch. 

It appears in general that the multiplying factor method of 
analysis, slightly underevaluates the hardening effects in the lower 
percentage addition of an added third element and rather over- 
evaluates the hardenability in the higher percentages. This conclu- 
sion is dependent on the experimental observation that hardenability 
is not strictly a linear function of amount of added alement. 

The senior author has pleasure in acknowledging the helpful 
assistance given by his post graduate students in Metallurgy, and 
desires to mention particularly the aid received from M. M. Lipnick 
and J. R. Doig in assembling the paper. 
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DISCUSSION 


Written Discussion: By M. A. Grossmann, director of research, Carnegie- 
Illinois Steel Corp., Chicago. 

The writer would like to present his compliments to the authors on this 
paper, in which thoughtfulness and careful technique are so evident. At the 
same time, since in two items they differ to some extent with certain conclusions 
set forth in papers with which the writer has been associated, we should like 
to point out that we agree with the present authors in one of these conclusions 
but differ with them on the other. 

The first item has to do with our earlier curve of Jominy Distance versus 
Ideal Diameter D:, reproduced as Fig. 12 of the present paper. The authors 
maintain that, at positions very close to the water-cooled end, our former 
curve is in error, and with this conclusion we agree. However, this is limited 
to the small range in which the authors happened to do their present work, 


, 
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whereas we believe the remaining 90 per cent or more of the original curve 
to be substantially correct, according to the results of many tests carried out 
since that time. It is interesting that the work of the present authors confirms 
the original work of Jominy on this point. Reference to our original article’ 
will show that the curve was set up in the following manner. Cooling times 
were calculated, using formulae and tables for heat flow in solids and adopting 
reasonable values for severity of quench on the water-cooled end and rate of 
cooling in air. It was necessary to assume for purposes of calculation that 
Newton’s law of cooling obtained here and also that the diffusivity was constant 
during the whole period of cooling. Since it is known that neither of these 
assumptions is absolutely valid, it was surprising and comforting to find that 
the theoretically derived curve could be matched over practically the whole of 
its length to the experimental values obtained by Jominy. At the extreme 
water-cooled end, however, reference to the original paper will show that 
Jominy’s experimental value was notably below the derived curve, and experi- 
ments since that time have shown that there is in reality a departure from the 
derived curve in this narrow range. Life is thus full of surprises, for it was 
surprising first to find that a derived curve could be matched to Jominy’s 
experimental points so well, and later it was surprising to find such a departure 
from this curve in the narrow zone close to the water-cooled end. We agree that 
their new curve Fig. 15 is probably very close to the truth in this narrow 
range, and under the assumption of this correctness we are pleased to see 
their approximate agreement with our D; value for 1 per cent carbon steels. 

On the score of the multiplying factors for the effects of elements on hard- 
enability, however, we cannot agree with the authors that the curve of ideal 
diameter versus per cent cf added element departs so radically from a straight 
line as is suggested by their Figs. 13 and 16. Study of the details of their 
experiments leads us to the suspicion that the discrepancy between their results 
and ours may be due to incomplete solution of their carbides at the time of 
quenching. It may be recalled that our thesis of “linearity” (over a certain 
range) required that all elements, and this refers particularly to carbides, be 
in solution in the austenite at the time of quenching. Carbides which are not 
in solution result in lower hardenability, not merely because the hardenability 
effect of the undissolved carbides is thereby lost, but more particularly because 
the undissolved carbides themselves act as nuclei for pearlite to lessen the 
hardenability. Thus it is well known that for plain-carbon steels in the neigh- 
borhood of 1 per cent carbon an increase in carbon may result in a decrease in 
hardenability, when quenched from ordinary quenching temperatures. 

The following evidence, taken from the paper itself, indicates the strong 
possibility that the whole discrepancy lay in incomplete solution of carbides, 
but since we have not seen the test pieces themselves, this discussion is offered 
in the nature of questions addressed to the authors. 

Certain temperatures for carbide solution are summarized in the accompany- 
ing Table A, where the second column quotes the carbon contents of the 20 
heats investigated by the authors. The third column shows the A.m tempera- 
ture for each heat based on the best available summary for iron-carbon alloys 


1Reference 12 of the Authors’ paper. 
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of high purity, which these are. These figures are taken from the Alloys of 
Iron Research Monograph, volume on Alloys of Iron and Carbon, by S. Epstein, 
Engineering Foundation. The fourth column of Table A gives the correspond- 
ing quenching temperatures as judged from the paper, for the five alloys for 
which precise data are given, as follows. On page 535 it is stated that the 
“samples were heated (for quenching) to the necessary temperature required to 
produce a 5 grain size’. Turning therefore to their Fig. 5 it is possible to 
read off for five of the steels the temperature which produced No. 5 grain 
size, and these are the figures listed in the fourth column of this Table A. 
It will be noted that the plain-carbon, the aluminum and the manganese steel 
were apparently hardened from temperatures well below the A-m point, namely 
25 to 43 degrees Cent. (45 to 75 degrees Fahr.) below the temperature of 
complete carbide solution. If the other statement on page 535 is valid, namely 
that the highest quenching treatment was 900 degrees Cent. (1650 degrees 
Fahr.), then the remaining two alloys had an even narrower margin of safety 
than shown. 

Furthermore it is stated on page 533 that with “temperatures used to obtain 
grain size finer than 4 or 5 in the manganese, aluminum and chromium steels, 
evidences of undissolved carbides were clearly noted,” and it is to be noted 
that according to Table A two of these steels (namely the manganese and 
aluminum steels) were quenched from well below the Acm point. Perhaps this 
is a matter of interpretation of the statement at the bottom of page 532 that 
“all alloys were examined after quenching to determine if any significant 
amount of free carbide was present.” It is our belief that any carbide what- 
soever would be significant. Would the authors care to say how they exam- 
ined for carbides? In our experience, in such a sensitive situation, it is nec- 
essary not only to etch with nital to see readily visible carbides but also to 
use for example the electrolytic chromic acid etch developed by Baeyertz’ to 
find traces of incomplete solution. 

We may now refer to an entirely different set of data, again taken from 
the paper, which likewise indicate the possibility of incomplete solution of 
carbides. It is stated on page 536, and illustrated in Fig. 8, that “the relation 
between critical cooling velocity and austenitic grain size seems to be almost 
linear in every case.” This is contrary to the theoretical studies of Mehl” 
and our own experimental results,‘ which indicate a linear relationship not 
with cooling velocity but with its reciprocal, namely cooling time, when car- 
bides are all in solution. Mehl in his analysis of hardenability derives for- 
mulae for the effect of grain size on rate of decomposition of austenite to 
pearlite. His formulae may be used to derive the time needed for the formation 
of 50 per cent pearlite, for any grain size. These values may then be plotted 
on semi-logarithmic co-ordinate paper, in which the grain size is plotted as the 
linear co-ordinate against time on the logarithmic scale. If the data are plot- 
ted in this manner, the plot of grain size versus decomposition time is a straight 


2M. Baeyertz, ““The Use of Crease Acid in Electrolytic aaeas of Iron and Steel,” 
Transactions, American Society for Metals, Vol. 25, 1937, p. 1185. 


8R. F. Mehl, *‘The Physics of Hardenability,’”’ The readies of Alloy Steels, pub- 
lished by the American Society for Metals, 1939, p. 1. 


4Grossmann and Stephenson, “‘Effect of Grain Size on Hardenability,” Transactions, 
American Society for Metals, Vol. 29, 1941, p. 1 
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line, and furthermore steels of different hardenabilities (different rates of 
pearlite growth G) form a series of parallel straight lines, on such semi- 
logarithmic paper. In the case of our tests for hardenability versus grain size. 
it is true that the subcritical decomposition of the austenite takes place over 
a range of temperatures, instead of at constant subcritical temperature as in 
Mehl’s analysis; nevertheless the results showed a series of substantially paral- 
lel lines on this semi-logarithmic chart. The data which we found which 
departed from parallelism in our chart will be shown to be significant in the 
present connection. 

Attention should be directed to the fact that Mehl’s analysis regarding 
the effect of grain size is based on the premise, usually valid, that nucleation 
takes place at grain boundaries alone. This rules out the condition where 
other nuclei are present, such as undissolved carbides, for clearly if nuclea- 
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tion takes place at points other than the grain boundaries, the effect of grain 
size on hardenability becomes almost meaningless. The lines which departed 
from the general parallelism on our chart for commercial steels were those 
which were slightly hypereutectoid, where undissolved carbides were almost 
surely present; the departure being in the direction that would be predicted, 
namely the finer grain sizes resulting from lower quenching temperatures 
were accompanied by abnormally low hardenabilities, as would be expected 
from the probable greater amount of undissolved carbide at these low quench- 
ing temperatures. 

Attention is directed to the accompanying chart Fig. A. The background 
lines in this chart were prepared as follows. If the relation between grain 





554 TRANSACTIONS OF THE A. S. M. September 


size and cooling-time results in a series of parallel straight lines when plot- 
ted semi-logarithmically, then it is a simple arithmetical fact, as~ explained 
elsewhere,’ that we also obtain a series of parallel straight lines on semi- 
logarithmic paper if we plot grain size against ideal diameter D;. We do not 
by any means say that the slope of these lines is precisely as shown, but 
many tests on the hardening of a variety of steels indicate that different grain 
sizes on different steels produce a series of parallel straight lines about as 
shown, and we feel strongly supported in this matter by the analysis of Mehl 
which indicates that this should happen. 

We have therefore taken the data of Fig. 8 of the authors’ paper, and by 
the use of their Figs. 3 and 15 have converted their figures for cooling velocity 
to corresponding values for D:. If these values of D; are now plotted against 
the stated grain size of their Fig. 8, using the same symbols as in Fig. 8, we 
find the condition depicted in the accompanying Fig. A. It is interesting that 
the general slope derived from the authors’ data is quite in harmony with 
the slopes which we have found on the steels as shown by the background of 
the chart. Much more significant for the present argument, however, is the 
fact that the points indicate curvature to the right at the bottom of the curves. 
It will be observed that those lower points are the points of much larger 
grain size, for which higher quenching temperatures were employed, thus indi- 
cating that in these cases the carbides were more nearly completely dissolved, 
with greater hardenability corresponding to curvature to the right. The curves 
therefore suggest that the abnormally low hardenability in the finer grain sizes 
was due not only to the finer grain size but more particularly to the nucleat- 
ing effect of undissolved carbides. This would correspond with the circum- 
stance mentioned previously, namely that in our own plotting of data the 
lines which departed from parallelism were in the main the hypereutectoid 
steels which with some treatments undoubtedly had undissolved carbides. 

To summarize, then, it appears to this writer that the hardenability effects 
for alloys as derived by the authors, and shown in their Figs. 13 and 16, 
differ from those of the writer because of incomplete carbide solution. Their 
Fig. 16, therefore, while of course reporting the behavior under the unique 
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conditions of their own test, would seem to offer no possibility of translation 
to any other set of conditions. As to the writer’s thesis of approximate 
linearity, it was pointed out, to quote our original article, that this was valid 
“provided the composition and heating temperatures for hardening are such 
as to result in austenite free from carbide particles.” 

Would the authors care to comment on these matters? 


Oral Discussion 


ArtHurR E. Focxe:* This paper deserves our serious consideration and we 
regret that we did not take the time to study it properly so that these com- 
ments could be presented in written form. 

We are particularly interested in the cooling curve for the sub-standard 
specimens. Much of the steel we receive is less than one inch round but its 
hardenability is important. Therefore, we have had to choose between run- 
ning “shell” tests, which are somewhat of a nuisance, or depend upon correlating 
the cooling rates of the sub-standard piece with those of the standard bar. 

If the data from the authors’ curve in Fig. 3 are compared with those 
from Jominy’s published cooling rate-distance from water-quenched end curves 
for the standard bar, it is clear that, as is to be expected, the rates are essen- 
tially identical at the water-quenched end but the difference becomes signifi- 
cant when the distance from this end is greater than % inch. 

In our laboratory we do not have the special equipment required for the 
accurate determination of these cooling rates and we have had to depend upon 
rates determined from correlations based on the comparison of hardenability 
data taken from several sub-standard test bars of various sizes with those 
obtained on standard bars when all were prepared from the same original bar. 

We feel that if Dr. Austin could take time to determine the cooling rate- 
distance from water-quenched end curves for several sizes between the %-inch 
round described in this paper and the standard, the data would be very useful. 


Authors’ Reply 


The authors are particularly indebted to Dr. Grossmann for the very care- 
ful and constructive analysis he has made of the data submitted in this paper. 
The investigation was initiated some three or four years ago but since Dr. 
Grossmann’s work was published just prior to completion of the present method 
of analysis of hardenability, it was considered desirable to attempt to correlate 
the researches and to include this correlation in the paper. 

As is clearly pointed out in the discussion, two items appear in which there 
arises a difference in conclusions arrived at. The first relates to the Jominy 
Distance-Ideal Diameter relation at positions close to the water-cooled end. 
Dr. Grossmann graciously accepts our findings on this relationship although we 
do not consider it as providing a real divergence from his own work since he 
was not concerned experimentally with the limited degree of hardening found 
in this region. 

The second item, relating to the use of the multiplying factors as an index 
of hardenability, is one of much greater import, and the suggestions for pos- 


*Research metallurgist, DiamSnd Chain and Manufacturing Co., Indianapolis. 
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sible error in the deductions of the present authors have received very careful 
consideration. They will be analyzed in the order presented in the discussion. 

It must be admitted that undissolved carbides will increase the critical 
cooling velocity more by their nucleating effect on pearlite formation than on 
any loss of hardenability from decrease in total element in solution, The impor- 
tance of the presence of undissolved carbides has however been pointed out in 
the paper although perhaps the authors were unwise in including a few data 
in the figures obtained from samples where evidence of some undissolved car- 
bides could be discerned. 

The relation between the A-m temperatures, and minimum prequench anneal 
to effect complete carbide solution, is at once evident and the Acm tempera- 
ture of the pure iron carbon third element alloys were determined by Harper’ 
in the senior author’s laboratory in 1939 by use of dilation curves, in conjunc- 
tion with metallographic analyses. While these data served as a guide the 
authors made constant check, by microscopic examination, of the adequacy of 
anneal on complete carbide solution prior to quench. 

Consider first the steels containing approximately 0.5 per cent added ele- 
ment which we illustrated in Fig. 8. Dr. Grossmann’s reference to our data 
where he quotes from page 19 is not justified because these data relate only to 
the alloys with Jow amount of third element addition and he has used them 
in conjunction with Fig. 5 which has been drawn to indicate the general 
behavior of approximately 0.5 per cent addition alloys. Furthermore, Fig. 5 
shows the largest grain size which we could obtain on heating for extended 
times at the temperature indicated on the chart. As can be noted from Table 
IV, a given grain size, obtained by such extended heating at tempera- 
ture, can also be obtained by holding for a shorter period of time at a higher 
temperature. Thus austenitic grain size number 3-4 can be obtained in the 0.46 
per cent chromium steel by annealing for 2 hours at 950 degrees Cent. (1740 
degrees Fahr.), whereas with 20 minutes at 1000 degrees Cent. (1830 degrees 
Fahr.) the slightly finer grain No. 4 resulted. From this it may be concluded 
that the authors did not use annealing temperatures indicated in Fig. 5 for 
producing any given grain size, but rather the highest possible annealing tem- 
perature listed in Table IV which would result in the required grain size. 

All the specimens used to furnish data for the plot in Fig. 8 have been 
re-examined with more careful attention to polishing and ‘etching technique 
under a maximum magnification of 2000 diameters. In some instances minute 
carbides have been discerned where it was previously thought that complete 
solution had been effected. 

In the following table we have listed the finest grain size on which criti- 
cal cooling velocity data were obtained where complete absence of carbide 
seemed certain, along with the quenching temperature used to produce that 
grain size. For coarser grain sizes used on the chart (Fig. 8) higher pre- 
annealing temperatures were used and consequently complete carbon solution 
can be assumed. 


Now as regards the critical cooling velocities found with the finer grained | 


7A. C. Harper, Jr., ““A Study on Dilatometric Effects of Additions of Third Elements 


to a Pure Iron Carbon Alloy’, Unpublished Research, Department of Metallurgy, The Penn 
sylvania State College, 1939. 
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Acm Quenching 
Epstein Temperature A.S.T.M. 

Steel Degrees Cent. Degrees Cent. Grain Size 
Pure 

Iron-Carbon 868 880 
Per Cent 

0.53 Ni 848 880 

0.48 Si 895 950 

0.37 Al 890 1000 

0.35 Cu 900 900 

0.30 Mn 890 900 

0.46 Cr 900 1000 
Table A. Finest Austenitic Grain Size on which Critical Cooling Velocity Data were 

obtained and where Complete Absence of Carbides seemed certain. 


steels (except 0.53 per cent Ni G.S. 8, carbide free) limited distribution of fine 
carbides could be detected, and it may be assumed that complete solution 
would have tended to decrease slightly the critical cooling velocity, and cause 
a bending down of the linear velocity—A.S.T.M. grain size relationship, at 
the left of the diagram (Fig. 8). However, this lower critical cooling 
velocity represents a greater ideal critical bar diameter. This latter fact will 
be mentioned later when considering Dr. Grossmann’s Fig. A. 

The important fact following from the above presentation of checked 
experimental findings is that either with limited extrapolation, or even without 
extrapolation, it is possible to read the true critical cooling velocity of any 
of the steels studied, and containing approximately 0.5 per cent third added 
element, for A.S.T.M. grain size 5. 

We must now direct- brief attention to the low alloy content steels 
considered in Fig. 9. In the following table we have compiled the list of 
quenching temperatures used to obtain grain size 5, prior to study of critical 
cooling velocity by use of the direct oscillograph method. 


Aecm ' Quenching A.S.T.M. ' Microscoppic 
Alloy Epstein Temperature Grain Size Examination 
877 880 
873 900 
890 870 
862 900 
915 870 
862 900 
895 900 
.04 } 890 880 free of carbides 
0.24 Mn 873 850 : some coarser carbides 
Table B. Indicating Quenching Temperatures used to Obtain an A.S.T.M. Grain Size 
5, with Results of Microscopic Examination. 


Note: Data for low addition Cr alloys were obtained by the same method as was used 
for the 0.5 per cent alloys. 


free of carbides 
free of carbides 
free of carbides 
free of carbides 
free of carbides 
free of carbides 
some fine carbides 


AwWoOUmnwuwddvt 


It will be noted that the quenching temperature usually approximates 
that listed from Epstein’s work, and that most of the samples were carbide 
free as indicated by metallographic examination. However, the elimination 
of any possible free carbides in these low alloy content steels would tend to 
increase the curvature of the traces drawn in Fig. 9. This would magnify, 
although no doubt very slightly, the deviation noted between curves of Dr. 
Grossmann and those of the present authors for the Ideal Diameter—Per cent 
Added Element, shown in Fig. 16. 

Incidentally, while the authors fully appreciate previous researches on 
nucleating effects of free carbides it must be stated that our observations 
indicated suprisingly limited nucleation resulting from limited amounts of 
undissolved carbides. Austenitic grain surface appeared to have served 
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almost entirely as the region of austenite decomposition. 

Finally some thought must be given to the data incorporated in Fig, A 
where a relation between grain size and ideal critical diameter is presented. 
The discusser has clearly demonstrated how this chart has been prepared 
from Fig. 8 by use of Figs. 3 and 15. 

First, however, we might comment briefly on the reference to his own 
experimental results (4) which were prompted by our statement on page 536 
and illustrated in Fig. 8 that “the relation between critical cooling velocity 
and austenitic grain size seems to be almost linear in évery case”. Dr. 
Grossmann then adds that theoretical studies of Mehl (3) and his own ex- 
perimental results (4) “indicate a linear relationship (between grain size) 
jie alia and cooling time”, and yet on plotting Mehl’s data he has shown 
a definite deviation from linearity in the curves drawn (Ref. 4, Fig. 4). 
Also in results plotted from his own data (Ref. 4, Fig. 1) he has drawn 
straight lines representing the relation between A.S.T.M. grain size and 
cooling time, yet where the points are not congested a marked curvature of 
the trace obviously more closely describes the relation. In a latter diagram 
a plot is presented (Ref. 4, Fig. 5) to demonstrate a linear relationship 
between A.S.T.M. grain size and logarithm cooling time. 

Perhaps the authors interpret incorrectly these figures but it does not 
seem rational to prove that both cooling time and logarithm cooling time 
are directly proportional to grain size. For this reason the present authors 
feel that it is unwise to place too much emphasis on the “slopes as shown 
by the background of the chart” (Fig. A). 

Now as regards the curved relation found in the work of the present 
authors when the data are plotted in the form used in Fig. A. It is agreed 
that “abnormally low hardenability in the finer grain sizes’ would result 
from incomplete carbide solution and that it has been admitted that some 
few undissolved carbides were noted in the finer grain sizes where low 
preheat treating temperatures were employed. However, any treatment 
toward more complete carbide solution would surely tend to displace the 
experimental points, in these finer grained regions, away from the ordinate 
of the graph and thus increase the degree of curvature of the grain size- 
ideal diameter traces. It is difficult to believe that any error dependent on 
incomplete carbide solution arises in the location of the experimental points 
obtained for coarser grain size where the heating prior to quenching was 
effected at relatively high temperatures. 

Like other students of this subject the authors have the highest regard 
for the work of Dr. Grossmann and our purpose has been merely to point 
out the discrepancies between the results obtained from an analysis of his 
experimental work on commercial steels and those of the present writers 
on so-called pure iron binary third element alloys. Again we thank Dr. 
Grossmann for his kind attention to our investigation. 

We welcome the comments of Dr. Focke for we have had much pleasure 
in recently reviewing his most excellent analysis of the present status of 
hardenability studies.° If and when opportunity permits we propose to 
undertake the correlations suggested. Pressure of other work however does 
not permit this analysis to be made at the present time. 


8A. E. Focke, “Hardenability of Steel’, Iron Age, August 20, 27; September 3, 1942. 





FATIGUE STRENGTH OF NORMALIZED AND TEMPERED 
VERSUS AS-FORGED FULL SIZE RAILROAD CAR AXLES 


By O. J. Horcer anp T. V. BUCKWALTER 


Abstract 


Rotating cantilever fatigue tests were made on 48 full 
size railroad car axles to determine the fatigue strength 
of the axle wheel seat on which a wheel is pressed-on. 
Plain carbon steel of 0.39 to 0.53 per cent carbon content 
in both the as-forged and normalized and tempered con- 
dition was investigated. 

Conclusions are that as-forged axles had 1 greater 
fatigue resistance in the wheel seat to the initiation of 
fatigue cracks than normalized and tempered axles of 
practically same carbon content. Also of two groups of 
as-forged axles the one having about 10 points higher 
carbon showed 1 greater fatigue resistance in the wheel 
seat to the initiation of fatigue cracks than the lower car- 
bon content axles. 


HESE fatigue tests on full size axles were made by the Associa- 

tion of American Railroads (1)* under the direction of an 
A.A.R. committee, assisted by the technical committee of the Asso- 
ciation of American Steel Manufacturers. This work is under the 
supervision of a chairman, W. I. Cantley, mechanical engineer for 
the A.A.R., and the fatigue tests were made at Canton, Ohio. 

The object of the investigation reported here was to determine 
the fatigue resistance of full size railroad car axles for material in 
the (a) as-forged and (b) normalized and tempered conditions. 
These fatigue tests applied particularly to the wheel seat portion of 
the axle on which the wheel was pressed-on. The weakening effect 
on the fatigue strength of shafts due to fitted members stich as 
wheels, gears, etc., has been much investigated and reported in the 
literature on small specimens (2), (3), (4). Briefly the detrimental 
influence of fitted members results from a combination of (a) stress 
concentration from the shape effect of the fitted assembly and (b) 


*The figures appearing in parentheses refer to the bibliography appended to this paper. 


A paper presented before the Twenty-fourth Annual Convention of the So- 
ciety held in Cleveland, October 12 to 16, 1942. Of the authors, O. J. Horger 
is in charge of railway engineering and research, and T. V. Buckwalter is vice- 


president, Timken Roller Bearing Company, Canton, Ohio. Manuscript received 
July 15, 1942. 
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Table I 
c———M- 101-41 Grade A——_., M-101-41 Grade C 
i (As- Forged) ———_, (Norm. & Temp.) 
Heat Number 55375 84456 86385 40102 83006 
Cuemicat Composition: (a) 
Carbon, per cent 0.39-0.43 0.48-0.51 0.51-0.52 0.525-0.535 0.52-0.53 
Manganese, per cent 0.54 0.57 0.60 0.90 0.79 
Phosphorus, per cent 0.016 0.014 0.023 0.018 0.019 
Sulphur, per cent 0.028 0.027 0.024 0.028 0.023 
Silicon, per cent 0.22 0.24 0.20 0.25 0.26 
PuHyYsIcaL Properties: (b) 
Yield Strength, psi., (c) min. 36,000 44,500 52,100 52,500 51,500 
ave. 42,300 52,800 57,700 57,100 52,000 
max. 48,000 58,000 65,000 61,000 53,000 
Tensile Strength, psi., min. 79,800 90,500 104,500 101,000 89,500 
ave. 82,700 95,400 105,800 102,200 90,000 
max. 84,500 98,000 107,000 103,500 90,500 
Reduction of Area, %, min. 41.9 31.8 24.8 23.0 50.0 
ave. 44.6 34.4 27.1 41.9 52.0 
max. 46.6 39.1 29.1 45.5 54.0 
Elongation in 2”, %, min. 26.0 17.5 16.0 17.0 27.0 
ave. 27.5 22.0 16.7 22.9 29.0 
‘ max. 30.0 24.0 18.0 26.0 30.0 
Brinell Hardness, min. 156 179 207 187 179 
ave. 162 189 209 198 179 
max. 167 197 212 207 179 
Izod Impact, ft.-lbs., min. 11.0 7.0 4 9.0 19.0 
ave. 15.7 10.1 7.9 16.2 22.0 
max. 24.0 15.0 12 21.5 25.0 
No. of Axles Examined 11 7 3 10 3 


_ (a) All values obtained from random bloom check except carbon content was deter. 
mined from turnings taken from axle wheel seat. 


(b) Tests made on 0.505-inch diameter specimens taken from outermost diameter of 
wheel seat. 


(c) Determined by “drop of* beam’ method. 





rubbing or fretting corrosion between the fitted members (5). The 
tests reported here were made on 73-inch diameter axles and are 
unlike similar tests reported in the literature on small specimens in 
that these test axles represented conditions of manufacture, shape, 
size, and material as used in railroad service. The members tested 
could be used in actual service, if necessary, as no conditions were 
changed. 


MATERIAL SPECIFICATION 


Two ranges of carbon content were investigated from three dif- 
ferent heats of steel representing as-forged material to A.A.R. 
Specification (6) M-101-41 Grade A, as shown in Table I. Axles 
from two heats of normalized and tempered material were tested to 
M-101-41 Grade C specification (6) representing the same carbon 
content but of different manganese values as shown in Table I. 

Carbon analysis and physical properties were determined from 
the outermost diameter of each axle wheel seat because fatigue 
failure occurs at the surface c* the wheel seat. Therefore the mate- 





1943 STRENGTH OF CAR AXLES 561 


rial properties at this position are of particular interest in connection 
with fatigue values obtained for these axles. Residual alloy content 
was nil or very small and analysis was also made for properties at 
one-half the radius of the section of the axle but these values were 
normal and are not given here. 


Mitt PROCEDURE 


All axles were of basic open hearth practice and the melting, 
rolling, forging, heat treating, and rough machining were done by one 
manufacturer. A brief summary of mill procedure is given in Table 
II. The inverted hot top ingots were bloomed in a 44-inch two-high 
electrically driven reversing mill in about 16 passes. Blooms were 


Table Il 
————M-101-41 Grade A, M-101-41 Grade C 
———(Ass- Forged ) ———__, (Norm. & Temp.) 
Heat No. 55375 84456 86385 40102 83006 
Total Furnace Charge 
Scrap and hot metal, Ibs. 309,600 368,900 390,400 291,000 385,400 
Ladle Addition, Al, Ibs. 30 40 40 30 40 
Ingot Size 26” x 31” 22%”x22K%” 26”x 31” 34” x 34” 22° = 23” 
Ingot Wt., Ibs. 13,226 9,200 14,876 22,335 
No. of Axles per Ingot 8 6 6 14 6 
Bloom Size 10” x 10” 10” x 10” 914”x9%” 10”x 10” 10” x 10” 
Forging Temp. °F. 
Start 1820-1920 1844-1953 1950-1980 1665-1915 1780-1825 


Finish 1765-1830 1722-1818 1780-1835 1575-1800 1645-1700 





then rolled into 8y5;-inch diameter rounds and forged to 8;%;-inch di- 
ameter at the wheel seat in 7500-pound hammers under temperature 
conditions indicated in Table II. Axles were hot straightened in a 
gag press or under the hammer. 

Identification marking was placed on the end of each axle so 
that the first number represents the ingot number, the letter repre- 
sents the position of the bloom in the ingot, and the second number 
represents the position of the axle in the bloom, “1” being the first 
axle and “2” being the second axle. All these positions are relative 
to the top of the ingot. 


HEAT TREATMENT 


Axles from heats numbers 55375, 84456, and 86385 to specifica- 
tion M-101-41 Grade A were given no heat treatment after forging. 
Axles were slow cooled in brick lined pits from only heat 55375 
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while axles from the other two heats were left to cool in still air 
after forging. 

Axles from heats numbers 83006 and 40102 were both given a 
normalizing and tempering treatment as follows: 


HEAT NUMBER 83006 HEAT NUMBER 40102 

1. Heated to 1600 to 1635 degrees 1. Heated to 1615 degrees Fahr. in 
Fahr. in 11% hours. Soaked at 12 to 15 hours. Soaked at this 
this temperature for 3 hours. temperature for 3 hours. Cooled 
Cooled in air 3 hours and re- in air 3 hours and recharged. 
charged. 2. Heated to 1000 degrees Fahr. in 

2. Heated to 1425 to 1450 degrees 14 to 8 hours. Soaked at this tem- 
Fahr. in 10% hours. Soaked at perature for 8 hours and cooled 
this temperature for 5 hours. Air in furnace to 300 degrees Fahr. 
cooled for 2 hours and recharged. 3. Heated to 1040 degrees Fahr. in 

3. Heated to 1125 to 1150 degrees 10 hours. Soaked at this tem- 
Fahr. in 7% hours. Soaked for perature for 8 hours and cooled 
8 hours and cooled in furnace to in furnace to 300 degrees Fahr. 


300 degrees Fahr. 
In addition, axles from heat number 40102 were slow cooled in brick 


lined pits after forging, but this was not done with axles from heat 
number 83006. 


SPECIMENS TESTED 


Size and shape of axles used in these fatigue tests are shown in 
Figs. 1 and 11. Axles were machined all over by the manufacturer, 
being rough-machined on the wheel seat and finish machined in the 
body portion between the wheels. The wheel seat portion of the 
axle under test was rough machined from a forging diameter of 875 
inches to about 7% inches in one cut using a feed per revolution of 
¥Y4 inch and axle revolutions per minute of 16. The wheel seat was 
finished machined by the testing laboratory to obtain a surface finish 
on each axle similar to that produced in Fig. 10. 

A disk simulating a wheel is press-fitted on one end of the axle 
as indicated in Figs. 1 and 11. The fit allowance is approximately 
0.001 inch per inch of axle diameter. The disk material was in ac- 
cordance with A.A.R. Specification M-107-36 for Multiple Wear 
Wrought Steel Wheels (6). Scleroscope hardness of these wheels 
was 35 to 37 as measured on the end of the hub face. The disk also 
serves as a means of attaching the axle to the testing machine and 
the test load, P, is applied at the opposite end of the axle. 


Test MACHINES 


Fatigue machines used to test these axles are of the cantilever 
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Fig. 1—Axle and Wheel Assembly Ready for Fatigue Test. 
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Fig. 3—Axle No. 3-C-2 Showing Fatigue Cracks Under Wheel Fit Portion. 


type shown in Fig. 2 and described elsewhere (7). Briefly, the ma- 
chine is symmetrical so that two axles may be tested simultaneously 
at the same or different bending stresses, one test axle being located 
at each end of the machine. Constant vertical spring load is applied 
through knife edge at the journal end of the axle opposite the axle 
end on which the wheel is mounted. The test axles are rotated 
1450 to 1500 revolutions per minute. 

Bending stress values given throughout this paper are calculated 
with reference to Fig. 11 by the elementary beam formula: 


PL 
Z 
where S = stress at outer fibre of axle wheel seat 
at inside hub face of wheel 
P = load on end of test axle 


L = length of lever arm 
Z = section modulus of wheel seat 
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Fig. 4—Axle No. 2-F:2 Broken Off in Wheel Seat. 
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Fig. 5—Macrostructure of Normalized and Tempered Axle No. 2-F-2. Etched in 50 
Per Cent HCl for 45 Minutes, Then Dipped in 20 Per cent HNOs, and Rinsed With 
Water. X 0.8. (Section Cut Out for Micro Examination.) 


The endurance limits are based on 85 million revolutions although 
some tests were made for a duration of 170 million revolutions. 


RESULTS OF FATIGUE TESTS 


A total of 48 axles was tested in fatigue and a tabulation show- 
ing a comparison of fatigue life of the various axles at different 
bending stresses is given in Table III. 

Typical failure of an axle in the wheel fit is shown in Fig. 3 for 
the case of where the wheel was pressed off after the completion of 
the fatigue test and magnaflux examination disclosed a circumfer- 
ential fatigue crack. This crack was found to be a maximum depth 
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Table Ill 
bo a a 
CP 
Bima 
a oy g -—— As-Forged (M-101-41 Grade A) ——, -—North. & Temp. (M-101-41 Grade C)— 
2a fe, Axle Rey. in Axle Rev. in 
< ™ Number Millions Results of Test Number Millions Results of Test 
11-B-2 1.753 Broke in body; 
19, 000 Cracked in Wheel Fit 
( fe” Gere), 
9-C-2* 8.13 Broke in Wheel Fit 
11-A-2 10.90 Broke in Wheel Fit 1-B-2 2.68 Broke in body; 
cemet in Wheel Fit 
4-C-1 . 1.485 Broke in bod . 1-E-1* 2.96 Broke in “BW heel Fit 
17,000 Cracked in Wheel Fit 
(sy” Cre), 
3-B-2* 7.45 or. in heel Fit 
4-B-1* 16.45 Broke in Wheel Fit 
8-B-1 40.29 Broke in Wheel Fit 2-B-1* 22.06 Broke in Wheel Fit 
8-A-1 70.65 Broke in Wheel Fit 1-E-2 8.06 Broke in Wheel Fit 
3-C-1 3.375 Broke in body; 1-C-2* 13.4 Broke in Wheel Fit 
15, 000 Not Cracked in Wh. Fit 
3-C-2* 84.3 Cracked in Wheel Fit 
ae” rn), 
3-D-2* 89.4 racked in Wheel Fit 
(.100” deep) 
10-C-2 84.25 a in Wheel Fit 8-C-1 10.88 Broke in Wheel Fit 
” ee ) 
10-A-1 84.3 aes in Wheel Fit 9-C-2 11.17. Broke in Wheel Fit 
C35” 
4-B-1 170.5 Not Cracked i in Wh. Fit 2-F-2 6.25 Broke in Wheel Fit 
3-B-1 171.5 Cracked in Wheel Fit 2-E-2 7.39 Broke in Wheel Fit 
( da” deep) 
13,500 2-C-1 87.9 ead Cra ve in Wh. Fit 
4-D-2 3.98 Broke in body; 
Cracked in Wheel Fit e 
(.023” deep Ph 
4-D-1* 89.0 Cracked in eel Fit 
(.045” deep P., 
1-D-1* 10.95 Cracked in Wheel Fit 
(.012” deep) 
8-A-2 84.3 Not Cracked in Wh. Fit 8-C-2 16.05 Broke in Wheel Fit _ 
18-F-1 171.7 Not Cracked in Wh. Fit 2-E-1 86.55 Not Cracked in Wh. Fit 
24-B-1 152.5 Not Cracked in Wh. Fit 2-G-2 29.0 Broke in Wheel Fit 
12,000 1-D-2 84.98 oe in Wheel Fit 1-G-2 16.08 Broke in Wheel Fit 
; ” deep 
2-D-2 85.6 racked in eel Fit 
(.055” deep) 
4-C-2 93.4 Not Cracked 9-C-1 169.9 Not Cracked in Wh. Fit 
1-C-2 85.7 Not Cracked 1-G-1 88.0 Net Cracked in Wh. Fit 
10,500 2-C-2 86.8 Not Cracked in Wh. Fit 2-F-1 63.23 Broke in Wheel Fit 
3-B-1 84.7 Cracked in Wheel Fit 
(.050” deep) 
avas Spe ere eee 1-D-1* 87.1 Not Cracked 
9, ow | ieee wihieeocs, 7) heen 2-D-2 85.4 Not Cracked 
Webs eda SR ate ete 2-C-1 89.0 Not Cracked 
ee eee 1 -C- 1 93.8 Not Cracked 


15 axle body was surface rolled to prevent fatigue failure in body. 


eS co 


of 0.122 inch deep after 84.3 million revolutions at a bending stress 
of 15,000 pounds per square inch. Another type of failure is shown 
in Fig. 4 where the axle completely broke off after 6.25 million revo- 
lutions at 13,500 pounds per square inch. 

Typical photomicrographs and photomacrographs of the various 
axle heats are presented in Figs. 5 through 9. These structures are 
representative of many axles found in railroad service. 
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Fig. 6—Microstructure of Longittdinal Sample Taken at Surface of Wheel Seat 
of Normalized and Tempered Axle No. 8-C-1. a X 100 and b X 1000. 


The surface finish of the axle wheel fit, before and after test, in 
the region of the inside hub face of the wheel where axle failure 
takes place is exhibited in Fig. 10. This study illustrates how the 
surface of the wheel seat has the tool marks rubbed down as a 
result of the fretting corrosion occurring in this region. This is a 
location of a band of iron oxide often found upon removal of the 
fitted member. 


DISCUSSION OF FATIGUE RESULTS 


Analysis of all fatigue tests reported in Table III is summarized 
in Table IV. It is clear that the as-forged axles (M-101-41 Grade A) 
definitely have higher fatigue strength values in the wheel fit portion 
than normalized and tempered axles (M-101-41 Grade C). From 
Table IV we may draw the following deductions as to (a) the allow- 
able maximum bending stress in the wheel seat above which fatigue 
cracks will initiate and (b) the propagation of fatigue cracks: 
1. As-forged axles (M-101-41 Grade A) of 0.39 to 0.42 


per cent carbon content range have the same allowable maxi- 
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Fig. 7—Macrostructure of As-Forged Axle No. 3-B-2 Etched in 50 Per Cent HCl 
for 60 Minutes, Then Dipped in 20 Per Cent HNO; and Rinsed in Water. X 0.8. 


mum bending stress as the normalized and tempered axles 
(M-101-41 Grade C), even though the latter axles have 19 per 
cent greater tensile strength and also about 10 points more car- 
bon content than the former. 

2. As-forged axles (M-101-41 Grade A) of 0.49 to 0.52 
per cent carbon content range permit 14 greater allowable maxi- 
mum bending stress than the normalized and tempered axles 
(M-101-41 Grade C), even though the latter axles have greater 
average tensile strength. 

3. Rate of propagation of the fatigue crack is less and/or 
the resistance to overstress is greater with the as-forged (M- 
101-41 Grade A) axles than with the normalized and tempered 
axles (M-101-41 Grade C) as indicated by the larger spread 
between the allowable stress for cracking limit and breaking off 
of the as-forged over the normalized and tempered axles. 
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Figs. 8a and b—Microstructure of Longitudinal Saniples Taken at Sur- 
face of Wheel Seats of As-Forged Axles Having 0.39 to 0.43 Per Cent Car- 
bon Content. xX 100. a—Axle No. 2-C-2. b—Axle No. 4-D-2. 
The findings outlined above regarding as-forged versus nor- 
malized and tempered axles are in contradiction to results anticipated 


when judgment is based upon microstructure and physical properties 
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Figs. 9a and b—Microstructure of Longitudinal Sample Taken at Surface of 
Wheel Seats of As-Forged Axles Having 0.48 to 0.52 Per Cent Carbon Content. 
xX 100. a—Axle No. 10-A-1. b—Axle No. 3-B-1. 


and not upon full size tests as reported here. There is sufficient data 
in the literature to indicate that higher fatigue strength could be 
expected from plain polished fatigue specimens, of the R. R. Moore 
type, machined from the outermost fibers of the wheel seat of 
normalized and tempered axles than would be obtained from the as- 
forged axles. While tests on such plain polished specimens are not 
yet available from the axles investigated here it would appear as 
though such data would lead to wrong conclusions as to the fatigue 
strength of an axle wheel seat and mean little in view of the findings 
developed here on full size axles. 

Another factor which may have a bearing on this comparison 1s 
the presence of residual stresses at the wheel seats of the as-forged 
and normalized and tempered axles. Residual stresses were meas- 
ured by Sachs’ boring-out method (8) and previously reported (9), 
as being 4000 pounds per square inch longitudinal compression and 
3300 pounds per square inch tangential compression at the surface, 
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AFTER FATIGUE TEST 
Fig. 10—Profilograph Record of Axle Wheel Seat in Region of Inside Hub Face 
Showing How Peaks of Tool Marks Are Rubbed Off During Fatigue Test as a Result 


of Fretting Corrosion. Normalized and Tempered Axle No. 1-C-2. Magnification: 
Vertical < 250, Horizontal x 30. 


for the as-forged low carbon content axles while for the normalized 
and tempered axles these residual stresses were found to be nil. In 
view of the low values ascertained for residual stresses it may be 
inferred that they would not likely be responsible for the higher 
fatigue strength of the as-forged over the normalized and tempered 
axles. 

Still another factor which may be considered as contributing to 
the more favorable fatigue comparison of the wheel fit portion of the 
as-forged over normalized and tempered axles may be the distribu- 
tion of ferrite and pearlite. The photomicrographs in Figs. 6, 8, 
and 9 present a comparison of microstructures. No additional ex- 
planation can be added at this time as to why the normalized and 
tempered structure in Fig. 6, which would be chosen by most if not 
all parties responsible for selection of material, would give the lower 
fatigue values than such structures as found for as-forged axles in 
Figs. 8 and 9. 

Something can also be said about the influence of carbon con- 
tent on the fatigue strength of the wheel seat of as-forged axles 
(M-101-41 Grade A) since this investigation included: 


(a) 16 axles having 0.39 to 0.42 per cent carbon content 
and 0.54 per cent manganese. 
(b) 12 axles having 0.48 to 0.52 per cent carbon content 
and 0.57 to 0.60 per cent manganese. 
From Tables III and IV, it may be stated that: 


1. The higher carbon content axles have 14 greater re- 
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——$—————————” 
Table IV : 
Fatigue Strength of Normalized and Tempered Axles (M-101-41 Grade C) Versus 
As-Forged Axles (M-101-41 Grade A) t 
Allowable Maxi- flaitiation of P.S.I. 9000 12000 — i : 
mum Axle Bend- Fatigue Cracks % 100 133 100 
ing Stress : uM —~ UM —~ “~~ , 
In Wheel Seat {Breaking Off P.S.1. 1€000 14000 950) | 
To Prevent of Axle % 100 87 59 ) 
—— Nn yom Nailed 
As Forged As Forged Norm. & Temp, 
Axle specification ............+00. M-101-41 Grade A M-101-41 Grade A M-101-41 Grade ( 
Per cent carbon content at wheel ; 
GORE SABA os ddadhs 6 cede ese a saeceke 0.39 to 0.43 0.48 to 0.52 0.525 to 0.535 
Per cent Mn—random bloom check 0.54 0.57 to 0.60 0.90 
No. of axles on which fatigue 
CObe Wen. WIRES s ocdacsvesavdubane 16 12 16 
No. of axles on which tensile 
COSER WETS BIBGE «2 iccdccsivesecs 11 8 10 
Tensile strength of axle material Min. 79,800 90,500 101,000 
(0.505” dia. specimens from out- Av. 82.700 96,800 102,200 
ermost dia. of wheel seat) ..... Max. 84,500 107,000 103,500 
Surface brinell hardness range of 
OO kin ana bandak ands dé aiednes 156 to 167 179 to 212 187 to 207 





Axles form heat Nos. ............ 55375 84456 & 86385 40102 








Fig. 11—Fatigue Strength of Normalized and Tempered Axles 
(M-101-41 Grade C) Versus As-Forged Axles (M-101-41 Grade A). 


sistance to the initiation of fatigue cracks than the lower carbon 
content axles. 


2. The rate of propagation of the fatigue crack is less 
and/or the resistance to overstress is greater with the lower 
carbon than with the higher carbon content axles. 

An arbitrary but conservative basis was followed for selecting 
the allowable stress to prevent initiation of fatigue cracks as being 
1500 pounds per square inch below the lowest stress at which any 
axle developed fatigue cracks in the wheel fit and the value for 
breaking off was established as 1000 pounds per square inch below 
lowest stress at which any axle broke off in the wheel fit. Such 
endurance values were supported by several axle tests where the 
axle did not fail. In the case of as-forged axles from heat number 
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55375 shown in Table III it will be noted that three of four axles 
tested at a bending stress of 10,500 pounds per square inch did not 
fail whereas the fourth axle developed a fatigue crack having maxi- 
mum depth of 0.050 inch. In such instances it is customary to test 
axles at lower stresses, but this was not done with this group of axles 
and instead an endurance limit for cracking of 9000 pounds per 
square inch was assumed. This assumption would appear conservative. 


CONCLUSIONS 


Conclusions are presented in Table IV and briefly stated in the 
enumerated items under the discussion in this paper. The final com- 
parison to be drawn between the materials reported here will result 
from service experience. At this time there is no known service 
record data existing which will permit the fatigue comparison pre- 
sented here without the introduction of several additional variables 
entering into the comparison. In the meantime many of our so-called 
criterions for judging the comparative merits of material for appli- 
cations of the kind discussed in.this paper should be seriously recon- 
sidered. 
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DISCUSSION 


Written Discussion: By L. B. Jones, engineer of tests, The Pennsyl- 
vania Railroad, Altoona, Pa. 

These tests demonstrate in an interesting way the superior qualities of 
as-forged axles in resisting fatigue fracture at a point where stress concentra- 
tion is combined with severe surface distortion. This bears out the opinion 
held by many railroad men that forgings subject to fatigue stresses should be 
forged close enough to size to avoid the necessity for machining. 

The tests also bear out another fact quite generally recognized, that stee! 
of refined grain structure is sensitive to surface distortion. Detail fractures 
develop quickly and propagate rapidly in such material under fatigue stresses 
from any kind of a nick, scratch, or severe cold working in local areas. The 
distortion of the whell fit surface of an axle when the wheel is pressed into 
position is a case in point, and if the grain refinement of the material was 
carried still farther, such as quenching and tempering, we could expect the 
fatigue life under these conditions to be still further reduced. 

Aside from the confirmation they afford of two generally accepted hy- 
potheses, these tests are limited in practical application by the fact that wheel 
fit failures of car axles bear a low proportion to total axle failures for causes 
other than hot journals. Where normalized and tempered car axles have 
been introduced in service, replacing the as-forged type, total axle failures for 
all causes have been noticeably reduced; and in some cases the axle load has 
also been increased by air conditioning applications. 

On the other hand, the quality of as-forged axles has undergone im- 
provement with the years, due to improved temperature control and other 
refinements of manufacture. Normalizing was resorted to in the first place, 
not so much as a grain refining medium, but as a stress relief protection 
against forging stresses or temperature abuses. Such consideration perhaps 
warrant the conclusion of the authors that our criterions for judging the merits — 
of material should be reconsidered; but such reconsideration should by no 
means be hasty, and should be buttressed by an assurance of correct forging 
and cooling technique. P 

Written Discussion: By H. F. Moore, research professor of engineer- 
ing materials, University of Illinois, Urbana, IIl. 

The paper by Messrs. Horger and Buckwalter is another interesting and 
valuable contribution to the problem of fatigue failures of full-sized machined 
parts. 
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The proposed endurance limit of 9000 pounds per square inch for steel 
car axles pressed into car wheels in the usual manner seems a reasonable 
estimate. At first glance it seems startingly low. However, there are at 
least two factors which may bring about this result: 

1. There is a heavy radial compessive stress set up in the axle when 
it is pressed into the car wheel. When the axle is subjected to flexure there 
would be set up an intensified radial compressive stress at the edge of the 
wheel bearing on the axle and this would wear, and possibly start cracking 
off of very small parts. Evidence of the wear with consequent roughening 
of the surface is found in the presence of the band of iron oxide found 
frequently in fitted members. 

2. The reduction of endurance limit due to “size effect” of large pieces. 

Some years ago in the Talbot Laboratory at the University of Illinois, 
Messrs. F. E. Hangs and D. M. Lee carried out a series of tests of #s-inch 
diameter fatigue specimens of a number of metals. For each metal a fatigue 
test in a rotating-beam machine was made, using a specimen with a reduced 
area and polished surface. Another series of tests of the same metal was 
then made using straight bars of the metal without any reduced section. 
The specimens in each case were held in tapered collets, and radial pressure 
was produced as the collets were tightened up. The accompanying table 
gives the results of the tests. For the specimens without reduced section 
failure occurred close to or slightly inside the collet jaw, and brown oxide 
dust was produced on the surface of the specimen inside the collet. 

The percentage of reduction of endurance limit for the non-reduced 
specimens is considerably smaller than the probable reduction of endurance 
limit indicated in the Horger and Buckwalter tests but it is still considerable. 
Judged by the results on S.A.E. 1035 steel reported in the 1942 meeting 
of the American Society for Testing Materials, the reduction of endurance 
limit due to “size effect” in the tests of Horger and Buckwalter might be 
expected to be at least 13 per cent. 

This report very properly emphasizes the fact that the fatigue strength 
of machine parts depends on many factors besides the fatigue strength of the 
metal under ideal conditions. Design and maintenance of machine parts 
may be larger factors in determining fatigue strength than is the endurance 
limit of the metal itself. 


EEE -- 
ana a 


Fatigue Tests on Straight Bars and on Specimens with Reduced Section 


_ ‘Tests made by F. E. Hangs and D. M. Lee in the Talbot Laboratory, University of 
Ullinois. Specimens held in tapered collets in a Sondericker (or Farmer) type of rotat- 
ing-beam testing machine. Bar y¥ inch diameter. 


Metal Endurance Limit Reduction of 
pounds per square inch Endurance Limit 
Reduced Straight for Straight Bar, 
Section Bar per cent 
Flange Steel 25,000 21,000 16 
Hot-rolled Steel 30,000 22,000 27 
Cold-rolled Steel, A 49,000 30,000 39 
Cold-rolled Steel, B 50,000 31,000 38 
S.A, 2135 Steel heat-treated 55,000 31,000 44 


Annedied Bronze 19,000 13,000 32 
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Written Discussion: By J. J. Laudig, research engineer, The Delaware, 
Lackawanna and Western Railroad Co., Scranton, Pa. 

The research on fatigue of mounted full section axles which have received 
various heat treatments has been awaited by most metallurgists and railroad 
designing engineers. Therefore this paper is most timely. 

Up to the present we have confirmed our physical tests and metallurgical 
opinions by a service test, and the direction of progress has been opposite to 
those expressed in the conclusions of this paper. I feel therefore that we 
should carefully examine the data presented. 

It is understood that this paper presents data covering not only the physical 
tests on various steels but also various heat treatments together with the 
composite effect of various steels in full section with the additional effect of 
the press fit of the wheel. I question the admission of so many variables which 
make the substance of the paper difficult of evaluation. 

The steels compared were of five heats—three in the unforged condition 
and two entirely different heats in the normalized and drawn condition, or we 
are comparing heats as well as treatments of the steel. 

The chemistry of the heats is variable. Some high carbon, some low 
carbon. Large ingots and small ingots. Big reduction from the ingot and 
small reduction, some 11 and some 5. Some pit-cooled, some room-cooled. 
Some double-normalized, some single draw. Some single-normalized and double 
draw. Some body-rolled, etc. 

It would seem to have been very much better if one heat could have been 
used dividing for the various tests eliminating the question of so many variables 
which appear to have had their effect to a degree on the data. 

Under the discussion of Fatigue Results, a statement is made—‘As-forged 
axles of 0.39 to 0.42 carbon have the same allowable maximum bending stress 
as the normalized and tempered axles, even though the latter have 19 per cent 
greater tensile strength, etc.” This does not seem to be substantiated in com- 
parison of heats 86385 and 55375 at 13,500 pounds per square inch, also at 
12,000 pounds per square inch. 

Also point No. 2 “As-forged axles of 0.49 to 0.52 per cent carbon range 
permit % greater allowable maximum bending stress than normalized and 
tempered axles, even though the latter have greater average tensile strength.” 
This does not appear to be correct as heat 86385 has greater physicals than 
84456 and withstood greater stress in same carbon range and noticeably so. 
There seems to be no explanation given. 

I would draw attention to the number of “as-forged axles” which broke 
in the body of the axle. Does this indicate the weakness of “as-forged” axles 
which led the metallurgists of the past to introduce “Normalizing” ? 

The data presented have been most interesting but until confirmed by 
greater number of tests and elimination of so many variables, [ do not think 


it warrants the “serious reconsideration of one comparative judgment of 
material”. 


Written Discussion: By John M. Lessells, associate professor, Depart- 
ment of Mechanical Engineering, Massachusetts Institute of Technology, 
Cambridge, Mass. 
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This paper represents a further addition to the literature of fatigue of 
large sized specimens to which the authors have already contributed much 
useful data. 

The distinction between the stress to cause initiation of a fatigue crack 
and that to bring about actual fracture, as pointed out in previous papers by 
the authors, is quite significant. The difference between these two values 
seems to depend largely on the state and composition of the material. 

The discusser cannot entirely agree that engineers believe the higher 
fatigue strength always results from a normalizing treatment. In some 
published data* for a 0.37 per cent carbon steel* the endurance limit in the 
as-rolled condition was 28,000 pounds per square inch and for the normalized 
condition this was only increased to 29,300 pounds per square inch. These 
remarks, of course, like the conclusions in the present paper, only refer 
to carbon steel. The question of normalizing should have greater significance 
for the case of alloy steels. 

As regards the purely scientific aspects of studies such as represented 
by the paper, it would be of great interest to those students of fatigue to 
know the endurance limits of large sized specimens in the highly polished 
condition without the influence of a press fit. Until this is done there will 
always be differences of opinion on the effect of size. It is to be hoped 
that the authors may yet see fit to make some contributions to this part of the 
subject. 


Oral Discussion 


V. N. Krivopok:* One matter has not been mentioned either by the 
authors of this very interesting and instructive work or by the discussers. 
[ believe I may frankly state that when we speak of steels or such parts as 
axles and refer to them “normalized”, we speak of the condition which is 
ill-defined. Just what does “normalized” mean? The previous history of 
the steel or of the article is seldom mentioned, yet this history is quite 
important. Refer, for example, to the article under discussion, namely, axles; 
we did not mention the finishing, forging temperature; yet this information 
is all-important because it is a matter of fact that finishing, forging tempera- 
ture has a profound influence on certain mechanical properties. For example, 
by finishing bars or similar shapes either above the critical point or just 
slightly below, one may obtain altogether different notch impact character- 
istics, in plain carbon as well as low and high alloy steels. I could, if I were 
prepared, illustrate this statement by actual figures. One may be wondering 
if a fatigue life may not be influenced in somewhat similar manner. As yet 
we do not think we know much about it. 

i trust that Mr. Horger and Mr. Buckwalter will accept these remarks 
as an attempt to bring to our attention some interesting facts upon which 
we should like to be enlightened. 


4J. M. Lessells, “Elastic Limit in Tension and its Influence on Breakdown by Fatigue,” 
Institution of Mechanical Engineers, 1924. 


*The test bars were cantilever type having critical diameter of ™%-inch. 
*Chief metallurgist, Lockheed Aircraft Corp., Burbank, Cal. 
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Authors’ Reply 


The cause of failure of fatigue specimens in the collets due to the 
clamping effect as discussed by H. F. Moore is closely related to the case 
of press fitted wheel and axle assemblies. In fact this difficulty which in- 
vestigators experienced with obtaining fatigue fractures in the grips rather 
than in the test section away from the grips has led them to try various 
means of correcting this condition. Such improvements originally developed 
for use in the fatigue testing of specimens have later been extended to ap- 
plication in the design of fitted machine members resulting in beneficially 
increasing fatigue resistance. 

Lessells indicates that he cannot agree that engineers believe the higher 
fatigue strength always results from a normalizing treatment. The authors 
agree with this statement and made no statements to the contrary in the 
paper. The reference cited by Lessells, however, may not be a very good 
illustration. Investigations often made on specimens from small diameter hot- 
rolled bar stock have a structure which approaches that of the same material 
given a normalizing treatment. This is not true for the large axle forgings 
reported by the authors. 

It is not unexpected to find discussion similar to that of Laudig which 
introduces conclusions based on service experience of car axles contrary to 
the findings of the authors. His comments may be said to represent the 
first reactions of some other railroad men with whom these laboratory find- 
ings have been discussed. Laudig did not submit data supporting his con- 
clusions but when these other railroad men had given considered study to 
their road service data on axle performance they have been led to a more 
conservative criticism of the laboratory fatigue tests. Such criticism is typical 
of that submitted by L. B. Jones in his discussion of the paper. 

Laudig objects to the several variables introduced in the laboratory 
tests but these same variables would certainly exist and to a greater extent 
in road service tests. In addition road service increases the number of 
variables by questions as to the influence of the kind of trucks and equipment 
the axles operate under; also operating speeds and faetors of wheel and 
journal bearing conditions of wear and eccentricity add further complications. 

One of the objects of the tests reported was to draw a comparison of 
as-forged axles of about 0.40 per cent carbon with 0.50 per cent as shown 
in Table IV. Sixteen axles of the low carbon analysis were tested from 
one heat. Of the twelve axles from the higher carbon analysis, eight were 
from one heat and four from another. The four axles from one heat were 
merely tested at the same stresses as some of the eight axles from the other 
heat and the test results (Table III) on one heat confirm those on the other 
so that there can be little question as to the conclusions (Table IV) even 
though based on two heats. 

The second object of these tests was to compare as-forged axles with 
normalized and tempered axles, both of the same carbon content as shown in 
Table IV. Laudig suggests using axles from one heat but leaving one group 
of axles in the as-forged and another group in the normalized and tempered 





1943 DISCUSSION—STRENGTH OF CAR AXLES 381 


conditions. This was done on a group of axles and the laboratory fatigue 
results’ showed the normalized and tempered axles had lower fatigue resist- 
ance in the wheel fit than the as-forged axles. This procedure, however, 
does not represent actual production practice of axles so that these tests were 
repeated as reported in the paper. The specification for manganese content 
of normalized axles is 0.60 to 0.90 per cent and in order to meet physical 
property requirements the manganese content is invariably on the high side 
of the analysis. On the other hand the specification for as-forged axles re- 
quired a 0.50 to 0.90 per cent manganese content and no physical property 
values so that axles are generally furnished to the lower side in manganese. 
From this it is obvious that the procedure followed in the paper represents 
the two types of axles as they are produced. 

Laudig questions the veracity of statements numbers 1 and 2 at the be- 
ginning of the discussion in the paper. It is believed that he has misinter- 
preted the data shown in Table I, II and IV. Also Laudig inquires if body 
failure of as-forged axles has led metallurgists to normalizing. This may 
be true but as-forged axles used in road service were not machined in the 
body and when the change was made to a normalized axle the manganese 
content was also increased (to meet physical properties) and in addition the 
body was generally machined. 

Previous tests referred to‘ showed that normalized axles had lower 
fatigue resistance in the body than as-forged axles when both groups of axles 
had the body section machined all-over and were taken from the same heat 
of steel. When normalized axles however do have physical properties equal 
to the as-forged then the fatigue strength of the body section is greatest for 
the normalized. But in order to have equal physical properties the manga- 
nese content of the normalized must be greater than that for the as-forged 
axles. 

The rolling done on the bodies did not influence the wheel fit under test 
as this rolling was done only on the body section and far enough away from 
the wheel seat so as not to influence it. 

The comments by Krivobok are already answered in the paper in Table II 
and the section discussing heat treatment. 


‘Results reported on p. 14 of reference (1) in the paper and were made on axles from 
heat No. 84456 reported in the paper. The normalized and tempered axles had yield 
strength values of: minimum 45,500; average 48,300; maximum 53,000 pounds per square 
inch; ultimate strength: minimum 82,000; average 84,500; maximum 86,000 pounds per 
Square inch; Elongation in 2 per cent of 28 to 32 per cent; reduction of area 44 to 53 
per cent; Izod 16 to 22; Brinell hardness 149 to 163. Values for as-forged axles were 
about as shown in Table I, second column of the paper. 











STRESS-STRAIN MEASUREMENTS IN THE DRAWING 
OF CYLINDRICAL CUPS 


By Epwarp L. BARTHOLOMEW, Jr. 


Abstract 


Cup wall stresses are determined for various blank 
diameters. The tensile stress in the cup wall for the maxi- 
mum diameter blank 1s compared with the actual stress 
from the tensile test. The tensile test data are reported 
in the form of the s-q’ plot. Strain measurements are also 
made in the cup walls. The maximum blank diameter 
which may be successfully drawn is determined from the 
tensile test data. The maximum blank diameter for a metal 
in a given set of press conditions represents the limit of 
drawability of that metal. Since the tensile test data can 
be used to determine this blank diameter, then, in effect, 
they are an index of the drawability of the metal. Brass, 
aluminum and deep drawing sheet are tested. General 
stress-strain comparisons are made to show the possibili- 
ties of this particular interpretation of tensile test data. 


F the problems encountered in the deep drawing process, the 

considerations of stress-strain characteristics of the metal and 
their relationship to the drawing process may well be investigated. 
The purpose of this paper is to present the results of some experi- 
ments conducted on stress-strain measurements of various metals 
which were drawn into cylindrical cups. The results of tensile tests 
on these metals and a correlation of stress-strain values are also of- 
fered. 

It has been stated by H. W. Swift’ that the suitability of a 
material to be drawn is in proportion to its ability to withstand and 
transmit strain. This statement forms the basis of, and the reason 
for, undertaking the experiments described herein. It is felt by the 
writer that the tensile test if properly interpreted affords a satis- 
factory measure of this particular property. The experimental results 
indicate the significance of uniform strain and the corresponding 
stress values. For many years now investigators have recognized the 





1H. W. Swift, “Drawing Tests For Sheet Metal,” Sheet Metal Industries, Vol. 14, 1940. 


A paper presented before the Twenty-fourth Annual Convention of the So- 
ciety held in Cleveland, October 12 to 16, 1942. The author, Edward L. 
Bartholomew, Jr., is instructor in mechanical engineering, Massachusetts Insti- 
tute of Technology, Cambridge, Mass. Manuscript received June 18, 1942. 
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elongation value of the tensile test as being composed of two types 
of deformation. The first deformation which takes place generally 
over the entire gage portion of the specimen is referred to as the 
uniform elongation. The second deformation which takes place dur- 
ing the necking down of the specimen after maximum load is 
referred to as the local elongation. One of the earlier investigators 
interested in this interpretation of elongation was Unwin, who estab- 
lished an elongation equation on the basis of uniform and local elon- 
gation. Still another author, R. L. Kenyon,*? wrote of the desir- 
ability of considering the elongation in terms of uniform and local 
values and suggested that the value of uniform elongation might be 
a more suitable index of a metal’s “drawability.”” A most recent and 
complete work on the subject of the tensile test is that of C. W. Mac- 
Gregor.* It is the MacGregor s-q’ type stress-strain plot which is 
used in reporting the results of the tensile tests of the various metals 
in the experiments to be described. This type of plot is based on the 
true or actual stress P/A instantaneous as a function of the strain 


defined as q’ = — f A, dA/A = In Ao/A where A = instantaneous 
area and Ao = original area. From this type of plot the uni- 
form strain qu’ and the corresponding true stress may readily be ob- 
tained. It is not necessary in practice, however, where many rou- 
tine tests are made to develop the s-q’ plot. For reasonably approxi- 
mate values, the elongation as measured with the dividers at maxi- 
mum load prior to necking down would seem satisfactory. 

If measuring percentage elongation in the usual manner is nec- 
essary, the longer thé gage length, the more significant the value. 


MATERIALS INVESTIGATED 


The first tests were run on S.A.E. 1010 deep drawing sheet 
U.S.S. 16 gage (0.063 inch). The Rockwell hardness was averaged 
at 42-B which is equivalent to 82-F on the conversion chart. Al- 
though reasonable agreement between cup wall stresses and the ten- 
sile test values was found (see Table I) it was thought that thicker 
stock might allow for better accuracy of stress measurement. In 
addition, by using a thicker stock any influence which thickness might 


——_— 


_ ®R. L. Kenyon, “Per Cent Elongation in the Tensile Test as a Method of Measur- 
ing the Ductility of Thin Sheets,’”’ Metals and Alloys, Vol. 111, October 1932, p. 220. 


°C. W. MacGregor, “The Tension Test,” Proceedings, American Society for Testing 
Materials, Vol. 40, 1946, p. 508. 
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Table |! 


Maximum Tensile Stress, cz, in the Cup Wall, s Actual from the Tensile Test 
Corresponding to Maximum Uniform Strain, and qu’, Maximum Uniform Strain 


ne 
— 


Metal Ox P.S.i. Ss p.s.i. qu’ Pe ; 
Half Hard 65-35 Brass 73,600 73,300 .20 
Annealed 65-35 Brass 69,600 69,100 .39 
S.A.E. 1010 Deep Drawing Sheet 56,700 59,100 25 
Hard 2S Aluminum 23,500 24,700 -03 


Annealed 2S Aluminum 16,400 16,100 21 





ye 


have on the results could be observed. The second set of tests, there- 
fore, were run on some 65-35 half-hard brass. The thickness of this 
brass was 0.10 inch and the average Rockwell hardness was 100 F. 
With the idea in mind of determining just how a change in temper 
of the same material might affect the test, a third run was made 
using an annealed 65-35 brass. The annealing was carried out at 
1050 to 1100 degrees Fahr. (565 to 593 degrees Cent.) for % hour. 
The annealed brass had a Rockwell of 61-F. The fourth and fifth 
tests were conducted on 2S aluminum, hard (B.H.N.,6-s0-so044) and 
soft aluminum (B.H.N.,o-s0-509020). The thickness of the aluminum 
stock was also 0.10 inch. 


EQUIPMENT AND PROCEDURE 


Tests were conducted to determine stress-strain values of the 
various metals drawn into cylindrical cups and also the stress-strain 
values in tension. The drawing of the cups was conducted in a 
sub-press (Fig. 1) designed to operate in a testing machine such 
that punch forces could be measured. An Olsen 60,000-pound lever 
balance type Universal testing machine was used to drive the sub- 
press. For the most part the variables encountered in the cupping 
process were held constant. The hold-down used was constant space. 
This hold-down was set to a definite spacing on the basis of blank 
thickness for each draw. To eliminate any difficulties from unavoid- 
able variation of lubrication, no lubricant was used. Both punch 
nose radius and drawing edge radius were held constant at % inch. 
Punch speed was held at a slow speed of 0.04 inch per\minute for 
the first tests and later speeded up to 1.12 inches per minute (about 
28 times as fast) after tests had shown that a speed-up in this range 
had no effect on the results. A suitable clearance was maintained 
such that no ironing would take place. The punch diameter was 
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Fig. 1—Sub-press Used for Drawing the Cups. 


1.09 inches and the die diameter was 1.33 inches for all cases except 
the S.A.E. 1010. The steel was drawn with a punch diameter of 
0.91 inch and a die diameter of 1.03 inches. A special set of tests was 
run in one case where the punch nose radius was changed from % to 
’% inch. No measurable differences were observed in the stress 
values obtained in this test from those obtained when the %-inch 
punch nose radius was used. Under the conditions described in the 
above, blanks of increasing diameter were drawn until a blank size 
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was attained which would result in a local necking down or tearing, 
This local necking or tearing consistently occurred in the cup wall 
at a position corresponding to a point just below the beginning of the 
radius on the nose of the punch. For a %-inch punch nose radius, 
the location of the tearing was found to be just about % inch from 
the bottom of the cup. This section was termed “the critical section’, 
On the basis of some preliminary tests, the assumption was made 


“2 -Dirt cos \ 


Axi p= Force 
Oz Axio! r Punch 
t- Thickness at 
p hll Cup | | Critical Section 
\ | P= inside Radius at 
\ Critical Section 
Pp 


e 2—Trace of Top Part of Fractured 
Cup owing Method of Determining oz. 


that the stress in this critical section was predominantly tension. It 
is agreed that some bending stresses exist at maximum punch force 
and possibly compression. These stresses, however, were considered 
small in comparison to the magnitude of the tensile stress, and so 
were neglected. It has been suggested that circumferential or tan- 
gential tensile stresses are also present, since the shell wall is re- 
strained from contracting by the punch. If a clearance is allowed, 
as is the case in these experiments, it will be evident that the cup 
wall makes an angle with the vertical element of the punch and is 
therefore in contact only on the lower part of the punch nose (Fig. 
2). In view of these considerations a stress measurement could eas- 
ily be made at the critical section assuming predominantly tensile 
stress. This was accomplished by recording maximum ‘punch force 
required to draw the blank and by measuring the final wall thickness 
of the cup at the critical section. From these measurements and the 
inside radius of the cup at the critical section together with the angle 
which the cup wall might make with the vertical, the tensile stress 
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could be computed. This value is given as 6, = ~————- (Fig. 2). 


cos 6 2nrt 
The thickness measurements were taken as the average of eight 


readings about the circumference of the cup at the critical section. 
By using increasing blank diameters, the limit of the drawability of 
the material could be established. The blank size would satis- 
factorily draw with no failure or local necking, thus indexing the 
limit for the material in its particular condition or temper—this 
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Blank Diameter, Inches 
Fig. 3—Plots Showing Relationship Between 


Maximum Punch Force and Blank Diameter for 
the: Given Press Conditions. 


limit applying only under the conditions of hold-down, clearance, 
lubrication, etc., existing in this set of tests. There is no reason 
why this limit might not be established for any other set of press 
conditions, however. Plots are shown illustrating the relationship 
between maximum punch force and blank diameter for these press 
conditions (Fig. 3). The last point plotted represents the maximum 
blank diameter which would draw satisfactorily for.the particular 
metal. This maximum blank diameter could be consistently deter- 
mined within 0.05 inch. The plots in Fig.'4 show the tensile stress 
6, at the critical section, as a function of the blank diameter. The 
last stress value plotted corresponding to maximum limiting blank 
diameter represents the limiting stress value which if exceeded re- 
sults in local necking or tearing. This limiting stress value is signif- 
icant when located on the s-q’ plot for the metal in question, since it 
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corresponds to the true stress at maximum load which also is nec- 
essarily the location of the maximum uniform strain qu’. This 
correlation exists within the limits of experimental error for every 
metal tested (Table I). In addition to stress measurements in the 
cups some strain measurements were made on the steel. These 
strain measurements were made by scribing concentric circles and 
radial lines on the blank (Fig. 5). The Brinell microscope was 
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Fig. 4—Plot Showing Cup Wall Stress, at the 
Critical Section as a Function of Blank Diameter. 


used to measure the original and final spacing of these lines, thus 
providing a measure of the radial and tangential strains. Fig. 5 
shows these gage lines on one of the cups. As has been reported, 
the radial strain values reached were considerably in excess of the 
per cent elongation measured in 2 inches from the tensile test, the 
highest per cent radial elongation measured being 58 \per cent. 
This value was taken at a location approximately half the distance 
down the wall of the cup. These large strain values can be expected 
in view of the combined tension and compression in this region of 
the cup wall. It was noted that as the location of the critical section 
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was approached so the value of radial strain decreased as did the 
tangential compression strain. At the critical section the tangential 
strain was found to be zero. The accuracy attained in using the 
srinell microscope for measuring elongations in such necessarily 
small gage lengths cannot be considered as good as that possible in 
the determination of the stress values. It is felt that a similar type 
of experiments using the cathetometer will allow more accurate strain 
values to be obtained. 

A different procedure was used in running the tests on alumi- 





Fig. 5—Cup Showing Gage Lines Used for 
Strain Measurements. 


num. The drawing of the cups was carried only to a stage where 
the trend of the o, as a function of blank diameter might be estab- 
lished. (In the other tests the limiting blank was determined from 
the drawing of the cups.) The tensile tests were run and the stress 
value corresponding to limiting uniform strain obtained. Using this 
limiting stress value on the extrapolation of o, as a function of the 
blank diameter, a maximum blank diameter was predicted. In other 
words, from the particular value of stress obtained in the tension 
test the drawability of the aluminum in terms of the limiting blank 
diameter was estimated. The estimates were found to be accurate 
within close limits when the drawing of the cups was completed. 
In the case of the hard aluminum an estimate of between 2.09 and 
¢.14 inches for maximum blank diameter was made. From the tests 
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which followed, a blank diameter of 2.16 inches failed and a blank 
diameter of 2.13 inches drew successfully. In the case of the soft 
aluminum an estimate for maximum blank diameter of about 2.22 
inches was made. From the tests it was found that a 2.21-inch 
blank diameter represented the limit. This method of determination 
of the maximum draw might be used for any metal in any condi- 
tion once the press conditions are established. A_ plot of maximum 
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percentage reduction (blank diameter to outside cup diameter) as 
a function maximum uniform strain (qu’) is shown in Fig. 6 together 
with the plot of maximum percentage reduction as a function of per 
cent elongation measured in 2.00 inches. It can be seen that the 
values of qu’ appear to show a better adherence to a linear relation- 
ship. 

The tensile tests were conducted on the Southwark-Emery 
hydraulic type machine. Three tests were run for each metal and 
temper. The values in Table I represent the average of the closest 
two tensile tests. The plots shown in Fig. 7 are representative s-q’ 
plots for the metals, the stress value at the inked point represent- 
ing the stress at limiting uniform strain. This stress was taken from 
the last readings in the tensile test before local necking was observed 
in the measurements. Reasonable agreement was found in compar- 
ing the breaking stresses in the cup at the critical section and break- 
ing stresses in the tensile test for the steel specimens. The aver- 
age breaking stress in the cup wall from five tests was 111,000 
pounds per square inch. The average breaking stress from two ten- 
sile tests on the steel was. 107,000 pounds per square inch. The 
break load is difficult to catch, however, both in the cupping and 
the tensile test, so that the greater error here is not surprising. 


DISCUSSION OF RESULTS 


From the correlation for all cases between maximum in the 
cup wall at the critical section and actual stress from the tensile test 
representing maximum load or limiting uniform deformation, it 
appears that the assumption of predominantly tensile stress in the 
cup wall at the critical section is correct. 

The values of maximum per cent reduction of blank plotted 
against qu’ from the tensile test data show a somewhat better rela- 
tionship than the values of per cent reduction of blank plotted against 
per cent elongation measured in 2 inches. It is felt that a limita- 
tion in the use of the qu’ values is indicated here. With the stock 
thickness much under 0.1 inch it is difficult to obtain accurate read- 
ings. In addition, small dimensional changes ‘result in comparatively 
large q’ value changes. The test, therefore, is more suitable, the 
thicker the stock. The value of per cent elongation for the S.A.E. 
1010 deep drawing sheet is not given because the tensile test speci- 
mens were necessarily of different dimensions. 
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In all cases of drawing wheve clearance is allowed, a certain 
cup wall angle exists. ‘nis angle should be considered since maxi- 
mum punch force occurs when the edge of the blank is still between 
the die and the hold-down. In most relationships for computing 
cup wall stresses, this angle has been overlooked. The fact that 
in other investigations, of which the writer is aware, no satisfactory 
correlation exists between cup stresses and tensile test data can prob- 
ably be attributed to the following: 

1. The cup stresses were measured on the basis of final wall 
thickness as in this work, but with no allowance for cup wall angle. 

2. The tensile stress, if determined by the usual quotient of 
load divided by original cross sectional area, is vastly different from 
the s-q’ values of load divided by instantaneous cross sectional area. 
For example, s (actual) representing maximum load or limiting 
uniform deformation for the annealed 65-35 brass is 68,500 pounds 
per square inch. For the same load and original cross sectional area, 
the stress is 46,100 pounds per square inch. This difference is 
always particularly marked in such high deformability as is required 
for deep drawing. 


CONCLUSIONS 


1. A “critical section” exists in the drawn cup wall, at which 
location failure will occur for the given set of press conditions when 
the limit of drawability of the metal is reached. 

2. The limit of drawability may be satisfactorily indicated by 
the maximum blank diameter which may be drawn without local 
necking or failure at the critical section. 

3. The maximum blank diameter representing the limit of draw- 
ability for the metal may be accurately and consistently determined 
within 0.05 inch for any given set of conditions. 

4 Definite correlation exists between the maximum stress in 
the critical section of the cup wall at maximum drawability and 
the actual stress from the tensile test at maximum load or limiting 
uniform deformation. 

5. Reasonable agreement exists between breaking stresses at 
the critical section and actual breaking stresses from the tensile test. 

6. The limiting uniform strain, qu’, shows a more definite rela- 
tionship to maximum percentage reduction in cupping than does the 
common elongation value measured in 2 inches. 
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7. For the given set of press conditions, a linear relationship 
exists between punch force and blank diameter. 

8. The maximum blank diameter which is a sensitive indica- 
tion of the drawability of the material may be accurately deter- 
mined from the tensile test for any metal once the press conditions 
are established. 
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DISCUSSION 


Written Discussion: By Wm. Schroeder, research engineer, Lockheed 
Aircraft Corp., Burbank, Cal. 

It is gratifying to note this research work on the application of plastic 
properties of metals to forming. Encouragement should be given to work on 
this subject, since it ‘is a vital one to industry and production. 

The correlation found between the maximum stress in the bottom of the 
limiting size drawn cups and the true stress at ultimate load in a tensile coupon 
is a significant finding. It is suggested that the above knowledge would be 
of particular practical value if more were known regarding the curve of 
maximum punch force versus blank diameter (Fig. 3) for other materials, 
methods of holding the blank, and ratios of radius of punch to thickness. 
This is a subject for research because it is usually not possible to measure the 
maximum punch force on the production press without special measuring 
equipment. It is a point of interest to know if any further work along such 
lines is contemplated. 

It should be borne in mind that in the cups drawn by Mr. Bartholomew the 
failure occurred near the bottom. However, other types of failure have some- 
times been observed. A recent paper by G. A. Brewer and M. M. Rockwell 
illustrates one other type of failure called “shear failure.”* (Such a failure is 
shown in Fig. 15 of the reference paper.) A third type of failure, namely, 
failure in the wall of the cup adjacent to the draw radius, has also been 


4G. A. Brewer and M. M. Rockwell, “Stress-Strain Relationships in the Drawing of 


Metals,” Meta Procress, June, 1942. 
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observed under certain conditions. Mr. Bartholomew’s method of predicting 
the maximum size of blank that may be drawn cannot be expected to apply 
when failure occurs in one of the two latter ways. 

The above paper by Brewer and Rockwell also gives a comprehensive 
discussion of stress-strain relationships in drawing, not only for the point of 
failure but for the entire cup, with especial relation to the effect of combined 
compression and tension (shear) in increasing the plastic deformation which 
the material can sustain without failure. 

It is stated in Mr. Bartholomew’s paper that changing the punch nose 
radius from 0.25 to 0.125 inch did not change the maximum value ¢z; but it is 
not quite clear whether changing the radius affected the maximum size blank 
that could be drawn. S. Fukui® has reported considerable effect on the total 
punch load due to changes in punch nose radii when the radii are less than 
6 times the sheet thickness. Was such an effect observed in these tests? 

Another point of interest would be a brief description of the method for 
obtaining the s-q’ diagram for a sheet metal tensile coupon, since Mr. Mac- 
Gregor’s article deals only with round test bars. Particular reference is made 
to the method for measuring reduction in area at loads near the breaking yalue. 

Series of cup drawing tests have been made at Lockheed. The method 
has been to determine for various commonly used sheet metals the maximum 
size blank that could be drawn successfully into a cup. Punch diameters of 
3 and 6 inches and blank thicknesses ranging from 0.025 to 0.051 inch were 
used. A comparison of results would be interesting for the reason that the 
punch diameters, ratio of sheet thickness to punch nose radius and _ sheet 
thickness differed widely. Since experiments at Lockheed were performed on 
the aluminum alloys such as 24SO, 52SO, 53SW and 61SW, no great amount 
of comparison is possible. However, some tests with 3-inch diameter cups 
were made on 1010 steel 0.04 inch thick showing a Rockwell hardness of 40B 
and may be compared. The punch nose and draw radii were each 0.25 inch 
radius. Reduction in diameters of 0.50 were observed. This compares with 
about 0.47 (computed on a similar basis) indicated in Mr. Bartholomew’s paper. 
The difference may possibly be accounted for by the different ratio of blank 
thickness to die dimensions and to a different die arrangement. 

The cups drawn at Lockheed were drawn with a hydraulically actuated 
blank holder pad which undoubtedly gives somewhat different results from the 
arrangement used by Mr. Bartholomew. 

A photographic process of printing grids onto blanks has been found 
valuable in researches on forming. The application of the method for strain 
measurements has been described in a paper by Messrs. G. A. Brewer and 
R. B. Glassco.° The photographic technique is described in more detail in 4 
paper by Kenneth Cornell.’ 

Written Discussion: By R. G. Sturm, Research Laboratories, Aluminum 
Company of America, New Kensington, Pa. 

5S. Fukui, “Researches on the Deep-Drawing Process,” Scientific Papers of the Insti- 
tute of Physical and Chemical Research, Tokio, Vol. 34, August-November, 1938. 


6G. A. Brewer and R. B. Glassco, “Determination of Strain Distribution by Photo Grid 
Process,” Journal of Aeronautical Sciences, Nov., 1941 


7Kenneth Cornell, ‘““The Photo Grid Printing Process,’ American Photography, No 
vember, 1942. 
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The author has presented in a concise manner the results of some interest- 
ing tests. The writer agrees with the author that it is necessary to consider 
the results of this work as applying only to the conditions under which the 
tests were made. If other conditions of “hold down” and lubrication were 
used, different results would undoubtedly be obtained. Therefore one might 
question the validity of generalizing from the correlation between the results 
of tensile tests and the author’s test results to a correlation between tensile 
tests and some generalized drawing properties of materials. If the correlation 
is valid for these tests it cannot be valid for other conditions unless it is found 
that the conditions of “hold down” and lubrication do not affect the results 
of drawing. Perhaps, as the author intimates, even the location of the critical 
section would be materially affected by the press conditions. 

If we consider the nature of the measured stresses at failure of the critical 
section, we will find that the stress is a function of the total load, the punch 
diameter, and the thickness of the blank. The “hold down” forces, which are 
a factor in the forces resisting drawing, are a function of both the diameter 
of the blank and the diameter of the punch, but relatively independent of the 
thickness of the material. One is therefore led to the inevitable conclusion that 
if the thickness remains constant and the diameter changes, the results of tests 
on larger or smaller cups might be quite different from those plotted for the 
author’s tests. Perhaps by photographic enlargement of the test samples the 
results of tests on larger pieces would be comparable to those obtained from 
the author’s tests. Unfortunately this would mean that cups 6 inches in 
diameter would have a wall thickness on the order of 0.625 inch. While such 
thicknesses are not impossible, they are much thicker than the customary 
thickness of such shells. For test pieces of less thickness than those used by 
the author, reliable determinations of q’ are extremely difficult. ' For a given 
size and shape of punch the critical region would extend over a length which 
may be a different multiple of the sheet thickness for each different sheet 
thickness used. 

These thoughts suggest that perhaps the best criterion of drawability of 
a given material for a given set of drawing conditions is the actual drawing 
of that metal under those conditions. Certainly there are hurdles in the way 
of changing the interpretation of the tensile test to fit all possible conditions 
of drawing. 

The writer is somewhat disturbed by the author’s statement “At the 
critical section the tangential strain was found to be zero.” From the descrip- 
tion given in his paper, the critical section occurs at a point which, prior to 
drawing, must have had a diameter somewhat larger than the’ punch whereas 
after drawing it was forced in to fit against the punch. Nevertheless if the 
author’s measurements are correct and there is no tangential strain at the 
critical section, there must be a state of combined stress in existence during 
the forming operation. 

Attention is called to the fact that material subjected to combined stress 
might behave radically different from material subjected to unidirectional stress 
such as occurs in a tensile test. Under great hydrostatic pressure with a 
superimposed shearing stress, rocks which are very brittle under unidirectional 
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stress may be made to flow and undergo very large deformations without 
fracturing. 

By the above comments the writer does not wish to belittle in any way 
the work of the author but rather to suggest the great need for studying the 
flow of metals under a sufficient variety of conditions to determine the effects 
of the variables which enter into a determination of drawability. 


Author’s Reply 


The writer is grateful to those who have offered their comments and sug- 
gestions concerning this work. Since the paper, as a progress report, presents 
the results of some experimentation which is largely in the development stage, 
it is desirable and quite helpful to learn the reaction of men who are actively 
engaged in work of this type. 

Dr. Sturm remarks on the necessity of confining the results of the investi- 
gation to the conditions under which the tests were made. The variables of 
“hold down” and lubrication, it is suggested, might provide different results. 
It is quite true that these data do not permit generalization as to drawing 
properties of material, and they must apply only to the process of cupping. 
Here, however, the variation of “hold down” and lubrication which make up 
part of the total reaction force balancing the punch force, P, would serve to 
change the maximum size blank which might be successfully drawn, but the 
limiting cup wall stress ¢ will still be given by s corresponding to maximum 
load from the s-q’ plot. This correlation is valid for any condition of “hold 
down” and lubrication. In other words, using two different press conditions 
of “hold down” and lubrication two different maximum blank diameters for 
the same material will exist. The material has the same drawing qualities and 
if the maximum blank size be increased, ¢ will be exceeded in either case, thus 
resulting in failure or local deformation. Once these press conditions are 
known, that is maximum punch force P, then the values of q’ uniform and 
corresponding s from the tensile test will indicate accurately whether sub- 
sequent material will or will not draw successfully from either of the two 
maximum blank diameters. 

Since the presentation of this paper, some experiments have been started 
in which “hold down” force can be varied and measured. Results from the 
initial stages of this work appear to demonstrate that for a range of “hold 
down” forces slightly below and appreciably above the force which will com- 
pletely eliminate wrinkling, the maximum punch force is not altered within the 
limits of experimental error. 

Dr. Sturm mentions that the relationship used to compute the cup wall 
stress, %, at the critical section involves total load punch diameter, and thick- 
ness of the blank. It would be well to review this formula, for the writer has 
probably not provided a clear description of these variables. The total force 
on the punch is P. r is the inside cup radius at the critical section and may 
or may not be equal to the punch radius depending on the allowed clearance. 
t is the thickness of the cup wall at the critical section. © is the angle which 
the cup wall at the critical section makes with the vertical or punch axis. 
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In speaking of “hold down” forces, Dr. Sturm indicates that these forces 
are a function of both the diameter of the blank and the diameter of the punch, 
but relatively independent of the thickness of the material. The writer will 
agree that blank diameter and probably punch diameter will effect “hold down” 
forces, but it is not generally accepted that the “hold down” force is independent 
of the thickness ‘of the material. Sachs* has demonstrated that the blank 
holding pressure increases as the thickness decreases and also as die curvature 
increases. Actually some cups are drawn from stock of sufficient thickness 
such that no blank holder or “hold down” is required. The total punch force 
does then necessarily vary with the thickness of the stock. This fact, of course, 
is accounted for in the measuring of the punch force, again in the manner of 
establishing press conditions. In the case of stock sufficiently thick to preclude 
the need of a “hold down,” then this item, otherwise considered as a part of 
the total force reacting to punch force, would obviously not show in the meas- 
urement of the total punch force. In view of these considerations, there is no 
reason why a cup 6 inches in diameter would need to have a wall thickness of 
5% inch. The controlling factor here is the depth of the cup and the blank 
diameter required to give this depth. Speaking in terms of maximum blank 
diameter is exactly the same as speaking in terms of the depth of draw possible. 
The steel cups which were drawn in the first part of the investigation were 
actually drawn to a smaller diameter and from thinner stock than the brass 
and aluminuum cups, but the correlation between ¢: and s from the tensile is 
equally good. ; 

With respect to the discussion on the tangential or circumferential strain 
at the critical section, the clearance and the resulting inclination of the cup 
wall at maximum load must again be considered. The measurement of radial 
lines scribed on the blank prior to the cupping will show compression in the 
upper regions of the cup wall as would be expected. On the curved surface at 
the bottom of the cup, however, tension or separation of the radial lines cir- 
cumferentially was observed. It was also found that no measurable change in 
the lines occurred in the region of transition from the straight: wall to the 
curved surface. In the change-over then from compression to tension it would 
be logical to expect that the strain in some region must be zero. This region 
was taken as the critical section. It may be that the critical section and zone 
of zero tangential strain are not exactly coincidental due to errors of measure- 
ment, but the suggestion was intended to substantiate the claim of predominantly 
tension stress existing in the critical section. It is not claimed that pure tension 
exists at this critical section, but that those stresses other than tension are 
negligible. The correlation between ¢: and s corresponding to maximum load 
from the tension test would seem to validate this initial assumption. 

Dr. Sturm also calls attention to the differences between the behavior of 
materials under unidirectional stress and a state of combined stress. In the 
cupping process there are, of course, regions of combined tension and com- 
pression. The locations of the failures, however, are almost never in these 
regions. Actually the conditions of combined stress account for the marked 
radial elongations which are greatly in excess of those measured in the tension 


8G. Sachs, *“‘New Researches on the Drawing of Cylindrical Shells,” Journal, Royal 
\eronautical Society, November, 1935. 
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test. Even brittle materials may be caused to deform appreciably as Dr. Sturm 
suggests. Since we are primarily interested here in the ability of the material 
to deform, and since the nature of the stresses in regions of combined stress 
are favorable to the desired deformation, it does not seem that the state of 
combined stress provides any problem in cupping. The preceding also serves 
to justify the basic assumption of predominantly tension stress at the critical 
section. 

Mr. Schroeder in mentioning the possibilities of furthering this type of 
work included several items which will necessarily have to be investigated. 
Actually experimentation on “hold down” variations has been undertaken 
since the presentation of this paper. 

The location of the failure under certain conditions will be at the top 
of the cup, and, of course, the analysis in this case must be totally different 
from that described in this work. The writer is of the opinion that the 
third type of failure which Mr. Schroeder describes as occurring in the wall 
of the cup adjacent to the draw radius is the same as that indicated in the 
writer’s papper. It is quite true that the method of predicting maximum blank 
diameters from the tension test will not apply in the case of the shear failure. 

For the two punch nose radii (0.125 and 0.25 inch) used in drawing a 
set of annealed 65-35 brass, no appreciable differences were observed. The 
variations in maximum blank diameters were in the order of magnitude of 
the possible error. For the %-inch punch nose radius a maximum blank 
diameter of 2.43 inches was obtained while the %-inch punch nose radius 
drew successfully a blank of diameter 2.38 inches. The maximum punch 
forces were 16,200 pounds and 17,200 pounds respectively. More complete 
data should be obtained, however, before Mr. Schroeder’s question can be 
properly answered. 

In determining the instantaneous area of the rectangular tension test 
specimen under loads near the breaking value, three measurements are made 
on the contracted section. The width of the specimen which may be repre- 
sented as h, the thickness at the edges of the specimen, 2x, and the thickness 
at the center of the section, 2a, are measured. The area of the section is 
then given by the equation: A —2ah+ %h (x-a). This relationship is an 
approximation on the assumption that the curves taken by the sides in con- 
tracting are parabolic. The relationship has been considerably checked against 
the true areas for rectangular specimens and the error is of the order of 
1 to 1.5 per cent. C. W. MacGregor® describes in more detail the application 
of the s-q’ tensile test to the rectangular specimen. 





so 


. W. MacGregor, “Differential Area Relations in the Plastic State for Uniaxial 
Stress,”” The Stephen Timoshenko 60th Anniversary Vol., MacMillan Company, 1939. 








ON THE LOCATION OF FLAWS BY 
DOUBLE-EXPOSURE RADIOGRAPHY 


By JAMEs RIGBEY 


Abstract 


Stereoscopic radiographs utilizing two exposures cor- 
responding to two positions of the X-ray tube, usually 
about a foot apart, may be made ona single film instead 
of separate films as ts customary. This double-exposure 
method enabies direct measurement of the distance be- 
tween the two images of an internal defect in the subject 
radiographed. From this measurement, the vertical posi- 
tion of the flaw can be deduced mathematically rather than 
by visual estimation in which the two films are set up in a 
stereoscopic viewing stand. Hence this method also elim- 
inates the necessity of special viewing apparatus. 

In experiments with cast aluminum and steel blocks 
up to 2 inches in thickness, it was found that the conse- 
quent reduction in sensitivity and definition is not pro- 
hibitive where a sensitivity of 2 per cent in aluminum and 
4 per cent in steel is sufficient. The vertical position of 
holes of regular shape can often be measured with an 
error of only + 3 per cent although larger errors must be 
expected in practice where flaws are more irregular. 


T IS often of great importance to know the exact position of flaws 

detected radiographically in metal parts. This is usually deter- 
mined by taking two radiographs, the second one after the specimen 
has been turned through a right angle relative to the first. Quite 
often, however, the shape and size of the specimen renders this 
method impossible and then resort must be had to stereoscopic meth- 
ods. This usually requires two radiographs corresponding to two 
positions of the X-ray tube and these are viewed together in a special 
stand utilizing prisms or mirrors to obtain a three-dimensional effect. 
In many laboratories stereoscopic viewing stands are not available and 
in any event the effect is only visual and measurements cannot be 
readily made. For this reason, a modified method is sometimes used, 


A paper presented before the Twenty-fourth Annual Convention of the 
Society held in Cleveland, October 12 to 16, 1942. The author, James Rigbey, 
is radiologist, Ford Motor Company of Canada, Windsor, Ont., Canada. 
Manuscript received May 12, 1942. 
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in which both stereoscopic exposures are made on the same film. As 
reference to this method is vague in most texts it was decided to in- 
vestigate the degree of accuracy which could be obtained by it. 


DERIVATION OF FORMULAE 


There are two methods by which measurements may be made 
and the position of a flaw estimated: 

. First, we may measure the stereo-shift of the X-ray tube and 
the target-film distance accurately and by simple geometry obtain a 
formula by which measurement of the image shift on the film will 
give the vertical height above the film of the flaw producing the 
image. 


y 


/\ 


F Ps B58 ae F 


Fig. 1—Diagram of Stereographic 
Method. 


Second, if a lead marker be placed on top of the specimen, a 
comparison of displacements of the images of the marker and the 
flaw, and measurement of the distance of the marker above the film, 
will give the required figure. 

In Fig. 1, if T, T’ be the two tube positions, F, F’ their pro- 
jections on the plane of the film, and I, I’ the corresponding images 
of the flaw N, it follows from similarity of triangles that IO + I’O 
= (NO/TF) (10+ l’O + OF + OF’) if TF = T’F’. Hence 
we have: 

Focal Dist. X Image Shift" 


NO (flaw-film dist - 
O Cam tien eetencn) | chant + Amman Shilt (1) 





It is, of course, immaterial whether the two positions of the tube be 
equidistant on each side of the flaw, i.e., whether OF — OF’. 
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Now, if a lead marker be placed at N” on top of the specimen, 
we may consider other pairs of similar triangles in order to eliminate 
the tube shift FF’ and arrive at the value 


_ Il x N’O x TF (2) 
|” [™ 4 TF “eal N’”O cs" [| a II’) 





NO 


Stewsflmn dist, ee taanee SU Maree eee 
r wo § Marker image shift x Focal Distance — 


)Marker-film dist. (diff. of two image shifts 


In like manner we could eliminate the focal distance and arrive 
at the expression 


N”“O (FF’ + [” 5} Il’ (3) 


NO = 
ms (FF + II’) I” 


§Marker-film dist. x (Tube shift + marker image 
shift) X Flaw image shift 


{ (Tube shift + flaw image shift) 
l x Marker image shift 


or Flaw-film dist. = 


Obviously, by use of a second lead marker placed at a different 
distance above the film, we could combine equations 2 and 3 to elimi- 
nate all measurements except those made on the film but this is 
hardly ever necessary in practice. 

In general, the distances involved are such that it does not intro- 
duce any great error if, in the second method, we assume the rays 
forming the lead marker image, and those forming the image of the 
flaw, to be parallel and this simplifies our equations 2 and 3 to a 
marked degree. Thus we get instead of 2 or 3, the value for flaw-. 
film distance: 

( Marker-film dist.) X Flaw image shift (4) 
marker image shift. 


Flaw-film dist. = 


The difference introduced by this simplified form was found to 
be about 1 per cent in the experiments conducted. This error is 
masked by the other possible errors which are due chiefly to the lack 
of distinctness of the images. In all the following work equations 1 
and 4 alone were used. 


EXPERIMENTAL PROCEDURE 


Work was done with both aluminum and steel test castings, the 
former recorded in Part A and the latter in Part B. The tube used 
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was a Philips Metalix Macro 200 p.k.v. type with water-cooled 
stationary anode. 

All exposures were made at 5 ma. The time was measured 
from an arbitrary position of a protective rheostat and hence ex. 
posures are not comparable with those of other experimenters. This 
condition is due to the fact that the voltage had to be brought up to 
maximum slowly by means of the rheostat. 

In all cases the perpendicular focal distance (target to film) 
was taken as 91.8 centimeters. 

Test specimens for Part A were unmachined, cast aluminuni 
bars, 48 by 7.5 centimeters and of different thicknesses. Twelve 
holes 6.4 millimeters in diameter and of depths varying by steps of 
about 0.8 millimeter were drilled in each of these castings. Maxi- 
mum possible error in recording these depths and the thickness of the 
castings themselves is approximately +0.3 millimeter. The point 
of the drill used in making these holes was 1.6 millimeters long and 
was not included in the recorded depths of the holes since the full 
diameter~of the holes was visible on the films whenever the images 
were clear enough for stereographic measurement. 

Test castings 2.5 and 5 centimeters (1 and 2 inches) thick were 
radiographed with the holes on top and also next to the film. Others 
1% and % inch were superimposed and radiographed together with 
the holes at the inner faces. 

Non-Screen Film with 0.2-millimeter lead filters was used in 
all the work of Part A. 

Test specimens for Part B consisted of cast steel blocks 11 by 
3.8 by 1.3 centimeters and 11 by 3.8 by 2.5 centimeters. These con- 
tained grooves 1.3 centimeters wide in which fitted slotted bars. 
These bars were of two kinds, the first containing slots 0.3 centi- 
meter wide and varying depth from 0.25 to 2.0 millimeters (0.01 
to 0.08 inch) in steps of 0.25 millimeter. Possible error +0.04 
millimeter. The other bar contained slots 0.32 centimeter wide and 
varied in depth from 0.5 to 3.0 millimeters (0.02 to 0.12 inch) in 
steps of 0.5 millimeter. Possible error +0.1 millimeter. Two of 
each size specimen were radiographed together with one slotted bar 
between and one on top (both with same size slots}. Thus total 
thicknesses radiographed were 2.5 and 5.1 centimeters (i.e., 1 and 2 
inches), the bar with the larger slots being used with the latter. 

High speed film with two intensifying screens was used in Part 
B as Non-Screen Film was found unsatisfactory. 
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RESULTS 


Part A: 


It was found that the separate images were often sufficiently 
elongated to distinguish both ends of the holes and consequently esti- 
mations could be made of the positions of the middle and both ends 
of the holes and hence also their depths. In all cases, this was possi- 
ble for holes whose depths were not less than 10 per cent of the 
specimen thickness, while the actual maximum sensitivity was just 
under 2 per cent. 

The image shift for the middle of each hole was taken as the 
distance between the centers of the images. These were determined 
by drawing two diameters across each image although visual esti- 
mation was found to be equally satisfactory. For holes smaller 
than 10 per cent of the specimen thickness, there was usually found 
to be little difference between measurements taken from the centers 
or edges of the images. 

The errors in calculating the positions of the holes are listed 
below as percentages of the thickness of the specimen. The limits 
of the range of errors are recorded for each exposure while the 
bracketed number is the average of the most usual errors ignoring 
exceptions due to unusual appearance of the image and similar 
causes. The errors in calculating the depths of the holes are listed 
as percentages of the actual depths. 


Total specimen thickness: 2.5 centimeters 
Exposure at 70 p.k.v.: 45 seconds in each tube position. 
1. Holes at top of specimen. 


(a) Tube Shift: 30.5 centimeters. Marker image shift: 10.1 millimeters. 


Equation Top of Hole Bottom of Hole Middle of Hole Depth 
1. +3to—1% +16 to +4% +8 to 0% —15 to —70% 
+2) (+12 (+4) 
4. —6 to —2% +llto 0% +2to—5% —I15to—70% 
(—4) (+8) (—2) 
Order of small holes random small holes random 
errors less neg. more negative 


(b) Tube Shift: 61.0 centimeters. Marker image shift: 20.1 millimeters. 
Equation Top of Hole Bottom of Hole Middle of Hole Depth 


. —lto —2% +6 to +2% +7to—2% —20to—50% 
(—2) (+5) (+4) 

4, —6 to —5% +2 to —2% +2to—6% —20to—50% 
(—6) (+1%) (+2 


Errors random in all cases. 
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2. Tops of holes 1.9 centimeters from bottom of specimen. 


(a) Tube Shift: 61.0 centimeters. Marker image shift: 22.0 millimeters. 


Equation Top of Hole Bottom of Hole Middle of Hole Depth 
1. +1 to —4% +3to 0% +2to—3% —I15to —33% 
(—2) +2) (£1) (exception +13) 
4. —14to —19% —6 to—11% —9to—13% —I15 to —33% 
(—17) (—7) (—10) (exception +13) 
Using marker image shift of 20.1 millimeters (from 1 (b) above) 
4. —-4to —7% —lto—5% —2to—/% 
(3) (—2) (—4) 


3. Bottoms of holes at bottom of specimen (2.5 millimeters from film) 
(a) Tube shift: 30.5 centimeters. Marker image shift: 9.9 millimeters. 


Equation Top of Hole Bottom of Hole Middle of Hole Depth 
1. +4 to —6% +18 to +8% 
(—3) (+12) 
4. +2 to —8% +12 to +6% 
(—4) (+10) 


Errors random in all cases. 


(b) Tube Shift: 61.0 centimeters. Marker image shift: 20.1 millimeters. 


Equation Top of Hole Bottom of Hole Middle of Hole Depth 
1. 0 to —5% +10 to +5% 
(—3) (+7) 
4. +4 to —3% +7 to +3% 
(+2) (+5%) 
Order of smaller holes 
errors more neg. using 1. random 


more pos. using 4. 


Total specimen thickness: 5 centimeters. 
Exposure at 100 p.k.v.: 1% minutes in each tube position. 
1. Holes at top of specimen. 


(a) Tube shift: 30.5 centimeters. Marker image shift: 19.9 millimeters. 


Equation Top of Hole Bottom of Hole Middle of Hole Depth 
1. —1 to —6% +5 to —2% +3to 0% —I11 to —50% 
(—2) (+4) (+1) 
4. —2 to —10% +1 to —6% —lto—7% —11to—50% 
(—5) (—2) (—4) 
Order of small holes small holes medium holes d 
errors less neg. more neg. most positive shea cod 


(b) Tube Shift: 61.0 centimeters. Marker image shift: 38.9 millimeters. 


Equation Top of Hole Bottom of Hole Middle of Hole Depth 
1. 0 to —2% +5 to +3% +5to+2%  —31to—75% 
(—1Y%) (+4Y%) (+2%4) (exception —3) 
4. —4to —5% +2 to —4% +lto—3%  —3l1to —75% 
(—5) (+1) (—2) (exception —3) 


Errors random in all cases. 
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2. Tops of holes 3.2 centimeters from bottom of specimen. 
(a) Tube shift: 30.5 centimeters. Marker image shift: 19.5 millimeters. 
Equation Top of Hole Bottom of Hole Middle of Hole Depth 


{: +¥4 to —2% 0 to —5% +2to—1% —Il15to—40% 
(+%) —3) (+1 

4, —3to —6% +1 to —4% —2to—5% —I15to—40% 
(—4) (+1) —4) 


Errors random in all cases. 


(b) Tube Shift: 61.0 centimeters. Marker image shift: 38.9 millimeters. 
Equation Top of Hole Bottom of Hole Middle of Hole Depth 


1. —¥4 to —2% +4 to —1% +2 to0% —17 to—35% 
(—1%4) (+2) (+1) (exception +2) 
4. —4to —6% +1 to —4% —2 to—4% —17 to—35% 
(—5%) (—2) (—3) (exception +2) 
Order of random small holes random random 
errors more neg. in 1. 


more pos. in 4. 


3. Bottoms of holes at bottom of specimen (2.5 millimeters from film) 
Tube Shift: 61.0 centimeters. Marker image shift: 38.0 millimeters. 


Equation Top of Hole Middle of Hole 
1. +2 to —4% +4 to +2% 
—=) (+3) 
2. 0 to —4% +3 to +1% 
(—2) (+2) 


Errors random in all cases. 


On comparing the above results we find the following pertinent 
points : 

1. There is little difference whether we use equation 1 or 4 
although in general,1 gives slightly smaller errors. The exception 
lies in locating the bottoms of holes, when equation 4 is slightly 
better. 

2. The magnitude of the tube shift makes little difference ex- 
cept when holes are close to the film the larger shift is naturally more 
accurate. When holes are far from the film, there is danger that 
the images will fall beyond the outline of the specimen unless very 
careful blocking technique is used. In this case it is better to use a 
small shift which is just as accurate as a large one within the ranges 
of this work. 

3. The relatively large errors in determining the mid points of 
holes opening onto the bottom surface of the specimen are quite un- 
derstandable since, instead of obtaining two separate images, the one 
image is only elongated by the tube shift. 

4. In general the magnitudes of the errors are distributed at 





4 
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random. Sometimes they appear to vary with the size of the hole 
but this does not seem to follow any general rule. 

5. Large errors in the marker image shift, such as evidently 
occurred in 2 (a) above for the 2.5-centimeter specimen, may be 
eliminated by using the average of previously determined values using 
marker-film dist. 


—_—_____—_—_—————— ma 
marker image shift yihe 
determined once for each stereo shift and used~-for all future work. 


A careful determination of this factor might, indeed, contribute much 
towards more accurate work although greater care would have tobe 
taken in determining the exact tube shift. 

6. As might be expected, the errors in determining the tops of 
holes are in general negative, while those for the bottoms are usually 
positive. This, of course, is due to the small sections of the holes 
traversed by rays passing through their upper and lower extremities, 
making these sections of the images less distinct. This accounts for 
the great errors in determining the depths of the holes themselves 
by this method. 

It must be borne in mind that the experimental holes used in 
this investigation were drilled and hence very definite in shape. The 
holes encountered (in practice), being of irregular shape, would 
doubtless be located with rather less exactness. 

In making the above calculations, it must be remembered that 
the bottom of the specimen is not in contact with the film and correc- 
tion must be made for thickness of the film holder. 


the same tube shift. That is, the factor 


Part B: 


In working with steel, it was not found possible to distinguish 
between images of the tops and bottoms of the slots so each measure- 
ment was made from the edge of the image and recorded as the mid- 
dle of the slot in question. 

Usually only three or four slots were distinguishable so the 
range of errors is smaller in each case and the average is not given as 
in Part A. The errors are recorded as percentages of the specimen 
thickness. 

Results are given for several exposure techniques and the errors 
in locating the slots are seen to be largely independent of the tech- 


' nique as long as the images are clear. 
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Total specimen thickness: 2.5 centimeters 
Tube Shift : 61.0 centimeters 


Slots at top of specimen Slots in middle of specimen 
Errors using equation : 
1. 4, 1. 4, 
Exposure at 100 p.k.v.: 30 seconds in each tube position. 
Sensitivity—5%. 
Marker image shift: 21.9 millimeters. 


+2 to —1 +¥4 to —2% 
Exposure at 140 p.k.v.: 15 seconds in each tube position. 
Sensitivity —4%. Sensitivity—4%. 
Marker image shift: 20.9 millimeters. 

+2 to —2 +2 to —2% +¥% to —5 +¥4 to—5% 
Exposure at 150 p.k.v.: 15 seconds in each tube position. 
Sensitivity—4%. Sensitivity—3%. 
Marker image shift: 23.0 millimeters. 

+7 to +3 —¥% to —4% +7 to +2 +3 to —3% 
Exposure at 150 p.k.v.: 15 seconds in each tube position (different speimen) 
Sensitivity—4%. Sensitivity—2%. 
Marker image shift: 23.0 millimeters. 

+4to+1 —2to —4% +5 to +1 0 to —3% 
Total specimen thickness: 51 centimeters 
Tube Shift : 30.5 centimeters 

Slots at top of specimen Slots in middle of specimen 

Errors using equation: 

f : 1. 4. 
Exposure at 185 p.k.v.: 1 minute in each tube position. | 
Sensitivity—4%. Sensitivity—4%. 

Marker image shift: 22.0 millimeters. 

—3% —6% +7% +1 to +3% 
Exposure at 185 p.k.v.: 2 minutes in each tube position. 
Sensitivity—4%. Sensitivity—4%. 
Marker image shift: 22.5 millimeters. 

+8 to +3 0 to —6% +9 to —5 +2 to —11% 

Exposure at 185 p.k.v.: 3 minutes in each tube position. 
Sensitivity—5%. Sensitivity—6%. 
Marker image shift: 22.0 millimeters. 

+3% —3% +21% +16% 


These results compare quite favorably with those of Part A. 
The desirability of good technique, giving greater sensitivity, is 
clearly shown in the above work. 

It will be noted that throughout Parts A and B, the errors in 
using equation 4 are more negative than those using equation 1. This 
accounts for the smaller errors in locating the bottoms of the holes 
in Part A. This is noteworthy when the images are clear enough to 
distinguish both ends of the hole. 
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SUMMARY 


For locating the vertical position of a flaw by double-exposure 
radiography with a single film, a formula is derived which involves 
the X-ray tube shift, focal distance and shift of the image of the 
flaw. By placing a lead marker on the specimen being radiographed 
and noting the shift of its image on the film, either of the first two 
quantities may be eliminated. 

By assuming the X-rays to be parallel, a simplified formula, uti- 
lizing the lead marker, is derived and found to be sufficiently accurate. 
It is noted that if the tube shift be known sufficiently accurately, the 
factors oe ee Sore which is constant for any one tube shift, 

marker image shift 
may be used, eliminating the necessity of measuring the marker-im- 
age shift each time. | 

Experiments were conducted with a view to determining the ac- 
curacy with which holes could be located in aluminum and steel cast- 
ings by these methods. In working with aluminum, it was found 
that drilled holes greater than 10 per cent of the casting thickness 
produced images of such clarity that their tops and bottoms could 
each be located and the depths of the holes estimated. The errors 
in the calculation of these depths were usually in the order of —50 
per cent. The location of the holes themselves was found to be pos- 
sible with errors usually much less than +10 per cent of the casting 
thickness and often under +3 per cent whenever sensitivity was 
under 4 per cent. 

These errors must be considered to correspond to optimum con- 
ditions since the experimental holes were of uniform shape which 
is seldom, if ever, encountered in practice. 

A tube shift of 30 centimeters (1 foot) was found to be ade- 
‘quate except when the holes were near the bottom of the casting. In 
this case, a larger shift would be expected to give better results. 

To date, this double-exposure method has not been used ex- 
tensively in practice by the writer. However, the end of one hole, 
which opened onto the surface of a 2-inch casting, was located with 
about —12 per cent error. In another case, the center of a hole in a 
casting 34 inch thick was located almost exactly by radiographing 
from opposite directions and averaging the two results. 








19443 DISCUSSION—DOUBLE-EXPOSURE RADIOGRAPHY 609 
DISCUSSION 


Written Discussion: By Herbert R. Isenburger, president, St. John 
X-Ray Service, Inc., Long Island City, N. Y. 

Although I do not believe in this type of inspection, the term is established 
and the method exists and cannot be applied for something else. 

Some practical applications of Mr. Rigbey’s method have been described 
by the present writer and D. M. McCutcheon.*** I have developed this 
double-exposure technique and used it since 1929. In some of our installations 
the tube is moved automatically a certain distance which makes the calcula- 
tions quite simple when it is desired to determine the depth of the defect. 

While the double-exposure method is being used universally with great 
success, it may be desirable to establish facts concerning its efficiency. From 
this point Mr. Rigbey’s attempt is commendable and more work along these 
lines should be done and will be done after we have won this war. 

Written Discussion: By R. Welchli, Industrial X-Ray Laboratory, 
Detroit. 

The author has demonstrated a method for localizing the vertical posi- 
tion of defects in objects which can be examined radiographically in only one 
plane. The method is simple and practical and is based upon well known 
principles of parallax and geometry. His experiments have shown that the 
theoretical predictions are well borne out in practice and within small limits 
of error. The virtues of the method which recommend it are the simplicity 
of the measurements and calculations and the economy achieved by the use 
of a single film, It would seem that the practical application might be rather 
limited but should the occasion arise we have, thanks to the author, a sound and 
well tested means of dealing with the problem. } 

Written Discussion: By P. Blackwood, Foundry Department, Ford 
Motor Company of Canada, Windsor, Canada. 

During the past two years a great deal of expansion has taken place in 
our foundry. Not only has our capacity multiplied but the type of work 
has spread over a large field. In this augmented program the X-ray has 
played a vital part. 

I feel that Mr. Rigbey’s paper could cover more field but he is developing 
along the right lines. In castings of a uniform nature a flaw caused by either 
slag or a draw is readily detected. The width is obviously determined. The 
depth can also be gaged with a great degree of accuracy, as portrayed by 
Mr. Rigbey. 

The development lies in determining flaws in intricately designed jobs. 
In our case we have taken over a great many forgings and turned them 
into castings. On quite a number of these jobs we relied on the cutter to 
convey to us our weak spots. One casting in particular, a Gun Recoil, due 


to many slots in its barrel, deflecting the X-rays, made it quite impossible to 
a Herbert R R. Isenburger, ‘“‘A Step Further in X-Ray’’, American Machinist, January 
6, p. 133 


“Herbert R. ‘Teabinadh, ‘“‘Making Radiographic Inspections of Chemical Equipment’’, 
Chemical & Metallurgical Bngmesang, Vol. 40, 1933, p. 130 


8D. M. McCutcheon, “The Use of poerereney in the Development of Castings for 
ass Production” , American Society for Testing Materials Bulletin, March 1940. 
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detect flaws. On cutting this casting up it verified our suspicions concerning 
the failure of the X-ray. 

We have done a great deal in casting high speed steel. In order to de- 
termine the cause of cracks in the hardening process some samples were 
X-rayed. These showed a perfect casting but on cutting them a flaw was 
exposed. We discovered, due to the denseness of the tool steel structure, that 
our X-raying equipment was not adequate. We found that our first pictures 
were caused by secondary rays. 

However, we in no way are discouraged and I feel sure that as experience 
is gained in this comparatively new investigation of castings, the cost and 
delay necessitated in cutting up a job will be eliminated. We will be able 


to keep a closer check on our product at the source and eliminate failure 
in service. 


Oral Discussion 


G. C. Laurence:* Mr. Rigbey has spoken with modesty of the accuracy 
which he attains in his method. Actually, great accuracy is not usually re- 
quired. There are two circumstances when the position of a flaw along the 
line of sight from tube to film is of interest. The first case is when it is 
of interest to decide if a flaw is in the upper or lower of two superimposed 
sections. The other case arises when it is important to know if the flaw is 
near the surface, because if near the surface, it might be quite objectionabie 
on account of concentrating stresses, while near the median line of the section, 
it might be all right. In both cases, only a qualitative test is required, and 
Mr. Rigbey’s double-exposure method is admirable for the: purpose. 

W. A. Morrison :* May I raise one point in connection with the machin- 
ing of castings. In some cases, a flaw may occur in or near a surface which 
is to be machined. This method could be used to locate such flaws so that 
the casting can be repaired or discarded before machining. 

I would like to remark about one other thing. Mr. Rigbey mentioned in his 
paper that he used a non-screen type film for aluminum, but not for the steel. 
What was the difficulty experienced with the steel? 

Mr. Ricsey: We have found that non-screen film, using the voltages that 
we can obtain, that is, seldom above 190 k.v.p., will take, as a rule, anywhere 
from 0.75 to 1 inch of steel, depending upon the maker, whereas the high speed 
film, using two calcium tungstate intensifying screens, will record 1 per cent 
sensitivity up to, we find, 2.8 inches of steel. The difficulty in obtaining any 
results with 1 inch of steel using non-screen film made it more practical to 
use the high speed. 

Mr. Morrison: Non-screen film has a very straight line curve connect- 
ing density and exposure up to a density of about 3.0, whereas the screen films 
flatten out and have a much smaller slope above density 2.0. I had thought 
the non-screen film would probably give better contrast and a better visibility 
of the two images; that is, the first exposure could build up to a density of 
perhaps 1.2 or something like that, and the second exposure would then give 
a total density of about 2.4. The two images of the defect would then have 





‘Physicist, National Research Council of Canada, Ottawa, Canada. 
5Physicist, National Research Council of Canada, Ottawa, Canada. 
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about the same degree of contrast, whereas with the screen type of film, one 
image would be likely to have less contrast than the other. Was that the case? 

Mr. Ricspey: Yes, I found this to be the case. 

Mr. Morrison: I tried this out with an inch and a half of steel and could 
get 5 per cent sensitivity, but the densities were rather low and I did not have 
time to do it again. I thought, with a total density of about 3, it would be 
possible to get down to 3 per cent, or perhaps 2 per cent sensitivity. Beyond 
that, I have my doubts. 

Mr. Ricspey: I believe Mr. Morrison is able to use higher voltages than 
those used in our work and hence it is likely that he could obtain a sensitivity 
better than 4 per cent. Certainly with super-voltage equipment, such as a 
million volt tube, one would expect much better results. The lessened amount 
of scattered radiation and the greater penetration enable non-screen film to 
be used almost exclusively with little or no blocking. 

Another factor influencing the sensitivity is, of course, the size of the 
focal spot of the tube. Ours was rated at 5.2 millimeters. 

R. F. THomson:* I would like to ask Mr. Rigbey a question. He has 
pointed out that the method is not 100 per cent practical in production. Couldn't 
the practicability be increased by simultaneously exposing a film with two 
X-ray tubes a fixed distance apart, thereby making the time-consuming shift- 
ing of a single tube unnecessary? 

Mr. Ricpey: That idea has not occurred to me. It would certainly be 
worth while trying out if you have two X-ray tubes. 

Ropert Matrers:’ The accuracy of location in depth will depend largely 
on the location of the defect and on the tube shift used. In general, greater 
tube shift will result in greater accuracy of location in depth. The accuracy 
usually needed, as Dr. Laurence pointed out, is not very great. That is, if 
there are flaws in a casting or weld of large section, it is important to know 
whether the flaw is near the top or bottom surface so that chipping and re- 
pairing can be minimized. 


Georce Spratt:* All mention so far has been in regard to castings in 
particular. Do I understand from this that the flaws found in castings are 
sufficiently larger than those encountered in welding practice that the sensi- 
tivity available with your double-exposure process limits its application to 
castings rather than welding? 


Mr. Ricpey: No. Castings were referred to here because all the experi- 
mental work was performed with castings. I see no reason why the method 
could not be applied to any part that can be radiographed as long as the re- 
quired sensitivity can be obtained. 

Mr. Spratt: One more question, please. In using two exposures on 
one film it is difficult to get the sensitivity that is possible with a single ex- 
posure. Have you ideas of possible methods to increase this sensitivity to 
small defects, and in what direction should one work to get greater sensitivity 
on this double-exposure work? 

Mr. Ricspey: I am thinking of trying to increase the sensitivity by going 


®Aircraft division, Chrysler Corp., Detroit. 
™Metallurgist, Allis-Chalmers Manufacturing Co., Milwaukee. 
‘Research director, Lukenweld, Inc., Coatesville, Pa. 
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back to two exposures on separate films to get the sensitivity that you can get 
in an ordinary radiograph, and the problem lies in determining a method of 
getting the shift of the image of the flaw. I hope to work along that line 
in the near future. 


: 


Author’s Reply 


I wish to thank Mr. Isenburger for his comments and information. He 
has pioneered in the field of double-exposure radiography and proven it to be 
of practical value. I have not seen, however, any mention of the magnitude 
of errors to be expected in this work and it is apparent that upon this might 
depend the practicability of the method for some particular job. It was for 
the purpose of determining this for our own use and that of anyone who has 
not used the method before, that this paper was prepared. 

In his welcome comments, Mr. Blackwood mentions that “the X-ray has 
played a vital part” in the expansion of foundry work. Anyone who is in- 
terested in the manner in which the X-ray is of value here may be referred 
to the paper by D. M. McCutcheon.’ 

Intricate castings such as the Gun Recoil referred to by Mr. Blackwood 
may be handled by cutting small sections of film, placing them between thin 
lead sheets (0.01 inch has proved satisfactory in some cases) and putting 
this “sandwich” inside the casting under the section to be radiographed. This 
operation may become long and tedious if the casting is large, and only prac- 
tical if the casting is to be put into service and must not be destroyed. Thus 
it is sometimes quicker and more convenient.to section the casting, although 
some flaws may be missed entirely by this method. To prevent this, the parts 
may be radiographed after sectioning. 

Other methods used in combating scattered radiation are immersing the 
part in copper shot or solution of lead salts, Even this becomes less satisfac- 
tory with more complex shapes. 

With regard to the high speed steel mentioned by Mr. Blackwood, it was 
found, upon analysis, to contain 17.2 per cent tungsten. Since the absorption 
of X-rays is approximately proportional to the third power of the atomic 
number of an element and the atomic number of tungsten is 74 as compared 
with 26 for iron, the opacity of this sample to X-rays as compared with that 
of plain carbon steel was in the ratio of about 2.5 to 1. Thus the sample 
mentioned, which was 1.75 inches thick, was equivalent to 4 inches of plain 
carbon steel. A piece % inch thick was cut off the end where shrinkage was 
suspected and the defect located quite satisfactorily by radiography. 

The answer to both these problems lies, of course, in the use of super 
voltage equipment. 

The encouraging remarks of Mr. Welchli and the helpful suggestions of 
other discussers, both written and oral, are greatly appreciated. 

I think Mr. Laurence is perfectly correct in what he says, and it is really 
more of academic interest to find the exact accuracy which can be obtained, 
and as Mr. Laurence mentioned, in most cases, very great accuracy is not 
needed except perhaps if the flaw be so close to the surface that it is ques- 
tionable whether it will be removed in the machining operation. 








THE MECHANISM AND THE RATE OF FORMATION OF 
AUSTENITE FROM FERRITE-CEMENTITE 
AGGREGATES 


By GeEorGE A. ROBERTS AND RosBertT F. MEHL 


Abstract 


This paper is an account of a series of experiments 
designed to establish the mechanism of the formation of 
austenite and to measure the isothermal rate of forma- 
tion of austenite from aggregates of ferrite and cementite 
in eutectoid steels. The rates of formation are analyzed 
in terms of the rate of nucleation, N, and the rate of 
growth, G. Both the rate of nucleation and the rate of 
growth of austenite are shown to be structure-sensitive 
properties. 

The heterogeneity of the initial austenite formed in 
eutectoid steels is described. Undissolved carbide remains 
as a structural constituent and on further heating carbon 
concentration gradients are shown to exist for appreciable 
times after the carbide has disappeared. 

The effect of temperature, initial structure, and deoxt- 
dation practice on .the rate of formation of austenite ts 
described. 

The method of calculating the initial austenite jgrain 
size from the rate of nucleation and the rate of growth 
is included and the results obtained show fair agreement 
with the experimentally determined fracture grain size. 


HE formation of austenite on heating is the necessary prelimi- 
nary to the hardening of steel by quenching. Variations in the 
austenitizing treatment lead to variations in the response to quench- 
ing, owing primarily to the attendant changes in the grain size and to 
differences in the state of heterogeneity of the austenite produced. 
With a given austenitizing treatment, alterations in initial structure, 
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in the state of deoxidation, and in chemical composition cause dif- 
ferences in the result of the austenitizing treatment, which in turn are 
reflected in variations in type to the formation of pearlite from 
austenite, the reverse process; and as in that case (1), (2)? it should 
be profitable to study the rate of formation of austenite in terms of 
the rate of formation of austenite nuclei and the rate of growth of 
these to nodules. 

The present paper is an account of a series of experiments de- 
signed to establish the mechanism of the formation of austenite, to 
measure the isothermal rate of formation of austenite in eutectoid 
steels from aggregates of ferrite and cementite, to measure the rate 
of nucleation, N, and the rate of growth, G, at a series of tempera- 
tures, and finally to measure the rate of homogenization of austenite.* 


Previous Work 


Arnold and McWilliams (3) appear to have been the first to discover that 
austenite forms on heating by a process of nucleation and growth. Portevin and 
Bernard (4) and Jungbluth (8) noted the effect of initial structure and Jones 
(7) investigated the effect of temperature on the rate of the austenitizing reaction. 
Andrew, Rippon, Miller and Wragg (5) and Lundgren (6) and later Mirkin 
and co-workers (15, 16, 17) showed the austenitizing reaction to proceed in 
two stages, namely, the destruction of pearlite and the solution of residual 
carbide. 

Hultgren (10) observed the effect of heterogeneity upon the formation 
of austenite and noted that austenite nodules tend to be elongated in the forg- 
ing direction. Walldow (11) made the first observations as to the location of 
austenite nuclei with respect to prior structure. Grossmann (12, 13) and Dav- 
enport and Bain (14) presented a clear picture of the nucleation of austenite 
in hypoeutectoid steels and recognized that the initial austenite grain size is 
the resultant of certain values of the rate of nucleation and the rate of growth 
of austenite nodules. Payson, Hodapp and Leeder (18) demonstrated that the 
time-temperature relationships for austenitizing differ for different heats of 
steel. Baeyertz (19) provided information on the effect of initial structure 
on the mechanism of austenitizing. 


THE MECHANISM OF FORMATION OF AUSTENITE 


It may be taken as established, therefore, that austenite forms 
from aggregates of cementite and ferrite by a process of nucleation 
and growth. The mechanism of the reverse transformation, i.e., the 


1The figures appearing in parentheses refer to the bibliography appended to this paper. 


*Some of the results of this work were embodied in a general way in the Sixteenth 
Campbell Memorial Lecture presented by one of the authors. 
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formation of pearlite from austenite, has recently been restudied (1), 
(2), (21). In that case it has been shown that nucleation occurs 
practically exclusively at austenite grain boundaries when the austen- 
ite is highly homogeneous ; when, however, austenite is quite hetero- 
geneous, nucleation occurs within the austenite grains. The rate of 
nucleation is, therefore, a structure-sensitive property; the rate of 
growth of pearlite nodules from austenite, however, is independent 
of the austenite grain size and the state of the austenite hetero- 
geneity; it can, therefore, be considered a_structure-insensitive 
property. 

The structural factors affecting the location of nuclei of 
austenite and determining the rate of nucleation and growth of 
austenite from aggregates of ferrite and carbide are necessarily dif- 
ferent. In this case the degree of dispersion of the carbide and the 
ferrite “grain size’’ must be considered.. In pearlite the interlamellar 
spacing may be taken as a measure of the dispersion of the carbide, 
and in spheroidized steel the number and size of the carbide parti- 
cles. Ferrite grain size has no precise meaning in either case, but it 
will be necessary to inquire as to whether the pearlite colony size 
in pearlite, and the size of the ferrite grain (containing dispersed 


carbide) in spheroidized steels, are of consequence. Finally it will 
be necessary to inquire whether prior structures, e.g., austenite grain 
size, are of any importance. 


The Nucleation of Austenite 


No rigorous quantitative mathematical treatment is as yet pos- 
sible for the formation of nuclei in solid:solid reactions.? Becker 
has developed a formula pertaining to the precipitation of one solid 
phase from another solid phase which involves the product of a 
mobility term (diffusion) and a work or energy term (associated 
with the creation of a phase interface). This apparently is satis- 
factory for precipitation from solid solution (22). Its application to 
the austenitizing reaction, i.e., the formation of phase III at an in- 
terface between phases I and II, is not simple, but it may be taken as 
suggesting that the rate of nucleation should continue to increase as the 
temperature of austenitizing is raised. In this case the formation of 
austenite occurs above the equilibrium temperature; the atomic mo- 


_ ®For a more complete discussion of the theoretical considerations governing the forma 
tion of nuclei, see Mehl (2) and Mehl and Jetter (22). 
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bility, leading to the concentration fluctuations necessary to produce 
nuclei, will therefore increase and the work of formation of a 
nucleus, governed largely by the displacement from the equilibrium 
temperature, will decrease as the austenitizing temperature is raised, 
both leading to an increased rate of nucleation. 

It is clear that an austenite nucleus must form at a cement- 
ite:ferrite interface and must be of approximately eutectoid 
composition when formed just above the Ae, temperature. The 
actual location of these nuclei with respect to the initial structure 
will be largely a matter of probability, for the number of possible sites 
(determined by the. interfacial area between the cementite and ferrite) 
is exceedingly large. The role of ferrite grain boundaries (or pearl- 
ite colony boundaries) in such a process should be small, for though 
the work of formation of a nucleus is generally less at interfaces 
concentration fluctuation would seldom be sufficient to raise the carbon 

content high enough to produce a nucleus just above the Ae, tem- 
- perature, except at the exact point where a ferrite grain boundary 
meets a cementite particle. In the formation of austenite from 
pearlite, austenite nuclei are found at pearlite colony boundaries, 
though these are few in comparison with the number that form at the 
carbide: ferrite interface throughout the matrix. 

The formation of austenite in spheroidized steels appears to be 
essentially similar to the formation of austenite from pearlite. Bain 
(23) has shown that in low carbon steels where the carbide is 
_ spheroidized, the austenite forms around each carbide and grows 
into the ferrite. Undoubtedly, such a process takes place in coarsely 
spheroidized steels, but in a spheroidized high carbon steel where 
the carbide dispersion is fine, nucleation does not take place at every 
carbide particle, for it is observed that a single austenite grain grows to 
such a size that it includes many carbide particles; apparently an 
austenite nucleus can grow large before adjacent carbide particles 
can give rise to nuclei. It is evident that this mechanism of nuclea- 
tion and growth closely approximates general nucleation and _ that 
the analytical expressions (24) governing this type of reaction may 
be applied. 

When martensitic structures are heated to the austenitizing 
temperature, carbide precipitates and spheroidizes somewhat during 
heating. Both martensitic and spheroidized structures should there- 
fore austenitize in a similar manner, with differences in the rate 
originating in differences in degree of spheroidization. 
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The austenite nuclei are said to form around those cementite 
particles which lie in the ferrite grain boundaries, and often the first 
nuclei will form at the prior austenite grain boundaries (19). Seem- 
ingly, ferrite grain boundaries play a more important part in the 
austenitization Of spheroidized structures than in austenitization of 
pearlitic structures. Since in these structures, however, a greater 
number of cementite particles lie on ferrite grain boundaries than is 
the case in pearlite structures, and since the austenite nucleus must 
form at a cementite particle, the role of ferrite grain boundaries in 
this case is merely of indirect importance. 

From these considerations it can be seen that the nucleation of 
austenite, like the nucleation of pearlite, is a structure-sensitive prop- 
erty, dependent in this case mainly upon the size and shape of the 
cementite particles and to a much smaller degree upon the presence 
of ferrite grain boundaries. Since such a wide variation in the size 
and distribution of the cementite particles is possible, ranging on the 
one hand from fine pearlitic structures (and finely spheroidized) to 
coarse pearlite (and coarsely spheroidized) structures, a wide varia- 
tion in the rate of nucleation is to be expected as the initial struc- 
ture is altered. 


The Growth of Austenite Nodules 


The influence of concentration gradients on growth: The 
growth of an austenite nucleus is a process in which, at the moving 
interface, cementite and ferrite react to form austenite. The rate of 
this interaction will depend upon the rate of solution of carbide and 
of ferrite in the austenite at the interface and also upon the rate of 
migration of the carbon atoms in the austenite.* The rate of growth 
must accordingly increase rapidly with increase in temperature, for 
the rates of both heterogeneous and homogeneous processes gener- 
ally increase with temperature; furthermore with respect to the 
diffusion factor it will be observed that in this case the concentration 
gradient increases with increase in temperature, the extreme maxi- 
mum limits of carbon concentration in the austenite, which with the 
distance between carbide particles define the gradient, are given simply 
by the A, and Agm concentrations at the temperature concerned, and 
these limits thus increase rapidly with increase in temperature. Evi- 
dently, an increasing interlamellar distance in pearlite, or an increas- 


*Discussion of the reverse process in these terms—‘Physics of Hardenability” (2), 


Hull and Mehl (25). 
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ing coarseness of dispersion in spheroidized steels, will decrease the 
gradient at any temperature. 

The rate of growth of austenite nodules must, like the rate of 
nucleation of austenite, necessarily be structure-dependent and sen- 
sitive, when in the reverse reaction, the rate of growth of pearlite is 
structure-insensitive. It is not possible at the moment to state whether 
the rate of reaction at the interface or the rate of diffusion determines 
the observed rate of growth, though the latter seems the more likely. 

As in grain growth following recrystallization, it is possible that 
a growing austenite nodule might consume a smaller austenite nodule 
lying in its path of growth, though this is necessarily difficult to 
observe (19). If the smaller nodule should happen to possess the 
same orientation to space as the larger, the process would be a 
simple merging. In any event, this phenomenon would tend to in- 
crease the observed rate of growth above the true rate. 


Factors Interfering with Normal Growth of Austenite Nodules 


Although it has been suggested that the pearlite colony boundary 
is an impediment to the growth of austenite nodules, this appears 
unlikely (20). It appears at the moment that in eutectoid steels there 
is no structural impediment to growth until one growing nodule im- 
pinges upon another, when the growth of each stops at the surface 
of impingement, except possibly for the unlikely occurrence of grain 
coalescence mentioned above. In hypoeutectoid and hypereutectoid 
steels, however, pro-eutectoid constituents do interrupt growth in the 
manner to be expected; no phenomenon similar to the growth of 
group-nodules of pearlite in such steels (25) has been observed for 
the growth of austenite. 


Impingement of Growing Nodules Determining the Initial Austenite 
Grain Size 


From what has been said above, it may be taken that the only 
factor establishing the initial austenite grain size is that of impinge- 
ment of growing nodules. This initial austenite grain size can be 
calculated from the equation of Johnson and Mehl (24) from an 
assumed or measured rate of nucleation, N,, and rate of growth, G. 
This calculation is based on the implicit assumption that each observed 
nodule is in fact a single grain (crystal) of austenite; this assump- 
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Fig. 1—Martensite Markings Across Austenite Nodule. Each 
Austenite Nodule Formerly One Austenite Grain. Deep Picral Etch. 
Oblique Illumination. x 2000. 
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tion, however, has been verified by Grossmann (12) and Baeyertz 
(19), and micrographic evidence for it is given in Fig. 1. 

According to Johnson and Mehl, the total number of nodules, or 
grains, per unit volume of a completely reacted sample is:. 


Ny \*“ 
Ne = 0896 ( (1) 


Since metallic samples are opaque, this is not~directly applicable, 
but the total number of nodules per unit area on a polished surface 


is given by: 
we \™ 
Nt = 1.01 (=) (2) 


Knowing N, and G, one could calculate the number of grains per 
unit area in the sample and by comparison with tables obtain the 
A.S.T.M. or the fracture grain size of the austenite. Such a pro- 


cedure has been employed for eutectoid steels and the results will 
he discussed later. 








The Effect of Banding and Dendritic Pattern on the 
Formation of Austenite 


Many of the early observations on the formation of austenite 
resulted from studies of the influence of various elements present 
in steel, other than iron and carbon, on the critical points. The nature 
of the majority of steelmaking processes makes it impossible to 
have these various elements located homogeneously throughout the 
steel. Normally, they will freeze in separate portions of the ingot 
and will in turn be elongated in the working direction about the 
positions they assumed in the casting process. This gives rise to 
the banding so often noted in hypoeutectoid steels, in which the 
ferrite and pearlite are observed in “stringers” lying in a longitudinal 
direction. In higher carbon steels this same phenomenon will be 
noted if the steel is partially transformed from austenite to pearlite 
and then quenched, or if it is cooled at a rate near the critical cooling 
velocity. In either case the pearlite will form in those parts of the 
steel lowest in alloy and carbon contents; i.e., in pesitions where 
the rate of pearlite reaction is greatest. 

When such a banded specimen is heated, those areas with the 
high manganese content and/or with low phosphorus and silicon 
contents will nucleate first to form austenite. Since such areas are 
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Fig. 2—Austenite Stringers (White) in Partially Formed Austenite 
at 735 Degrees Cent. 

elongated as a result of the forming process, the austenite will 
nucleate along rows in the longitudinal direction. Growth from 
these nuclei will take place only in those areas which are actually 
above their Ae, temperature at the moment, leading in many cases 
to an elongated grain effect. The resulting structure is shown in 
Fig. 2. 

This phenomenon has been used to determine the presence of 
banding in eutectoid steels. A recommended procedure for plain 
carbon steels involves metallographic examination of a specimen 
which has been quenched in water after heating a short time (5 to 
10 minutes) at some temperature slightly above the A; (735 to 750 
degrees Cent.) (1355 to 1380 degrees Fahr.). An initial structure 
of fine pearlite serves to give good contrast with the elongated mar- 
tensitic (austenitic) areas, although when initially spheroidized 
structures are employed a picric and hydrochloric acid etch will be 
satisfactory to develop the necessary degree of delineation. In all 
cases the martensite may be darkened by tempering at a low tem- 
perature if desired. 
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Figs. 3a, b, c—Microstructures Showing Nucleation and Growth of 


Austenite 
Nodules at 735 Degrees Cent. for 10, 20, and 30 Seconds. Nital. 250. 
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Figs. 3d, e, f—Microstructures Showing Nucleation and Growth of Austenite 
Nodules at 735 Degrees Cent. for 35, 40, and 55 Seconds. Nital. xX 250. 
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Fig. 4—Formation of Austenite Nodule in Eutectoid Steel from Coarse Pearl- 
ite. >< 1500. 





Fig. 5—Formation ‘of Austen.te Nodules in Hypereutectoid Steels. (a) Forma- 
tion of Austenite from Quenched and Tempered 1.1 Per Cent Carbon Steel. > 1200. 
(b) Same for Spheroidized 1.0 Per Cent Carbon Steel. x 1000. 
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Fig. 6—Formation of Austenite in Hypoeutectoid Steels Between A; and A; Tem- 
peratures. (a) Partial Destruction of Pearlite. »% 750. (b) Final Structure Consisting 
of Martensite (Formerly Austenite) Surrounded by Ferrite. x 750. 





Fig. 7—Pearlite “‘Ghosts’’. Eutectoid Steel, Austenitized at 800 
Degrees Cent. for 10 Minutes, Water Quenched. Etched With Double 
Strength Sodium Picrate. x 2500. 
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The Microstructures Developed During Austenitizing 


The formation of an austenite nucleus in pearlite structure 
eutectoid steel is shown in Fig. 3. Typical microstructures ob- 
tained from austenitizing quenched and tempered and spheroidized 
hypereutectoid steels are presented in Fig. 4. The first shows 
austenite nodules formed in a quenched and tempered 1.1 per cent 
carbon steel and the second shows the same in a-spheroidized 1.0 per 
cent carbon steel. The formation of austenite in a hypoeutectoid 
steel held between the A, and the A, temperatures is given in Fig. 6, 
showing partial transformation at the left and the completed trans- 
formation at the right. In the latter case the pearlite has disappeared 
as a structural constituent and the final structure is austenite plus 
the enveloping ferrite phase. 

It must be stressed at this time that the austenite which exists 
when the pearlite disappears as a structural constituent is not homo- 
geneous, for residual carbide is always found, usually statistically 
distributed throughout the austenite. Generally, the carbide particles 
are small isolated constituents embedded in the matrix, but often they 
are lamellar or partially lamellar in appearance. These are evidently 
discrete carbide particles existing as a non-equilibrium phase in the 
austenite. Their solution is a time-consuming process. Once they 
become undetectable as separate particles on continued heating car- 
bon concentration gradients will still exist in the austenite. Walldow 
developed a double strength boiling sodium picrate etch which can be 
used to show these gradients as they existed in the quenched piece 
(10). He demonstrated that they can exist after one-half hour at 
800 degrees Cent. (1470 degrees Fahr.) in a eutectoid steel, and for 
longer times at lower temperatures. More recently, Baeyertz has 
shown these pearlite “ghosts”; a photomicrograph showing _ their 
appearance is presented here in Fig. 7. 

The effects of these undissolved carbides and carbon concentra- 
tion gradients on the hardenability and subcritical reaction character- 
istics of steels will be made the subject of a later paper. 


Tue RATES OF FORMATION OF AUSTENITE 


Experimental Technique 


The conventional isothermal technique was used to determine the time-course 
of the austenitizing reaction (26). The equipment consisted of an electrically 
heated lead bath controlled by a Micromax recording potentiometer controller, 
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a stainless steel tube into which was placed a chromel-alumel thermocouple, 
a stirrer to reduce the temperature gradients throughout the bath and to insure 
more rapid heating of the samples, and a water quenching bath. The thermo- 
couple was calibrated against a U. S. Bureau of Standards platinum: platinum- 
rhodium secondary standard, providing temperature measurements accurate 
within plus or minus one-half degree Cent.; frequent checks of the calibration 
were made throughout the course of the work. The lead was at all times cov- 
ered with carburizing compound and was cleaned and re-covered at the begin- 
ning and end of each run to eliminate oxidation. 

The samples were cut from bar stock which had been annealed for homo- 
genization at 1100 degrees Cent. (2010 degrees Fahr.) for periods of time 
ranging from 6 to 24 hours. In several cases the hot-rolled material without 
homogenization was used to determine the effect of banding. After homogeniza- 
tion and cutting, the samples were given the necessary pretreatments to develop 
the desired initial structure. To accomplish this the specimens were austenitized 
together in a muffle furnace, through which was passed an atmosphere of puri- 
fied nitrogen, and were reacted singly or in pairs in lead baths. When marten- 
sitic structures were desired, the specimens were quenched in water directly 
from the austenitizing furnace. In most cases the initial structure desired was 
pearlite of a controlled spacing, produced by holding the lead baths at different 
temperatures between Ae: and the knee of the subcritical curve. Rather 
than using the involved and time-consuming techniques of Pellissier and co- 
workers (27) accurately to determine the pearlite spacing, hardness readings 
were made on the reacted specimens. It was found that the hardness readings 
agreed to within one Rockwell “C” unit when the specimens were reacted at the 
same subcritical temperature, providing there were only minor differences in 
the compositions of the steels. 

After pretreatment, all specimens were fiied to remove scale and rough 
surface, and were suspended in the austenitizing lead bath by means of an iron 
wire passed through,a small hole drilled in one end of the sample. They were 
held at temperatures above the Ae:.for a series of times and quenched rapidly 
in cold water, thus interrupting the progress of the transformation to austenite 
and rendering the austenitic areas martensitic. Times above 5 seconds were 
measured with a stop watch or timer; several runs, however, were made which 
required more precise measurements of short times. In these cases the sample 
and lead bath were wired in series with a recording chronograph so that when 
the sample was immersed into the lead, contact was made, and when quenched, 
the contact was broken. With this arrangement, the times of immersion could 
be measured to 0.2 second. 

The cylindrical specimens used in preliminary runs were % inch in diam- 
eter and 4% inch long. It was found that the amount of transformation varied 
from the outside to the center of the specimen to an undesirable extent, even 
if sufficient homogenization had been attained. To eliminate this effect, smaller 
specimens, vy to xv» inch in thickness, were used in all further experiments. 
sy spot welding a thermocouple to one of these samples, it was found that 
the time to heat to within 1 degree of the bath temperature was 3 seconds. 
This time of heating was subtracted from the total immersion time in plotting 
the reaction data. 
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Low and Gensamer (28) and Hull (29) have studied the problem of recal- 
escence during the transformation of austenite to pearlite. They found that 
the center of a cylindrical sample more nearly approaches the bath temperature 
during transformation if the samples are small, the reaction is slow, and the 
bath is vigorously stirred and kept free from oxidation. In the reverse trans- 
formation, i.e., from pearlite to austenite, the absorption of heat during the 
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Fig. 8—  Time-Temperature Relations 
During Heating in Lead and Austenitizing 
at Constant Temperatures of 733 and 758 
Degrees Cent. Eutectoid Steel. 


reaction should lead to decalescence and this phenomenon was investigated quan- 
titatively, using the technique of Low and Gensamer. The decalescence curves 
obtained at bath temperatures of 733 and 758 degrees Cent. (1350 and 1400 
degrees Fahr.), on a specimen of Steel B % inch round by 3 inches long, are 
shown in Fig. 8. No decalescence occurred at the low temperature. At the 
high temperature the reaction is nearing completion in less than 20 seconds, 
and the average reaction temperature is 746 degrees Cent. (1375 degrees Fahr.), 
12 degrees lower than that of the bath. From the results obtained on these 
and other samples and consideration of the much smaller size of the actual 
reaction samples, it seems reasonable to assume that no appreciable decalescence 
is encountered until temperatures of 750 degrees Cent. (1380 degrees Fahr.) 
are reached and only then in cases where the reaction proceeds to completion 
in less than 10 to 15 seconds. 

After isothermal reaction the specimens were again filed and hardness 
readings were made. These served to indicate the approximate extent of the 
reaction and aided in selecting the proper austenitizing times for succeeding 
samples. After measuring the hardness, the specimens were sectioned to expose 
the center of the piece, which was then polished and etched. The amount of 
reaction was determined by the method of counting squares on photomicro- 
graphs or on contact sketches of the microstructure made on the ground glass 
screen of the microscope. In all cases a sufficiently large area was examined 
to obtain a representative value of the per cent transformation. Several sam- 
ples from each run were polished on a longitudinal section and, if any banding 
was noted, the results were discarded. ; 

Dilatometer measurements of the rate of austenitizing were attempted, but 
the results were not reliable. It seems likely that creep occurring at these high 
temperatures masked the true contraction accompanying the austenitizing reac- 
tion. 
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The measurement of the amount of austenite formed in a given time by 
planimetric methods is somewhat complicated by the fact that a border of a 
dark etching constituent was often found to occur around the unreacted con- 
stituents (refer to Fig. 5). This is fine pearlite, formed during the quench 
following partial austenitization, as recognized years ago (3), (11). Such areas 
were simply added to the martensitic areas in evaluating the extent of reaction. 


Materials 


The analysis of the steels used is listed in Table I. Steel B is a 
commercial eutectoid bridge wire grade produced in the open hearth 
and deoxidized with silicon. It was obtained from the Republic Steel 
Corporation. Steels C and D, which proved very useful for this 





Table I 
Analysis of Steels Employed in Experiments 





Per Cent 


Designation Cc M Si 5 P Cr Ni Al Cu 
B 0.80 0.74 0.24 0.029 0.019 0.01 0.11 0.09 
* 0.78 0.63 0.23 0.008 
D 0.79 0.62 0.21 0.058 
G 1.01 0.23 0.23 0.012 0.014 0.05 0.02 
c 0.51 0.46 
M 1.35 0.29 


. 0.21 0.040 0.017 





work, are the eutectoid steels employed by Cash, Merrill, and 
Stephenson in a study of the effect of grain size upon hardenability 
(30) and were manufactured at the Duquesne Works of the Car- 
negie-Illinois Steel Corporation ; one-half of this heat was deoxidized 
with aluminum in the ladle and the other was not, producing what is 
generally designated as a fine-grained, shallow hardening steel (Steel 
D), and a coarse-grained, deep hardening steel (Steel C), respec- 
tively. Steels B, C, and D are those employed in. previous studies 
on the rates of nucleation and growth (1), (21). Steel G is a basic 
electric furnace carbon tool steel of the shallow hardening variety ; 
it was supplied by J. P. Gill and H. G. Johnston of the Vana- 
dium-Alloys Steel Company. Steel L is a hypoeutectoid steel made 
in the basic open hearth, deoxidized with silicon. Steel M is a 
hypereutectoid steel produced by the Carnegie-Illinois Steel Corp. 


EXPERIMENTAL RESULTS 
Isothermal Reaction Curves 


Comparison of Hardness and Percentage Transformation Curves 
—It has been found in isothermal transformations below the critical 
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temperature that hardness values are not a sensitive measure of the 
amount of reaction from austenite to pearlite. The accuracy of the 
measurements in predicting the fraction transformed is especially 
low at the beginning and end of the reaction. The circumstances are 
similar in the reaction from pearlite to austenite, as shown in Figs, 
9 and 10. The increase in hardness of the quenched samples lags 
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Fig. 9—Hardness and Per Cent Reaction 
Versus Time of Austenitizing. Steel B. Re- 
acted 751 Degrees Cent. 


behind the transformation curve determined metallographically up to 
10 or 15 per cent reaction, and the hardness reaches an apparent 
maximum when but 85 to 90 per cent of the pearlite has transformed 
to austenite. There may be a slight increase in the hardness from 
this stage in low or medium carbon steels because of the continuation 
of the reaction and the continued solution of carbides in the aus- 
tenite, but in higher carbon steels this is not found. ' Lauderdale and 
Harder (31) reported that full hardness can be obtained with a 0.78 
per cent carbon steel after 1 to 2 seconds at 871 degrees Cent. (1600 
degrees Fahr.) and after 5 to 7 seconds at 815 degrees Cent. (1500 
degrees Fahr.), and noted that undissolved carbide was still present. 
Undoubtedly, the effect of dissolving more of the carbide in the aus- 
tenite will be slight if the steel contains above 0.60 per cent carbon. 
Digges (32) has reported that the maximum obtainable hardness in- 
creased up to 0.70 per cent carbon in high purity iron-carbon alloys, 
but not beyond. Burns, Moore, and Archer (33), however, report 
a somewhat lower value of carbon content for maximum hardness. 





1943 FORMATION OF AUSTENITE 631 








70 
60 
S 46 0S 
S S 
a> 
$30 608 
g 20 40 & 
10 202 
—— O 
100 200 500 1000 


Time, Seconds 


Fig. 10—-Hardness and Per Cent Reaction Versus Time 
of Austenitizing. Steel C. Reacted 731 Degrees Cent. 







100 
z _ Calculated ~, 
80 | —+—— 
< 
S 
& 60 en 
< Experimental Banded 
a” 
20 


530 SO 100 200 500 
7ime at 735 C., SEC. 


Fig. 11—Effect of Banding on the Isothermal Reaction Curves for Austenitizing. Open Cir 
cles Show Banded Reaction; Closed Circles Show Calculated Curve for Homogeneous Material 
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Fig. 12—Effect of Banding on Austenitizing at Temperature Just 
Above ha Steel L. Complete Transformation Never Attained. 
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These findings lead to the belief that if the carbide is dissolved to a 
sufficient extent to raise the average composition of the austenite to 
a point above this 0.60 to 0.70 per cent carbon, maximum hardness 
will be attained and further solution will have little effect. 

The Effect of Banding—Banding will result in a spreading of 
the isothermal reaction curve over a longer time interval, displacing 
the beginning of the reaction to shorter times and the end of the 
reaction to longer times. This is shown in Fig. 11. 
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Fig. 13—lIsothermal Austenitizing Curves for 
Steel B at 730 and 751 Degrees Cent. 
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Fig. 14—-Isothermal Austenitizing Curves for 
Steels L and M at Indicated Temperatures. 


a reaction curve calculated on the basis of a rate of nucleation and a 
rate of growth nonvariant across the specimen is plotted so that the 
two curves will coincide at 50 per cent reaction. 

If certain areas are not above their critical point (or if the 
steel is held within a three-phase region), the reaction to austenite 
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will not be completed. This is shown in Fig. 12, where a banded 


0.50 per cent carbon steel (Steel L)) was held at 735 degrees Cent. 
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Fig. 15—Time-Temperature Iso-Transfor- 
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Fig. 16—Effect of Pearlite Spacing on the Rate of Austenitizing of 
Steels C and D at 735 Degrees Cent. Three Curves to the Left are 
for Steel C; Three Curves to the Right are for Steel D. Temperature 
of Formation of Pearlite Indicated on the Curves. 


(1355 degrees Fahr.) and a maximum of 80 per cent of the total 


possible reaction* was observed to have taken place. 
The Effect of Temperature—The rate of reaction to austenite 


‘In steels where the equilibrium condition calls for a certain amount of residual 
ferrite or cementite, the percentage of reaction has been based only on that amount of 


material which can possibly transform. 
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increases very rapidly as the temperature is increased above the Ae,. 
Fig. 13 depicts the isothermal behavior of Steel B at different tem- 
peratures above the Ae,, and Fig. 14 provides the same information 
for Steels L and M. These results can be assembled into a time- 
temperature iso-transformation diagram similar to the familiar S- 
curve for subcritical transformation. The curves are made by draw- 
ing selected iso-transformation lines on a time-temperature plot; Fig. 
15 is a typical example of these plots drawn from data obtained for 
Steel C. The initial structure was fine pearlite, formed by normaliz- 
ing from 875 degrees Cent. (1605 degrees Fahr.). The iso-trans- 
formation curve at the extreme left shows the time to produce 0.5 
per cent decomposition of pearlite at the temperatures indicated, and 
the second curve from the left shows the time required to produce 
99.5 per cent decomposition. Two other lines are included in the 
figure; the first of these (third curve from the left) shows the 
approximate times to cause the final disappearance of carbide and 
the curve at the right represents the time to eliminate carbon con- 
centration gradients; the first may be plotted quantitatively but the 
second is necessarily schematic. 

Effect of Initial Structure—The effect of initial structure on the 
rate of formation of austenite has been noted by previous workers 
but little quantitative data are at hand. Fig. 16 shows the effect of 
different pearlite spacings in Steels C and D on the reaction char- 
acteristics at 735 degrees Cent. (1355 degrees Fahr.). A sample of 
each of these steels was reacted isothermally to pearlite at each of 
three subcritical temperatures (661, 613, and 561 degrees Cent.) 
(1222, 1134, and 1042 degree; Fahr.), providing three sets of sam- 
ples of equal pearlite spacings. The initial hardness values .of these 
are given in Table II. It will be noted that the hardness values for 
the two steels are about the same for a constant pearlite reaction 
temperature, indicating a close match in the pearlite spacings of the 
samples. 


Table Il 
Comparison of Hardness of Steels C and D 
Reacted to Pearlite at Three Different Temperatures 








Pearlite Reaction 


Temperature Hardness 

Steel Deg. Cent. Rockwell ‘*C’”’ 
Cc 661 21.4 
D 661 23.0 
Cc 612 32.5 
D 612 32.0 
C 561 36.0 
D 


561 37.0 
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It is apparent from Fig. 16 that the times of reaction to austenite 
decrease as the pearlite becomes finer. This is as reported previously 
(9), though the magnitude of the effect had not been measured. Fig. 
17 shows the time of half reaction for the data recorded in Fig. 16, 
versus the temperature of formation of the pearlite; the figure 
includes a plot of the pearlite spacing in a similar eutectoid steel 
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Fig. 17-—Time to Form 20 and 50 Per Cent Austenite Versus 
Bath Temperature for the Formation of Pearlite for Steels C and 
D. Approximate Pearlite Spacing Versus Bath Temperature 
Shown in Inset. 
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Fig. 18—Isothermal Reaction Curves 
for Austenitizing of Steel G from Quenched 
and Tempered and From Spheroidized Struc- 
tures. Austenitizing Temperature—750 De- 
grees Cent. 


versus the reaction temperatures. The latter curve was determined 
by Miss E. B. Pearsall in the Metals Research Laboratory. 

Rates of nucleation and growth for these reactions have been 
measured and will be presented in the following section where the 
reasons for these variations in reaction rates will be discussed. 

Fig. 16 shows the presence of an additional factor influencing 
the rate of formation of austenite, Steel C and Steel D, it will be 
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remembered, were prepared from a single heat (30), one part of 
which had been deoxidized with aluminum added in the mold and 
the other not. It will be noted that the rates of austenite formation 
for these steels are quite different, the fine-grained Steel D reacting 
much more slowly at the same temperature. All of the curves lying 
to the right of the figure are for this steel; the coarse pearlite pro- 
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Fig. 19—Maximum Nodule Radius Versus Time Curves 
for Steels B, C and D at 729, 735, and 746 Degrees Cent. 
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Fig. 20—The Rate of Growth of Austenite Nodules Versus 
Temperature for Steels C and D. Initial Structure—Fine Pearlite. 


duced in this coarse-grained steel has a slightly faster rate of austenite 
formation than even the finest structure produced in the fine-grained 
samples. 

The reason for this behavior is not entirely clear, but since 
alloyed aluminum raises the Ae, temperature and since the deoxidized 
Steel D contained residual alloyed aluminum, it is possible that Steel 
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D possessed a slightly higher Ae, temperature than Steel C and 
accordingly reacted to austenite at a single temperature with a degree 
of “over-heating” less than in the case of Steel C, providing lower 
rates of nucleation and growth. 

To eliminate the possibility that the differences in the previous 
austenite grain size developed in the samples during pretreatment 
would account for or alter the observations, the following tests were 
run: Steels B and C were each reacted in lead at 640 degrees Cent. 
(1185 degrees Fahr.) after austenitizing treatments of 1 hour at 
800 degrees Cent. (1470 degrees Fahr.) in one case and at 950 de- 
grees Cent. (1740 degrees Fahr.) in the other. The grain sizes 
developed in these steels at the two austenitizing temperatures differed 
by three to four fracture grain size numbers, but the subsequent 
pearlite spacing formed would be the same regardless of grain size 
(27). On reacting the samples at 735 degrees Cent. (1355 degrees 
Fahr.), the rate of formation of austenite was found to be the same 
in any one steel regardless of the previous austenite grain size. 

Fig. 18 shows a comparison of the rates of austenitization of 
Steel G from a quenched and tempered structure and from an an- 
nealed or spheroidized structure. As would be expected from the 
relative coarseness of the two structures, the quenched and tempered 
samples reacted faster than the spheroidized specimens. , 

Rates of Growth and Rates of Nucleation—The rate of growth 
in a nucleation and growth reaction can be defined as the radial rate 
of increase in size of the largest nodule in space. It is expressed in 
units of distance per unit time (millimeter per second). To deter- 
mine the rate of growth various samples are selected representing 
a series of degrees of transformation, and the radius of the largest 
nodule on a polished surface is measured. A plot of this value 
versus the reaction time is then drawn. The linearity of these curves 
has also been demonstrated by Hull, Colton, and Mehl (1) for the 
formation of pearlite. The rate of growth is taken as the slope of 
these straight lines. 

Fig. 19 shows the nodule radius versus time curves for Steels 
B, C, and D at three different austenitizing temperatures. 

Fig. 20 shows the rate of growth versus temperature of reaction 
for Steel C and Steel D which had been previously normalized from 
the homogenization temperature. As the pearlite spacing is not 
exactly similar in these two steels, the curves should not be directly 
compared. 
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Fig. 21 shows the rate of growth of Steels C and D versus the 
pearlite reaction temperature. The rate is seen to be increased ap- 
proximately two or three times with a decrease in the spacing, and 
the difference between the steels is seen to be of about the same 
order of magnitude. 

The values of the rates of growth determined for austenitizing 
are given for various steels under the indicated conditions in 
Table III. 

Hull, Colton, and Mehl (1) have offered a summary of the 
methods available for the determination of the rate of nucleation, N,, 
for both general and grain boundary transformations. Their second 
method involving the study of the statistical distribution of the 
nodules, which allows a determination of the variation of the rate of 
nucleation with time, was used in only one instance. For purposes 
of comparison it is not generally necessary to determine the variation 
of N, with time. If N, is assumed constant and the reaction proceeds 
by general nucleation, N, can be calculated from the values of the 
rate of growth, G, and the time for 50 per cent transformation em- 


ploying the relation 
4;— 
y/ Nv G’ * to.s 


This method has been used in determining the rates of nucleation 
for the austenitizing conditions recorded in Table III. It will be 
seen that the rate of nucleation increases with decrease in pearlite 


0.9 (3) 


Table Ill 
The Rates of Nucleation and Growth of Austenite 


Austenitizing 
Initial Temperature 
Steel Structure Degrees Cent. ts seconds Gmm/sec N no/mm?/sec 

B Air Cool 730 55 1.3 x 10-4 (14.6)* 
from 850 Degrees Cent. 751 10.5 9.6 x 10-4 (16.4)* 
Air Cool 727 560 3.2 x 10-5 190 
e from 850 Degrees Cent. 735 20 8.9 x 10-4 3,500 
Fine Pearlite 746 7.8 2.5 x 10-8 10,000 
Air Cool 727 > 5000 5.9 x 10-6 28 
D from 850 Degrees Cent. 735 50 4.6 x 10-4 890 
Fine Pearlite 746 8.6 1.5 x 10-3 29,000 
561 Degrees Cent. Pearlite 735 13 4x 10-3 400 
612 Degrees Cent. Pearlite 735 22 2.9 x 10% 110 
661 Degrees Cent. Pearlite 735 31 1.96 x 10-3 90 
561 Degrees Cent. Pearlite 735 35 2.6 x 10-3 270 
D 612 Degrees Cent. Pearlite 735 42 1.4 x 10-3 240 
661 Degrees Cent. Pearlite 735 50 0.78 x 10-3 410 
G Spheroidized Cementite 750 34 8.35 x 10-4 810 
, Martensite 750 12 5x 10-3 9,300 


|} 


| 
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spacing and with an increase in temperature. It should be emphasized 
that this method of determining the rate of nucleation gives but an 
approximate average value for the reaction. All variations with time 
are neglected. 

At constant temperatures, the rate of nucleation appears only 
slightly higher for a fine-grained steel (Steel D) than for the coarse- 
grained steel (C) and in view of the inaccuracies involved in the 
determination of N,, this variation could be attributed to experi- 
mental error. When comparing these values at a constant rate of 
growth, however, the rate of nucleation is appreciably higher for the 
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Fig. 21—Rate of Growth of Austenite 
Nodules at 735 Degrees Cent. Versus 


Pearlite Bath Temperature for Steels C 
and D. 


fine-grained steel. The fact that the rate of nucleation for the 
formation. of austenite should be higher in an aluminum-killed steel 
than nondeoxidized steel has been suggested by many investigators. 
This was thought to be the result of numerous alumina particles 
which would tend to increase the number of nuclei. If the com- 
parison at the same growth rate is justified, these data would serve 
to support that contention. At any rate, it is definitely established 
that the ratio of the rate of nucleation to the rate of growth is the 
determining factor in establishing the austenite grain size. For Steel 
D this ratio is higher, indicating a greater number of grains per 
unit volume, or a finer grain size. 

One investigation was made on the rate of nucleation versus 
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time. The rate of nucleation was found to increase with time at a 
continuously increasing rate, a circumstance similar to that found by 
Hull, Colton, and Mehl (1) for the formation of pearlite from 
austenite, but this method is applicable only up to approximately 15 
to 20 per cent reaction. Johnson (34) has raised an objection to the 
shape of this curve and, on the basis of the determinations of the 
rate of nucleation versus time made from his linear reaction curves, 
he predicts that the rate of nucleation increases with time at a decreas- 
ing rate. An attempt has been made to apply this analysis to the 
rates of formation of austenite. The slopes of the straight lines are 
well below that indicating a constant rate of nucleation in most 
instances, and in only one case does it lie above this value. This 
would be interpreted as a decreasing rate of nucleation with time. 

If such a decreasing rate of nucleation were actually to be the 
case, it could be explained simply on the basis of the continued 
spheroidization of the initial structure before transformation actually 
occurred. That this spheroidization occurs has been noted previously. 

In summary, as Hull has pointed out, the constant value of the 
rate of nucleation obtained from equation (3) should be entirely 
adequate for purposes of comparison, and it allows a fairly accurate 
reproduction of the reaction curve. 


THE INITIAL AUSTENITE GRAIN SIZE 


Calculation of the Initial Austenite Grain Size 


Method—The principles of the calculation of the initial austen- 
ite grain size from the rate by the formula, 


Ny \% 
Ni = 1.01 ( — 2 
Fe) (2) 


has been described previously. The value of the rate of growth is 
measured and the rate of nucleation is calculated from the rate 
of growth and the time for half reaction according to the method 
outlined above. These quantities are substituted into equation (2) 
and the number of austenite grains per unit area is obtained. This 
can be compared with the standard A.S.T.M. charts to calculate the 
grain size number. 

From the group of isothermal reaction samples used to deter- 
mine the time of half-reaction, that sample showing 100 per cent 
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reaction is fractured and the fracture grain size determined. The 
comparison of the calculated and the observed grain sizes in units 
of grain size numbers is then made. 


Results 


Table IV shows the results obtained in several applications of 
this method. One set of samples of Steel G was spheroidized by 
slow cooling from 875 degrees Cent. (1605 degrees Fahr.) and 
another set was water quenched from this temperature to produce 
a martensitic structure. It will be seen that the calculated values 
agree exactly with the observed values of the fracture grain size. 
The results from similar calculations on Steels C and D are also 
shown in Table IV. Here the agreement is less striking, but the 
calculated values are within 114 grain size numbers of that actually 
observed. Other calculations of this nature on several of the steels 
investigated showed a maximum variation of 2 grain size numbers 
from the true fracture grain size. 


Table IV 
Comparison of Calculated and 
Actual Initial Fracture Grain Size 


Austenitizing 


Initial emp. Nv FGS FGS 
Steel Structure Deg. Cent. Gmm/sec. No/mm?/sec. Calc. Obs. 
G Spheroidized 750 8.4 x 10-4 810 7% 7% 
G Martensite 750 1.5 x 10? 9300 8% 8% 
C Fine pearlite 735 8.9 x 10-4 3500 7%to7 6% to7 


D Fine pearlite 735 4.6 x 10+ 890 7% to8 8% 





The values of the rate of nucleation calculated from the time 
of half reaction are often in error by a factor of five to ten, and 
indeed it is surprising to find the results of Steel G affording such 
a close agreement with experimental data. It is believed that the 
variation of the rate of nucleation with time accounts for this large 
error in the “average” rate of nucleation as calculated. For exam- 
ple, the rate of nucleation was calculated for Steel C from the time 
of half reaction in the usual manner, and also from the time of 
one-fifth reaction. The latter is performed by the use of the fol- 
lowing equation : 
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4 
NG ‘tos = 0.66 (4) 


The results are shown in Table V. The rate of nucleation is seen 
to be greater as calculated from 20 per cent reaction than from the 
50 per cent reaction times. In reality, these calculations will both 
give an “average” rate of nucleation. Thus longer times reduce 
the average rate of nucleation, evidence which supports the observa- 
tion that the rate of nucleation sometimes decreases with time as 
previously determined. 


Table V 


Comparison of the Rate of Nucleation 
Calculated from t and from t for Steel C 
50% 20% 


Initial Structure Temperature Ny from 50% Nv from 20% 
561°C. Pearlite 735°C. 340 1470 
612°C. Pearlite 738°C. 110 676 


661°C. Pearlite 735°C. 91 530 








It seems reasonable, therefore, that the fracture grain size 
calculations should be made with a calculated rate of nucleation 
from the time for a relatively low percentage transformation. In 
those cases where large discrepancies existed between the calculated 
and actual grain sizes, a second calculation based on the rate of 
nucleation from 20 per cent reaction gave better agreement. 

An alternative method of calculating the rate of nucleation 
can be applied by reversing the equation for calculating the frac- 
ture grain size. Knowing the grain size, or the number of grains 
per unit area, m, and the rate of growth of the austenite nodules, G, 
the rate of nucleation is obtained from 


2 
nt 
«= (as) e 





Applications of this method will be considered in the next section. 

Effect of Initial Structure on the Austenite Grain Size—When 
samples of different pearlite spacings were isothermally austenitized 
and the fracture grain size calculated from the rate of nucleation 
(average 50 per cent transformation) the results were not conclu- 
sive. No definite effect of the initial structure on the austenite 
grain size could be established. In view of the fact that the rate of 
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nucleation can be calculated from the fracture grain size and the 
rate of growth (equation 5), a definite knowledge of the variation 
of the fracture grain size with the initial pearlite spacing would be 
desirable. This would in turn allow a more accurate determination 
of the variation of the rate of nucleation with pearlite spacing. 

Samples of Steels B, C, and D were held 20 minutes at 850 
degrees Cent. (1560 degrees Fahr.) and reacted in lead at 530 de- 
grees Cent. (985 degrees Fahr.) for 30 seconds, 615 degrees Cent. 
(1140 degrees Fahr.) for 5 minutes, and 690 degrees Cent. (1275 
degrees Fahr.) for 10 minutes, producing a series of specimens of 
different pearlite spacings. Five samples of the above steels were 
reacted at each of the subcritical temperatures. Table VI shows 
the hardness values obtained. 








Table VI 

Hardness of Steels B, C, and D 
versus 

Subcritical Bath Temperatures 


Bath Temp., —-Hardness—-Reckwell “C”’ 


nr —_——_—— 

Degrees Cent. Steel B Steel C Steel D 
690 25 16.5 17 
615 28 29 29 


530 40 39 39 








The hardness of Steel B when reacted at 690 degrees Cent. 
(1275 degrees Fahr.) was not consistent with that of Steels C and 
D. This steel is a slow reacting steel (29) and 10 minutes at 690 
degrees Cent. (1275 degrees Fahr.) was evidently not sufficient for 
the reaction to occur. The pearlite formed on air cooling from the 
lead bath temperature and consisted of a finer spacing than that 
which would have formed at 690 degrees Cent. (1275 degrees 
Fahr.). 

Each of the specimens was independently heated to 750 degrees 
Cent. (1380 degrees Fahr.) in lead and held for 5 minutes before 
water quenching. From previous determinations of the rate of 
austenitizing this time is but slightly longer than the average time 
for completion of the pearlite: austenite reaction. The samples 
were fractured, and the grain sizes were rated on each sample at 
two separate times. The results are shown in Table VII where a 
representative group of readings is listed for each sample along 
with the maximum variation of those readings. 
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Table VII 
Fracture Grain Size at 750 Degrees Cent. (5 minutes) 
versus Pearlite Spacing 

Bath Temp., Max. 

Steel Degrees Cent. ee Grain Size Average Range 
B 690 7to7%, 7, 7, 7%, 7 7+ \% 
B 615 7 to i. "7%, 7, 7% to 7%, 7% 74+ WA 
B 530 84, 7% to 8 7% 7%+ 4 
Cc 690 O¥h, 7%, OW t0'7, 7Y4, 6Y4 to, 6 6%4— % 
Cc 615 7 to 7%, 634, 63%, Hs’ 7144, 7 to 7% 7 ¥, 
Cc 530 7%, 7% to 714, 7, 7%, 7% l, 
D 690 634 to 7, 7%4, 6% to ;, 7 7 7— Y, 
D 615 77, 7% to 8 7%, Yn 7% 7At+ V, 
D 530 8, 8, 7% to 8 8%, 8 y, 








Fig. 22 shows a plot of the fracture grain size versus the initial 
hardness. The use of hardness as the abscissa eliminates the incon- 
sistency in the hardness of Steel B at 690 degrees Cent. (1275 de- 
grees I‘ahr.) and makes it unnecessary to know exactly the amount 
of recalescence which occurred during the formation of the pearlite. 
The grain size decreased from one-half to one grain size number as 
the pearlite spacing decreased in the range investigated. 

Using these fracture grain size data and the data on the rates of 
growth of austenite from different pearlite spacings for Steels C and 
D presented in Table III, it has been possible to make calculations 
of the rates of nucleation. For Steel D, it was found that the rate of 
nucleation of austenite from a pearlite produced at 561 degrees Cent. 
(1042 degrees Fahr.) was 6.5 to 8 times greater than that from a 
pearlite produced at 661 degrees Cent. (1222 degrees Fahr.). For 
Steel C this same ratio was found to be 3.3 to 5.6 times. These 
values are on either side of the change of the spacing (or the change 
of the interface area), and it seems reasonable to assume that the 
rate of nucleation will increase in proportion to the interface area. 
If these conditions are true, it is seen that the rate of nucleation 
must increase twice as fast with change in pearlite spacing as does the 
rate of growth. 

Comparing Steels C and D austenitized from pearlite spacings 
produced at 661 degrees Cent. (1222 degrees Fahr.), the rate of 
nucleation of the aluminum-killed steel (D) was from 0.70 to 1.66 
times the rate of nucleation of the nondeoxidized steel (C). This 
lends support to earlier conclusions that at the same temperature 
there was but little difference in the rate of nucleation of this par- 
ticular set of steels, but that a comparison at the same rate of growth 
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would show the rate of nucleation to be higher in the aluminum 
deoxidized heat. 

Further examples of the effect of initial structures on the initial 
austenite grain size are to be found in hypereutectoid carbon tool 
steels. There are: two preliminary treatments regularly given to 
these steels; one, an oil quench from 875 degrees Cent. (1605 de- 
orees Fahr.) to produce a structure largely composed of fine pearlite, 
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Fig. 22— The Initial Austenite 


Grain Size (Fracture) Versus. the 
Initial Hardness of Steels B, C, and 


and two, a slow furnace cool from 790 degrees Cent. (1455 degrees 
Kahr.) after this oil quench to spheroidize the carbides. The subse- 
quent hardening treatment will produce a slightly coarser grain size in 
the annealed specimen than in the oil quenched one. The variation 
will be from one-half to one and one-half grain size numbers. An 


example of the influence of initial structure on Steel G is found in 
Table IV. 


Effect of Rate of Heating on the Initial Austenite Grain Size 


The results of many investigations on the effect of the rate of 
heating on grain size have not led to the development of any definite 
principles. In some cases no effect has been found, other cases show 
an increase of grain size with increasing rates of heating, while still 
other cases lead to the opposite conclusion. Herty, McBride, and 


°Again, most of these investigations were carried out at a relatively high temperature 
and coarsening had occurred. Thus the effect of the heating rate on the initial grain size 
18 somewhat doubtful. 
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Hough (35) found that faster heating rates produced larger aus. 
tenite grains in silicon-killed steels, but that there was no effect of 
heating rate when aluminum-killed steels were used. Tobin and Ken. 
yon (36) found that the rate of heating had no effect on the initia) 
austenite grain size in eutectoid steels. Ellis (37) has stated that 
if the austenitizing temperature is over 1830 degrees Fahr. (1000 
degrees Cent.) there will be no effect in hypoeutectoid steels, while 
Digges has shown that the grain size in high purity iron-carbon 
alloys increases markedly with a decrease in the rate of heating at 
low austenitizing temperature, but that no effect was found at 1800 
degrees Fahr. (1000 degrees Cent.). Vilella and Stone (30) suggest 
that the rate of heating through some range other than the critical 
may be important. This postulation coincides with that of Dorn and 
Harder (3) who explain the fact that less coarsening is obtained 
with slow heating rates by a greater solubility of constituent “X’” 
just below the critical. Rosenberg and Digges (40) have shown that 
there is no consistent relation between the rate of heating and the 
austenite grain size which holds for all steel and for all tempera- 
tures. 

The present experimental work conducted by the author on this 
subject has been confined to hypereutectoid steels where it was found 
that the heating rate has no effect on the initial grain size. An in- 
crease in grain size with a decreased rate of heating was noted at 
higher temperatures, however, which can be accounted for by the fact 
that the sample was actually above the critical for a longer time and 
consequently had a greater chance for grain growth. Likewise, sphe- 
roidization below the critical occurring with slow rates of heating 
will cause a shift in the N/G ratio and may lead to a larger grain 
size. 

The rate of heating through the critical will have an effect on 
the austenite grain size if the rate of nucleation and the rate of 
growth do not increase at the same rate with increasing tempera- 
ture of reaction. A circumstance exists here that is similar to the in- 
terpretation of subcritical S-curves to continuous cooling phenomena 
(41), (42). At faster rates of heating the reaction, will proceed 
at a higher average temperature than with slower heating rates. 
A practical limit will be imposed on this increase in the reaction 
temperature with increase in heating rate as decalescence effects 
arising from the more rapid reaction at higher temperatures become 
the controlling factor. 
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We can predict three general cases, all of which have been 
observed by various investigators. 

Case 1: N increases at a faster rate than G with increase in 
reaction temperature, and the grain size will there- 
fore decrease with increasing heating rate. 

Case 2: G increases at a faster rate than N with increase in 
reaction temperature, and the grain size will there- 
fore increase with increasing heating rate. 

Case 3: Both N and G increase at the same rate, and no effect 
of heating rate on the grain size will be noted. 

These conclusions apply only to the initial austenite grain size. 

The variation of the initial fracture grain size with tempera- 
ture after isothermal runs appears to be slight on Steels C and D, 
indicating that these fit into Case 3. As mentioned before, however, 
average N determinations are not very accurate, and the sensitivity 
is not sufficient to allow close differences in grain sizes to be cal- 
culated. 


CONCLUSIONS 


1. The mechanism of formation of austenite from ferrite: 
cementite aggregates has been investigated and it is demonstrated 
that austenite forms by a process of nucleation and growth. Both the 
rate of nucleation and the rate of growth of austenite nodules were 
found to be structure-sensitive properties; thus differing from the 
transformation from austenite to pearlite in which the rate of growth 
is a structure-insensitive property, while the rate of nucleation is . 
structure-sensitive. 

2. The austenite formed in eutectoid steels is not homogeneous 
when the ferrite disappears as a structural constituent, for undis- 
solved carbide remains, the solution rate of which is dependent upon 
both time and temperature. Carbon concentration gradients exist 
tor appreciable times after the carbide itself is no longer visible in 
the microstructure. 


3. The rates of formation of austenite have been studied metal- 
lographically and have been analyzed in terms of the rate of nuclea- 
tion and the rate of growth. The rate is found to increase continually 
with temperature above the Ae,, and time: temperature iso-trans- 
formation curves have been drawn to represent this process. 

+. The effect of initial structure on the rate of formation of 
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austenite was investigated. It was found that as the pearlite spac. 
ing decreases, the rate of nucleation and the rate of growth of aus. 
tenite increase, leading to an over-all increase in the rate of reaction 
roughly proportional to the increase in the carbide: ferrite inter. 
facial area. 

5. The rate of growth of austenite was found to be less for 
an aluminum-killed steel than for a nonkilled steel of the same analy- 
sis when compared at the same austenitizing temperature and when 
the initial structure was pearlite of the same spacing. The rates of 
nucleation were approximately the same in this case. However, when 
compared at the same rate of growth the rate of nucleation of aus- 
tenite was found to be higher for the aluminum-killed steel. 

6. From the ratio of the rate of nucleation to the rate of growth 
the initial austenite grain size was calculated and was found to agree 
closely with the fracture grain size experimentally determined. The 
high ratio of the rate of nucleation to the rate of growth for the 
aluminum deoxidized steel was shown to account for the fine initial 
austenite grain size produced in these steels. 

7. It is shown that fine pearlite produces a slightly finer grain 
size than coarse pearlite and this has been related to the relative 
variation of N and G with pearlite spacing. 

8. The effect of rate of heating on the initial austenite grain 
size is discussed in these terms. 
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THE PRECIPITATION REACTION IN AGED 
COLD-ROLLED 1 PER CENT CADMIUM-COPPER: 
ITS EFFECTS ON HARDNESS, CONDUCTIVITY, AND 
TENSILE PROPERTIES 


By R. H. HarrRINGTON AND L. E. CoLe 


Abstract 


As previously reported for the case of phosphor 
bronze (1, 2)* and for the brasses (3), aging below re- 
crystallization temperatures results in a combined increase 
in elastic properties, elongation, hardness, and electrical 
conductivity for the cold-rolled cadmium-copper. Data 
are given for commercial 1 per cent cadmium-99 per cent 
copper in two conditions of cold work: 4 Numbers Hard 
and 8 Numbers Hard. Precipitation aging, induced by 
the presence of cold-work strain, explains the deviation of 
the actual hardness-temperature curve from the typical 
curve expected for simple recrystallization. 


INTRODUCTION 


HE present series of reports on the prerecrystallization aging 

effects in cold-rolled solid solution alloys took origin in 1939 
irom the work of Dahl and Haase (4) in their report of the effects 
on electrical conductivity of cold-worked tin bronzes when aged at 
prerecrystallization temperatures. They reported as follows for the 
tin bronzes: 

1. The electrical conductvity of cold-worked bronzes 1s 
increased by heating for long periods of time below the recrys- 
tallization temperature. 

2. The effect is measurable in binary bronzes with as little 
as 3 per cent tin content although the equilibrium solid solubility 
of tin in copper is about 13 per cent at room temperature. On 
introducing additional elements, this lower limit is decreased to 
about 1 per cent tin. 

3. This effect is not discoverable in thoroughly annealed 


‘The figures appearing in parentheses pertain to the bibliography appended to this paper. 


A paper presented before the Twenty-fourth Annual Convention of the 
Society held in Cleveland, October 12 to 16, 1942. Of the authors, R. H. 
Harrington is research metallurgist, and L. E. Cole is research assistant, 
General Electric Research Laboratories, Schenectady, N. Y. 
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bronzes when reheated for even extreme periods of time at the 

lower “tempering”’’ temperatures. 

4. The effect increases in degree with increase in tin con- 
tent and with increase in the amount of plastic deformation, 
Thus an increase in electrical conductivity of about 40 per cent 
over the value for annealed material may be induced by heating 
90 per cent cold-rolled 13.5 tin bronze for 1000 hours at 250 
degrees Cent. (480 degrees Fahr.). 

In 1940 Thompson and Harrington (2), working with 8 per cent 
tin P-bronze, cold-rolled 6, 10, and 20 Numbers Hard, verified this 
effect of aging on electrical conductivity and also reported attendant 
and marked increases in such properties as proportional and elastic 
limits, elongation, hardness, and fatigue resistance. A new theory 
of strain-induced aging was suggested. If that theory be tenable it 
should apply to the prerecrystallization aging of other cold-workec 
solid solution alloys. 

In 1941 Jester and Harrington (3), working with the 15 and 
35 per cent zinc brasses, each in two conditions of cold work, 4 and 
8 Numbers Hard, found parallel improvements in elastic properties, 
elongation, hardness, and electrical conductivities. The degree of 
the effect increased with increase in solute metal content and with 
increase in the amount of plastic deformation. 

This present report deals with the same effect in cold-rolled 
1 per cent cadmium-99 per cent copper. 


MATERIAL 


Commercial 1 per cent cadmium-copper was the basis for this 
study. The chemical analysis gave a cadmium content of 1.01 per 
cent. Spectrographic analysis yielded traces of Fe, Ag, Si, Ca, and 
Al and indicated the absence of Pb, Sn, Zn, Mg, Sb, Cr, Mn, Ni, 
P, and Be. The material in the form of 32 mil strip, 1 inch wide, 
was tested in two conditions of cold work: “4 Numbers Hard” (37 
per cent cold reduction) and “&8 Numbers Hard” (60 per cent cold 
reduction ). 


TESTS 


The tests resolved themselves into the following successive steps: 


1. Determination of the temperature-hardness recrystalliza- 
tion curves. Separate samples of each grade of material were 
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heated for 4 hours at temperatures from 50 to 400 degrees Cent. 
(120 to 750 degrees Fahr.) in 25-degree intervals. Critical 
aging temperatures were selected from these data and the effect 
of time was determined for 10-hour and 100-hour treatments. 
Rockwell 30-T hardness tests were made, with the exception of 
aging temperatures above 325 degrees Cent. (605 degrees Fahr. ) 
when Rockwell F tests were translated to the B scale. Results 
are averages of ten or more readings. Since new samples were 
used for each aging treatment, cumulative (double) aging was 
avoided. 


2. Determination of the maximum aging temperature 


(without undue loss of hardness) for extended periods of time. 


3. Effect of strain and aging temperature on the electrical 
conductivity as compared to conductivity of material as received 
in the cold-rolled state and after complete recrystallization. 


4. Effect of the induced precipitation reaction on the tensile 
properties. The proportional limits were measured by means 
of a Sayre extensometer with an accuracy of 1 part in 100,000. 
The elastic limits were determined with the Sayre extensometer 
as the stresses required to produce a permanent elongation of 1 
to 2 parts in 100,000. Each tabulated result is the average for 
three standard tensile strip samples. 


5. Photomicrographs of the material in various conditions. 
THE CapMIuM-CopprER SysTEM 


The cadmium-copper equilibrium diagram, as given in the ASM 
Handbook, is reproduced in Fig. 1. The insert shows that the data 
of Owen and Pickup and of Pogodin, Micheeva, and Kogan indicate 
that this system may be precipitation hardening with maximum solid 
solubility of about 2.7 per cent cadmium and room temperature 
solubility between 0.5 and 1.2 per cent cadmium. An alloy of 2.5 
per cent cadmium-97.5 per cent copper, cast, heated 2 hours at 550 
degrees Cent. (1020 degrees Fahr.) and water quenched, had a Rock- 
well F hardness of 40. Maximum age hardness of this alloy is 
51 Rockwell F after 4 hours at 375 degrees Cent. (705 degrees 
Fahr.). This is a very feeble indication of precipitation. The 1 
per cent cadmium alloy gave no definite indication of precipita- 
tion hardening with similar treatment. A sample of the strip was an- 
nealed 112 hours at 500 degrees Cent. (930 degrees Fahr.) and then 
given a second anneal of 130 hours at 350 degrees Cent. (660 degrees 
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Fig. 1—Copper-Cadmium Constitution Diagram. 


Fahr.). X-ray investigation after each anneal gave no indication of 
precipitation and the structure after each anneal was completely 
unstrained. Based on this data and the fabrication history of the 
strip involving several stages of cold rolling with intermediate an- 
neals, it seems quite reasonable to conclude that any marked effects 
to be observed from prerecrystallization aging of cold-rolled mate- 
rial will be due to strain-induced changes in the normal cadmium- 
copper solid solution (especially in view of the published results for 
the aged cold-rolled brasses and bronzes). 


TEMPERATURE-HARDNESS RECRYSTALLIZATION CURVES 


Some new principles affecting recrystallization of cold-rolled 
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Fig. 2a—Recrystallization Curve, Hardness Vs. Temperature. 
Fig. 2b—Recrystallization Curve, Tough Pitch Copper. 


solid solution alloys have been suggested (1) and demonstrated for 
the bronzes (2) and the brasses (3). 

There are two types of strain to be considered in a cold-worked 
solid solution alloy, (a) “elastic strain” and (b) “plastic strain.” 
sy “elastic strain” is meant the lattice distortion which is relieved 
by restoration diffusion. By “plastic strain” is meant the crystal dis- 
tortion which is relieved only by recrystallization. Thus, in cold- 
worked solid solution alloys, heating for a relatively short time at 
temperatures below “recrystallization temperature” will effect relief 
from elastic strain with little or no effect on the plastic strain. 

As previously reported (1, 2, 3), if the recrystallization is 
simply the relief of plastic strain, the temperature-hardness recrystal- 
lization curve should be of a probability type with normal distribution 
of local strain areas (or volumes) according to the degree of strain. 
Thus, those few areas of highest plastic strain will recrystallize at 
lowest temperature, etc. The type of curve to be expected is shown 
in Fig. 2 (a). This idealized type of curve should be expected only 
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for pure metals and all too often “pure” metals include sufficient 
soluble impurities to result in strain-induced effects. Fig. 2 (b) is 
cited as a rather rare example wherein the idealized type of curve 
resulted from actual data* for the recrystallization of tough pitch 
copper. The hardness decreases continuously from room temperature 
with the structural recrystallization taking place rather gradually over 
a 100-degree interval, from 175 to 275 degrees Cent. (345 to 425 
degrees Fahr.). 

Figs. 3 and 4 show, respectively, the 4-hour temperature-hard- 
ness curves for 1 per cent cadmium-copper cold-rolled 4 Numbers and 
8 Numbers Hard. The solid line curves indicate the actual data while 
the broken line “expected” curves indicate the idealized hardness 
temperature relationship for simple structural recrystallization. Not 
only does the hardness rise from a little above room temperature to 
a maximum (higher than the hardness for the cold-rolled material) 
but also structural recrystallization takes place quite abruptly over a 
very narrow temperature range of about 25 degrees Cent. (75 de- 
grees Fahr.) and at higher temperatures than one might expect from 
only 1 per cent of solute metal remaining in solid solution in copper 
(by the theory for simple recrystallization). The rather large aging 
effects thus noted for 1 per cent cadmium-copper, as well as for the 
bronzes (1, 2) and brasses (3), definitely suggest a strain-induced 
obstruction to diffusion upon release (resolution) from’ which, at 
higher temperatures, structural recrystallization takes place more 
rapidly due to greater internal energy content at such higher temper- 
atures. For ease of comparison, the temperature hardness recrystal- 
lization curves for both conditions, 4 Numbers and 8 Numbers Hard, 
are plotted together in Fig. 5. 


TEMPERATURE, TIME, HARDNESS EFFECTS 
The effects of 4-hour aging periods on the hardness for tempera- 
tures below recrystallization have been described in detail in Figs. 
3 and 4 and summarized in Fig. 5. Age hardening is definitely estab- 
lished. Structural recrystallization takes place at lower temperatures 
with increase in plastic strain. 


The effects on hardness of increasing the aging time at the 
constant temperatures of 150, 175, 200, and 225-degrees Cent. (300, 


*From unpublished data by E. R. Parker, Research Metallurgist, Research Laboratories, 
neral Electric Co., Schenectady, N. \ 


( 
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Fig. 5—Four-Hour Temperature Hardness Curves for 1 
Per Cent Cadmium-Copper Cold-Rolled 4 and 8 Numbers Hard. 


345, 390 and 435 degrees Fahr.) are shown in Figs. 6, 7, 8, and 9. 

At 150 degrees Cent. (300 degrees Fahr.) the aging reaction is 
about 90 per cent complete after 10 hours for 4 Numbers Hard and 
continues up to 100 hours aging. For 8 Numbers Hard, the age 
hardness reaches a maximum after 10 hours and continues constant 
up to 100 hours. It is of interest to note in Fig. 6 that the hardness 
of the 4 Numbers Hard material increases with 100 hours aging at 
150 degrees Cent. (300 degrees Fahr.) to equal the as-rolled hard- 
ness of the 8 Numbers Hard material. 

Fig. 7, showing the aging effects at 175 degrees Cent. (345 
degrees Fahr.), indicates that both conditions of cold work lead to 
complete aging at 10 hours with perfect temperature hardness sta- 
bility up to 100 hours. 

Aging at 200 degrees Cent. (390 degrees Fahr.) leads to 
naximum aging after 10 hours with slight overaging after 100 hours. 
This is shown in Fig. 8. 

Fig. 9 gives the effects on hardness of aging at 225 degrees 
Cent. (435 degrees Fahr.). The maxima for hardness occur at 10 
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Fig. 6—One Per Cent Cadmium-Copper. Aged at 150 Degrees Cent. 
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Fig. 7—One Per Cent Cadmium-Copper. Aged at 175 Degrees Cent, 
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Fig. 8—One Per Cent Cadmium-Copper. Aged at 200 Degrees Cent. 
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Fig. 9—One Per Cent Cadmium-Copper. Aged at 225 Degrees Cent. 
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Fig. 10—Effect of Temperature for 10 Hours Aging Period. 
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Fig 11—Effect of Temperature for 100 Hours Aging Period. 
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hours as with 200 degrees Cent. (390 degrees Fahr.) aging but 
these maxima are slightly lower and the overaging at 100 hours is 
slightly greater. The age hardness values after 100 hours, however, 
are still somewhat higher than for the “as-rolled’” conditions. 

Just as Fig, 5 shows the effect of temperature for a constant 
aging period of 4 hours, Figs. 10 and 11 show the effect of temper- 
ature for 10-hour and 100-hour aging periods, respectively. Aging 
at 150 degrees Cent. (300 degrees Fahr.) leads to maximum age 
hardening, with the 8 Numbers Hard material showing the greater 
temperature stability, even though it will structurally recrystallize 
at a temperature about 25 degrees Cent. (75 degrees Fahr.) lower 
than that for the 4 Numbers Hard material. 


THE EFFECT OF STRAIN AND SUBSEQUENT AGING 
ON ELECTRICAL CONDUCTIVITY 


Table I shows the aging effects on the electrical conductivities 
for the 1 per cent cadmium-99 per cent copper alloy for the two 
cold-rolled conditions: 4 Numbers Hard and 8 Numbers Hard. 
The conductivities are reported in percentages, referring to annealed 
copper as 100 per cent. 








Table I 
Material——__ 
4 Numbers Hard 8 Numbers Hard 
Electrical Rockwell Electrical Rockwell 
Treatment Cond’y Per Cent B-Hardness Cond’y Per Cent »* B-Hardness 
As Cold-Rolled 92.0 64 91.3 73 
Aged 10 Hours 150°C 93.0 vhua 92.2 78 
Aged 100 Hours 150°C 93.0 73 91.8 78 
Aged 10 Hours 200°C 92.7 71 91.6 78 
Aged 10 Hours 225°C 92.8 70 92.2 77.5 
Annealed 1 Hour 400°C 94.4 Soft 94.4 Soft 


The electrical conductivities for four derived aging treatments 
are thus compared with the conductivities of the “as-rolled” condi- 
tions and of the structurally annealed material. The inherently high 
electrical conductivity of this alloy precluded the probability of any 
relatively large increases as were previously noted for the tin 
bronzes (2). It is of chief interest to note that, for these prerecrys- 
tallization aging treatments, both the conductivity and the hardness 
values show definite and coincident increases over the values for the 


as-rolled conditions. If the hardness increase could be due in some 
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way to increase in strain, it is definitely known that the conductivity 
should have decreased, contrary to the established data. Conversely, 
if the increase in conductivity was due in large part to the relief of 
strain, alone, the hardness should have decreased. Hence, it seems 
rather well established that the induced reaction is one of age-harden- 
ing, probably involving a strain-induced precipitation to some effective 
degree. 


EFFECT OF STRAIN AND SUBSEQUENT AGING ON 
THE TENSILE PROPERTIES 





Table II shows the effects on the physical properties, including 
tensile properties, for the 1 per cent cadmium-99 per cent copper 
alloy for each of the two conditions: 4 Numbers and 8 Numbers 
Hard. 

Again, as for the bronzes (2) and the brasses (3), increases in 
the elastic properties are combined with an increase in elongation 
(as well as with increases in hardness and electrical conductivity). 
For the best elastic spring properties for the 4 Numbers Hard mate- 
rial, an aging treatment of 10 hours at 200 degrees Cent. (390 
degrees Fahr.) is indicated while for the 8 Numbers Hard material 
an aging treatment of 10 hours at 200 degrees Cent. (390 degrees 
Fahr.) also yields the maximum elastic spring properties. 

For all the treatments the elongations showed surprising in- 
creases in view of the degree and direction of change noted in the 





Table Il 


Effect on Physical Properties of Aging Cold-Rolled 
1 Per Cent Cadmium—99 Per Cent Copper 


7 Per Cent** 
Prop’l. Elastic Tensile Per Cent R. B.* Elec. 


Treatment Limit Limit Strength Elong. Hard. Condy. 
Cold Rolled 4 Numbers Hard: 
As Cold Rolled 26,500 26,600 55,400 6.0 64 92 
Aged 10 Hrs. 150° C. 29,200 29,500 55,400 9.0 71.5 93 
Aged 100 Hrs. 150° C. 33,750 35,300 55,800 10.2 73 93 
Aged 10 Hrs. 200” C. 33,800 35,500 55,100 10.7 71 92.7 
Aged 10 Hrs. 225° C. 33,700 35,400 54,900 12.0 70 92.8 
Cold Rolled 8 Numbers Hard: 
As Cold Rolled 28,050 30,300 64,200 5.0 73 91.3 
Aged 10 Hrs. 150° C. 34,800 36,400 64,900 11.5 78 92.2 
Aged 100 Hrs. 150° C. 33,450 36,700 64,200 7.5 78 91.8 
Aged 10 Hrs. 200° C. 38,100 45,600 64,000 9.0 78 91.6 
Aged 10 Hrs. 225° C. 36,000 45,900 63,800 11.0 77.5 92.2 






*Rockwell B Hardness. 
**Per Cent Electrical Conductivity (Pure Copper = 100 Per Cent). 
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values for the other tensile properties. This seems to be anomalous 
for the normal general precipitation reaction. A reasonable ex- 
planation for this contrary increase in elongation seems to be that 
of strain-domain precipitation within individual grains. The domains 
of strain induced precipitation would act to maintain or increase the 
proportional limits, elastic limits and age hardness while the trans- 
erain paths of lower solute content, once the elastic limit is exceeded, 
result in lower work hardening during test and give rise to increase 
in ductility. By this same reasoning, the electrical conductivity 
should and does increase. 

A disorder-to-order reaction requires complete transformation 
from 100 per cent of one phase of disordered orientation to 100 per 
cent of another single phase of ordered orientation. In most in- 
stances this results in some increase in tensile properties and hardness 
with decrease in elongation which is contrary to the established data 
herein (also for bronze and brasses). However, in the case of 
within-the-grain strain domain aging changes it would be impossible 
to differentiate between strain-induced disorder-to-order and strain- 
induced precipitation in its earlier stages. Based on the marked 
coincident increase in elongations, however, it seems most reasonable, 
at present, to explain these changes in properties for aged cold-rolled 
bronzes, brasses, and cadmium-copper by strain domain-induced 
precipitation. | 

Present emergency conditions did not permit the use of fatigue- 
testing machines to study the effect of strain-induced precipitation on 
the endurance properties of cadmium-copper. However, as was 
established for the brasses and bronzes, it seems reasonable to ex- 
pect a beneficial increase in fatigue resistance for the cadmium-copper. 


PHOTOMICROGRAPHS 


The following photomicrographs, Figs. 12 through, 23, show the 
structures for each of the two stock materials, in the following 
conditions : 


1. As cold-rolled (4 or 8 Numbers Hard as the case may be). 

2. Cold-rolled materials after aging 10 hours at 150 degrees Cent. 
(300 degrees Fahr.). 

3. Cold-rolled materials after aging 100 hours at 150 degrees Cent. 
(300 degrees Fahr.). 

4. Cold-rolled materials after aging 10 hours at 200 degrees Cent. 
(390 degrees Fahr.). 
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Fig. 12—Four Numbers Hard. As Cold-Rolled. 
Fig. 13—Four Numbers Hard. Aged 10 Hours at 150 Degrees Cent. 
Fig. 14—Four Numbers Hard. Aged 100 Hours at 150 Degrees Cent. 
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Fig. 15—Four Numbers Hard. Aged 10 Hours at 200 Degrees Cent. 
Fig. 16—Four Numbers Hard. Aged 10 Hours at 225 Degrees Cent. 
Fig. 17—Four Numbers Hard. Annealed 1 Hour at 400 Degrees Cent. 
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Fig. 18—Eight Numbers Hard. As Cold-Rolled. 
Fig. 19—Eight Numbers Hard. Aged 10 Hours at 150 Degrees Cent. 
4 Fig. 20—Eight Numbers Hard. Aged 100 Hours at 150 Degrees Cent. 
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Fig. 21I—Eight Numbers Hard. Aged 10 Hours at 200 Degrees Cent. 
Fig. 22—Eight Numbers Hard. Aged 10 Hours at 225 Degrees Cent. 
Fig. 23—Eight Numbers Hard. Annealed 1 Hour at 400 Degrees Cent. 
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5. Cold-rolled materials after aging 10 hours at 225 degrees Cent. 
(435 degrees Fahr.). 


6. Cold-rolled materials after annealing 1 hour at 400 degrees Cent. 
(750 degrees Fahr.). 


All of the photomicrographs were taken at 250 and the etch- 
ing reagent was potassium bichromate. Higher magnification re- 
sulted in increasing loss of structure definition. The photomicro- 
graphs gave no definitely visible structural proof for presence of a 
precipitated phase. 


CoNCLUSIONS 


1. It seems well established that plastic strain induces an age 
hardening (precipitation) reaction in 1 per cent cadmium-99 per cent 
copper at elevated temperatures below the recrystallization range 
(as previously reported for the bronzes and brasses). 

2. The induced precipitation condition appears to act as a 
blocking agent to the diffusion necessary for recrystallization. This 
results in higher service temperatures for the cold-rolled condition 
than would otherwise be obtained if the material were free to re- 
crystallize unhindered at lower temperatures (as in the case of pure 
copper, for example). 

3. Present data for cadmium-copper (as also for the previously 
reported bronzes and brasses) seem to indicate that this induced 
precipitation cannot be indicated on the standard equilibrium diagram 
but could be plotted in a series of planes parallel to the standard 
equilibrium diagram, displaced from the standard along a third (a 
strain, or pressure) axis, perpendicular to the junction of the tem- 
perature and composition axes. This is within the bounds of the 
phase rule with concentration, temperature, and pressure (strain) 
as variants. 

4. Controlled use of the induced precipitation reaction yields 
marked improvement in the engineering properties of cold-rolled 
1 per cent cadmium-99 per cent copper whether for service at room 
temperature or at elevated temperatures. 

5. Springs, for instance, of this cold-rolled material may give 
service for prolonged periods of time at temperatures up to 175 de- 
grees Cent. (345 degrees Fahr.) and even up to about 1000 hours 
at 200 degrees Cent. (390 degrees Fahr.) before markedly over- 


aging. 
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6. Parts of cold-rolled cadmium-copper, particularly springs, 
for use at such elevated temperatures should be aged 10 hours at 
200 degrees Cent. (390 degrees Fahr.) to confer structural stability 
and thus avoid aging changes in elastic properties during actual 
service. | 
7. It is suggested that certain previously anomalous effects 
really may result from strain-domain precipitation within the grains 
of the initially cold-rolled material. 

8. Together with additional evidence (2, 3), it is suggested 
that the principles and effects of this strain-domain induced pre- 
cipitation should apply in some degree to all cold-worked and aged 
solid solution alloys. 


ACKNOWLEDGMENTS 


Appreciation is here expressed to the Chase Brass and Copper 
Company for supplying the sample material; to F. S. Mapes for the 
tensile tests; to S. S. Stack for the conductivity measurements ; and 
to Mrs. C. B. Brodie for the photomicrographs (all the latter of the 
General Electric Company’s laboratories). 


Bibliography 


1. R. H. Harrington, “The Role of Strain in Precipitation’ Reactions in 
Alloys,” Age-Hardening of Metals, Published by American Society for 
Metals, 1940. 

2. R. H. Harrington and R. G. Thompson, “The Precipitation Reaction in 
Cold-Rolled Phosphor Bronze,” Transactions, American Society for 
Metals, Vol. 28, 1940, p. 933-949. 

3. R. H. Harrington and T. C. Jester, “The Precipitation Reaction in Aged 
Cold-Rolled Brasses,”’ TRANSACTIONS, American Society for Metals, 
Vol. 30, 1942, p. 124-142. 

4. Otto Dahl and Carl Haase, “Process for Increasing the Electrical Con- 
ductivity of Tin Bronzes,” U. S. Patent 2,128,122. 


DISCUSSION 


Written Discussion: By Alan U. Seybolt, research metallurgist, Battelle 
Memorial Institute, Columbus, Ohio. 

The subject of the recovery of metals is one which needs much more 
investigation before the underlying causes of changes in hardness, electrical 
conductivity, etc., can be understood. Dr. Harrington has produced several 
interesting papers dealing with recovery phenomena, or as he would perhaps 
prefer to put it, phenomena occurring in the temperature region usually associated 
with recovery. Before accepting his thesis that severe cold work reduces the 
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solid solubility of solute metals in copper, one would like to see proof of a more 
direct nature than he has yet found. It would be interesting to perform the 
same experiments outlined in the present paper on copper-cadmium alloys 
using O.F.H.C. copper as a comparison material. 

One factor which might be considered is that of preferred orientation. 
It is obvious that metal reduced 90 per cent by cold rolling will have a high 
degree of preferred orientation. It seems possible that this preferred orienta- 
tion could have some effect on the electrical conductivity. The effect of some 
type of non-directional working, particularly in cases where large increases 
in conductivity were reported, would be interesting in this connection. 

Dr. Harrington places considerable emphasis upon the shape of his anneal- 
ing curves, seeking to show that the -deviation from the “expected curve’ is 
significant. This seems to be a case where the theoretical curve is in error 
because of lack of knowledge of all of the factors which determine such curves. 

The steepness of the annealing curve of hardness versus annealing temper- 
ature appears to be related to the degree of prior cold work. For example, 
J. S. Smart, et al.,*> show a series of annealing curves for 99.999 per cent copper 
for different amounts of cold work. The shape of their curves for 87.5 per 
cent cold-drawn wire is very similar to the curves determined by Dr. 
Harrington. Several other examples could be cited from the literature in 
which pure copper has shown annealing curves very much steeper than the 
“expected curves” of Dr. Harrington. 


Oral Discussion 


V. N. Krivosox:* It might be remembered that in applying the phase- 
rule to the study of metals, the pressure has been excluded from the classic 
phase rule. At times questions were raised whether or not it was altogether 
correct to do so. We appreciate, however, that the stresses which may be 
induced into metals by various means play a very important part. The work 
of Dr. Harrington and Mr. Cole, indicating the possibility in the properties 
of the nonferrous materials without any apparent phase change, further excites 
our curiosity regarding the influence of stresses. 

An additional thought occurred to me while Dr. Harrington was continuing 
the discussion of his interesting paper. It has been repeatedly learned that 
in both ferrous and nonferrous alfoys the history of the metal from the very 
beginning, that is, starting with melting practice and continuing through to 
the final processing, has a very profound effect on the behavior of the metal. 
An outstanding example of such influence would be the profound change in 
the notched impact resistance of the metal, influenced by finishing, rolling, 
or forging temperature, even though the articles are subjected to subsequent 
heat treatment which presumably obliterates the effect of finishing temperature. 
Some of the most classical work on thoroughly deoxidized or rimmed steels, 
as for example by Dr. Charles Herty, comes to mind also. It seems to me 
that much less data is available on the same subject in case of nonferrous alloys 


_ 3J. S. Smart, A. O. Smith, and A. J. Phillips, Transactions American Institute of 
Mining and Metallurgical Engineers, Institute of Metals Division, 1941, Vol. 143, p. 272. 
‘Chief Metallurgist, Lockheed Aircraft Corp., Burbank, Cal. 
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and it just occurred to me that the “history” of the nonferrous metal may have 
some influence on the matter under discussion. 

A. M. Watrace:® I have had some work with a process for annealing 
Monel metal prior to further cold working and drawing operations. We tried 
rapid heating, direct resistance heating, induction heating, and found that 
the results were ‘so inconsistent that the scrap was unbearable. Therefore, 
we had to go back to heating in the electric furnace. The rate of heating 
was perhaps as rapid as a foot in a few seconds. In the electric furnace 
it was a foot in about two minutes, and the results were consistent enough 
to make the scrap bearable. 

I had to bring that out. It sticks in my mind. 

I will make a confession. I am not a metallurgist. I am a machine 
designer, and for my sins I have had to design machines to accomplish metal- 
lurgical results. I hate to speak in metallurgical terms, but that really was the 
fact, that with the rapid heating, the grain size was inconsistent. With the 
slow heating, the grain size was consistent. Whether it may have been a 
case of original unequal cold work to start off with, which necessitated the 
annealing or some peculiar property, | would not say. It may be a lead. 
[ am just mentioning that it may be a lead for further work on that subject. 

Dr. Harrincton: Is there not a question of another factor coming in? 
That is the time factor for diffusion to obtain what you really want in subse- 
quent properties. 

Mr. WaLLAcE: The methods of heating were induction heating and direct 
resistance heating. Heat energy did not have to soak in from the outside sur- 
face to bring the whole volume to the desired temperature. In the induction 
heating process the thickness of metal was much less than the “penetration” for 
the frequency used. | 

The cooling rates were the same for all processes. 


Dr. Harrincton: I think the time factor is certainly something to be 
considered there. 

V. H. Partrerson :* We have recently conducted aging tests on 10 and 12 
per cent nickel silver cold-rolled to spring temper. 

The results of the tests indicate that the elastic properties, hardness, and, to 
some extent, the tensile strength, can be substantially increased by low temper- 
ature aging. The optimum treatment seems to be an aging at 400 degrees 
Fahr. (205 degrees Cent.), holding 4 hours at temperature, and air cooling. 

Nickel silver springs which readily took a set under a given repeated load 
were improved by the 400-degree Fahr. (205-degree Cent.) aging treatment 
to the extent that under the same repeated load, no set occurred. This defi- 
nitely indicates an increase in the elastic limit of the material. 

Microscopic examination of the material before and after heat treatment 
showed no marked differences. 

I believe these results are similar to those obtained by the authors in the 
various work they have carried out. 





SEngineer, Flashwelding Division, Progressive Welder Co., Detroit. 
*Metallurgist, Bausch & Lomb Optical Co., Rochester, N. Y 
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Authors’ Reply 


The authors appreciate the oral discussion offered by Dr. Krivobok, Mr. 
Wallace, and Mr. Patterson and, also, the written discussion of Mr. Seybolt, 
which, unfortunately, was not received in time for presentation at the meeting. 

First, in reply to Mr. Seybolt’s interesting contribution, the senior author 
takes full responsibility. There are several interesting points in Mr. Seybolt’s 
discussion. 

1. Mr. Seybolt prefers the term “recovery of metals” as descriptive of 
these pre-recrystallization aging phenomena. His choice is an established term, 
not necessarily correct per se, which can be applied wholly to materials subject 
only to elastic strain. The very word “recovery”, in this application, precludes 
the further increases in certain properties and even precludes the possibility of 
recrystallization. The term “recovery” can apply literally only to recovery 
from the “elastic strain” effect attendant to all plastic deformation. The authors 
have defined their terminology in detail in this and other papers. We all would 
like to see “proof of a more direct nature” and, in the absence of such published 


proof, each of us has a right of preference. 


2. Similar experiments have been performed with O.F.H.C. copper. One 


such reference is the paper by E. R. Parker.’ Tough pitch copper, deoxidized 
tough pitch copper, and O.F.H.C. copper yield the authors’ “expected” type of 
hardness-temperature curves, practically the same as the ideal curve to be 
“expected” for absolutely pure copper (which has never been made). The 
addition of 0.05 per cent of silver to O.F.H.C. results in an increase in hard- 
ness for pre-recrystallization aging temperatures as well as a marked increase 
in steepness (nearly vertical) of slope at recrystallization and a marked increase 
in the “recrystallization temperature.” To quote Parker: “It has been shown 
that the presence of a finely dispersed precipitate of a metallic phase will cause 
a marked rise in recrystallization temperature. The precipitation which occurs 
in the cold-rolled copper containing silver may be responsible for the high 
recrystallization temperature of this material.” At any rate, the observed dif- 
ferences in curves are due to the minor addition of silver, not simply to recov- 
ery. The material tested by Parker had been cold-rolled 90 per cent. 


3. It is “possible that preferred orientation could have some effect on the 
electrical conductivity”, especially in the case of 90 per cent cold reduction as 
suggested by Mr. Seybolt, but it has never been claimed or proven that the 
combined effects on elastic tensile properties, hardness, electrical conductivity, 
and endurance limit (described in the author’s papers on bronze, brasses, and 
in the present paper, as well as the general recognition of these phenomena) 
can be due to preferred orientation in materials cold-worked 37 to 60 per cent 
(and even much lower). It is highly improbable that the conductivity increases 
actually measured for aged cold-rolled bronzes could, or ever wili, be ascribed 
to preferred orientation. The type of crystal lattice involved does not seem to 
allow for such a marked directional effect for preferred orientation, and espe- 
cially in the lower ranges of plastic deformation. Finally, the effect of pre- 


TE. R. Parker, “Effect of Impurities on Some High Temperature Properties of Copper,” 
TRANSACTIONS, American Society for Metals, Vol. 29, 1941, p. 278. 
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ferred orientation would exist in the material as cold rolled and the further 
phenomena, achieved by subsequent aging, must therefore be due to some further 
reaction. 

4. The fact that the authors’ “expected” curves do not conform to Mr. 
Seybolt’s conventional theoretical “recovery” curves is not necessarily a sound 
condemnation. The previous mechanistic logic and assumptions in atomic phys- 
ics employed in the combined recovery-plus-nucleation picture simply constitute 
a previous theory which, in the senior author’s opinion, does not adequately 
account for the actually measured data. The authors prefer their own alter- 
nate theory as being perfectly compatible with the data and with the Phase Rule. 

5. The role of “strain” in producing these pre-recrystallization aging ef- 
fects is not specifically limited to only those copper alloys, or to only copper 
alloys, or to only cold-worked solid solution alloys. It is merely part of the 
whole picture of the role of strain in effecting and affecting reactions and dif- 
fusion phenomena in alloys. It has been shown* that, when cold work is super- 
imposed upon critically precipitation-hardened solid solutions, recrystallization 
can be effected only at temperatures above the critical aging temperature. 
Hardness-temperature curves for such data are of the same type as those re- 
ported by the authors for cold-worked solid solutions. This practical identity 
seems to indicate the necessity of removing the obstruction effect of an induced 
second phase before recrystallization of the solid solution can occur. 

6. Mr. Seybolt has referred to the work of J. S. Smart, et al., showing a 
series of annealing curves for 99.999 per cent purity copper for different amounts 
of cold work. No hardness curves are given. Tensile strength, elongation, and 
electrical conductivities are plotted against “annealing” temperature for 3 time 
periods for each of 3 degrees of cold reduction: 50, 75, and 87.5 per cent. None 
of these curves shows increase of tensile strength above that of the cold-worked 
material, none shows marked increase in elongation previous to marked decrease 
in tensile strength, and 8 of the 9 tensile-temperature curves coincide in type 
with the authors’ “expected” or theoretical curve for “pure” metals and with 
the previously cited curves by Parker. The single exception is for copper cold 
reduced 87.5 per cent and subjected to 15-minute heating periods. This one 
deviates from the rest only in having a steep (nearly vertical) drop in the 
curve instead of only a point of inflection as in the others and as in a “prob- 
ability” curve. This can, quite logically and in keeping with the authors’ theory, 
be a minor effect due to the minute amount of impurity (including unmeasured 
gases in solid solution) plus the high degree of strain attendant to 87.5 per cent 
cold reduction. This is also in accord with the much more marked effect of 
only 0.05 per cent of Ag when added to copper. 

It is regrettable that some of Dr. Krivobok’s own discussion was not 
recorded due to his requests to keep it “off the record”, for humorous reasons. 

The point raised by Mr. Wallace occurred during a general discussion 
and is not pertinent to the authors’ paper. 

Mr. Patterson’s example of the substantial increase in hardness, elastic 


8R. H. Harrington, “Role of Strain in Precipitation Reactions in Alloys’, Age Harden- 
ing of Metals, published by the American Society for Metals, 1940. 


E. R. Parker, ‘““‘The Development of Materials for Use at Temperatures Above 1000 
Degrees Fahr.”’, Transactions, American Society for Metals, Vol. 28, 1940, p. 797. 
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properties, and, to some extent, tensile strength, effected in 10 to 12 per cent 
nickel silver by aging the cold-worked material is of real interest, although 
only one of many such cases. These phenomena cannot (yet) be adequately 
ascribed to simple recovery or recovery plus nucleation but can be accurately 
described by the authors’ theory of strain-induced precipitation (or ordered 
phase, as the case may be). 








EFFECTS OF VARIOUS SOLUTE ELEMENTS ON THE 
HARDNESS AND ROLLING TEXTURES OF COPPER 


By R. M. Brick, D. L. MaArTIN AND RP. P. ANGIER 


Abstract 


The addition of a second element to pure copper re- 
sults in an increase of hardness which, for small addt- 
tions, is linear with increasing solute concentration. Dif- 
ferent elements, viz., Ni, Zn, Al, Mn, Si, As, Mg. Co, 
Sn and Sb, produce hardening effects to a degree which 
depends primarily on the difference in atomic volume of 
solute and solvent or, relatedly, upon the parameter change 
of the solvent or the extent of solid solubility. 

A straight line relationship was found to exist be- 
ween the solution hardening and the work hardening 
characteristics of the different solutes. An element which 
produces a great solution hardening effect will corre- 
spondingly greatly enhance the work hardening properties 
of the copper. 

The temperature range of softening of the cold- 
worked alloys could be defined by the change in the dta- 
mond pyramid hardness impressions, from convex to con- 
cave sides, as well as by the more normal halfway point 
in hardness change. Small, initial solute additions rapidly 
increased the softening temperatures to a maximum at 
some intermediate alloy concentration with a subsequent 
slight decline as the solute content approached a maxi- 
mum. This effect required use of different annealing 
temperatures to ensure uniform grain sizes and compara- 
ble hardness data for different alloys of one system. 

The solute element effects on cold rolling textures, 
shown by pole figures, conformed to a simple pattern in 
that only the copper, the brass or an intermediate type of 
preferred orientation was found. The recrystallized tex- 
tures were not as uniform; elements which enhanced the 
solution or strain hardness of copper most also had the 
most complicated anzaling textures, actually equivalent 
to a less marked degree of preferred orientation. 


A large part of the data in this paper is taken from a dissertation submitted by 
D. L. Martin to the Faculty of the Engineering School, Yale University, in partial ful- 
fillment of the requirements for the degree of Doctor of Engineering. 
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T is possible to make certain generalizations about the mechanical 

properties of solid solution alloys in comparison with those of 
their solvent metals. Thus, it is known that a solute element increases 
the hardness and strength of an annealed metal and also increases 
the minimum temperature at which softening will begin when the 
alloy is in the cold-worked condition. Few researches have attempted 
to go beyond this empirical point; specifically, to attempt to find a 
rational basis for predicting, in a comparative manner at least, the 
probable behavior of new alloys or the proper kind and amount of 
solute needed to meet specific hardness or softening temperature 
requirements. 

There is a large amount of published information on commercial 
solid solution alloys; for example, on the alpha brasses from “gild- 
ing metal” at 95 per cent copper and 5 per cent zinc to common high 
brass at 65 per cent copper and 35 per cent zinc or upon copper- 
nickel alloys from pure copper to pure nickel. It would seem, then, 
that a study of the relative effects of solute additions would be of a 
purely bibliographic nature. Such a study, however, leads nowhere 
for a wide variance in properties of commercial alloys is found as 
a result of purity and grain size variations.’ The impossibility of 
utilizing published data on solid solution alloys led to the present 
investigation which encompasses the solution-hardening and work- 
hardening characteristics, softening temperatures and rolling textures 
of ten pure, binary alpha solid solutions of copper under con- 
trolled grain size conditions and at various solute concentrations. 


ALLOY PREPARATION AND Test METHODS 


In most cases, a high-grade electrolytic tough pitch copper was 
melted under charcoal in a graphite crucible, and after dissolving 
the solute element addition, the 4-pound charge was cast in the form 
of a 2%-inch diameter cylindrical ingot.* The remelted solvent metal 
contained no visible Cu,O and electrolytic analysis showed it to be 
99.98 per cent copper. The solute elements were of the indicated 
purity: Zinc (99.99 per cent), nickel (electrolytic), manganese (99.98 


1The 1939 ASM Metals Handbook, p. 1413, gives a graphical chart of properties of 
copper-nickel system but different degrees of purity among alloys in the same chart 
not only destroy the quantitative value of the data but qualitatively cause the maxti- 
mum strength and hardness to occur at a composition different from that shown by 
pure alloys. : 


2Alloys of copper-manganese and copper-nickel were prepared by remelting deoxidized 
copper in a high frequency furnace under a borax cover. 
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per cent), antimony (99.8 per cent), aluminum (99.95 per cent), tin 
(99.9 per cent), magnesium (99.99 per cent), silicon (commercial), 
cobalt (99.9 per cent), arsenic (C.P.). 

Castings of the compositions given in Table I were homogenized 
by holding from 4 to 400 hours at temperatures close to the solidus, 
depending on the kind and amount of solute present. One-half-inch- 
thick disks were cut from the bottom third of the ingot. Fortunately, 
in most cases this section had a dense, fine-grained structure for in 
the instances where columnar crystals were present, difficulty was 
subsequently encountered in achieving a uniform grain structure in 
the wrought and annealed specimens. The complete sequence of 
treatments on these disks was as follows: 

1. Cold rolled to a reduction of 40 per cent, annealed 1 hour at 
700 degrees Cent. (1290 degrees Fahr.). 

2. Rolled to a reduction of 20 per cent, annealed to a uniform 
0.090-millimeter grain size. 

3. Rolled to a reduction of 60 per cent, taking hardness meas- 
urements at reduction increments of 10 per cent (work hardening 
data, Section IT). 

4. Individual specimens annealed 1 hour at various tempera- 
tures from 100 to 800 degrees Cent. (for softening data, Section III. 
and grain size determinations). | 

5. Annealed at the individual temperatures required to achieve 
a uniform 0.035-millimeter grain size (for solid solution hardness 
data, Section I). 

6. Rolled to a reduction in excess of 95 per cent, a thickness 
of about 0.004 inch (for determination of the deformation textures, 
Section IV). This material was subsequently annealed at tempera- 
tures giving a grain size of less than 0.010 millimeter (for determina- 
tion of the recrystallization textures, Section IV). 

In a study where the hardness values of a large number of 
alloys are to be compared in all degrees of cold work, it was essen- 
tial to have a continuous hardness scale. For this reason, a Vickers 
136-degree diamond pyramid indentor was employed in a standard 
Rockwell machine with a 25-kilogram load. The diagonals of the 
impressions were measured at 100 diameters magnification and the 
diamond pyramid numeral hardness values computed using the for- 
mula—D.P.N. = 1.8544 L/d*—where L is the load and d is diagonal 
length in millimeters. The test surface was polished through No. 
000 emery paper and two to four impressions made on each specimen. 





678 TRANSACTIONS OF THE A. S. M. September 


Table I 








Temperature Change in 
Per Cent -~Degrees Cent.—. D.P.H. at 
———-Solute—.,. Grain Size Soften- 10% ———————_——-Textures ean 
Weight Atomic 0.035 ing Reduction Rollingt Annealingt Figure 
Copper ov 500 245 41 —A, B, E A x 
Zinc Alloys 
0.94 0.92 530 300 31 —- _- 
1.28 1.24 580 300 42 —A, B, C, E A,D 

2.18 2.12 580 ate 40 —A, B, E A, D, F 9 

2.29 2.23 590 375 44 re “ Z 

5.73 5.58 580 dee 43 —A, B, E A, F 10 

10.15 9.90 500 370 51 —A, B A, D, F ll 

10.27 10.01 525 ae 41 — — ry 

14.55 14.22 525 ae 42 — -- ’ 

19.24 18.80 525 295 54 -- —_— ‘a 

29.38 28.80 500 295 46 —B,C F 12 

32.15 31.55 500 280 47 -- -- 

38.30 37 .63* 500 290 ie _- -- 

Nickel Alloys 
1.10 1.19 ibe 340 39 — — ah 
5.06 5.45 580 395 47 —A, B, E A, D 13 
9.60 10.31 580 435 49 -- — én 

12.35 13.24 580 tn 40 -- -- 

20.35 21.72 580 aac 40 — — 

30.60 32.72 580 450 47 —A, B, E C, F “ 
Nickel-Zinct 640 es 61 —A, B,C A, D, F 14 
Manganese 

.02 1.19 580 450 33 —A, B A, D, F 15 
1.90 2.19 580 420 51 — -- 6 
4.02 4.62 580 ean 53 —A, B,C A, D, F 16 
5.59 6.41 580 430 55 — -- be 
7.41 8.47 580 aa 57 _ _ 
10.03 11.42 589 410 56 — — 
Aluminum 
0.55 1.03 500 370 35 —A, B, E A, D, F 17 
2.07 4.73 eat pia 44 — — 
5.40 11.86 600 305 0 -- — 
6.50 14.16 600 305 63 -- -- ra. 
7.99 17.00 580 330 49 —B D, F 18 
Silicon 
0.11 0.26 580 sa 34 -- -- 
0.35 0.80 580 nn 39 — — 
0.99 2.20 “ae 380 51 —A, B, D A, B, D 19 
nat 2.64 580 380 54 _- -—— 
2.07 4.56 580 375 68 ~ -- nA 
2.34 5.15 555 oe 53 —B,C,G A,B,D,F 2 
Arsenic 

0.47 0.39 530 40 -- — 

0.73 0.62 580 uh 44 ~ -- a 

0.88 0.75 530 340 45 —A, B, C A, B, C 21 

1.32 1.12 580 295 49 - — + 

4.98 4.26 490 295 54 —A, B H 22 
Antimony 

0.75 0.39 580 380 47 —B A, D, F 23 

1.20 0.63 580 350 46 —A, B, D A, &. BD 24 
Cobalt 

1,00 1.07 750" exe 28 —A, B, E A,H 25 

1.56 1.68 750* es 29 —A, B, E A, D 26 
Tin é 

2.28 1.23 620 37! 54 —A, B A,B,D,F 27 

3.67 2.00 590 365 51 —B A, D, F 28 
Magnesium 

0.58 1.50 525 425 34 —A, B A, C, D 29 


*Contains a second phase. 

+Commercial material: 64.53 Cu; 18.09 Ni; 16.50 Zn—wt. %. 

tTexture designations: A—(100) [100]; B—(110) [112]; C—(110) [100]; D—(112) [423]; 
E—(112) [111]; F—(113) [112]; G—(11) [110]; H—undescribed. 
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The textures of the wrought and annealed specimens were deter- 
mined by etching the 0.004-inch specimens to 0.002 inch and then 
taking X-ray photograms, with a 1-millimeter pinhole and unfil- 
tered copper- radiation, at different angular positions with respect 
to the rolling plane and direction. The transference of intensity 
data, here differentiated into only three relative values, to octahedral 
pole figures has been adequately described elsewhere (1).* 


DISCUSSION OF EXPERIMENTAL DATA 


I. Solid Solution Hardness—The alpha phase fields of all alloy 
systems but the copper-nickel are produced in Fig. 1 with the actual 







Temperature, °C: 





0 0 2@ 30 0 0 0 10 2 30 0 0 10 0 0 0G 7M OG 
Weight Per Cent Solute, («-Alloys Investigated ) 
Fig. 1—Alpha Phase Fields of the Alloy Systems Included in This Study To- 


gether with the Actual Alloy Compositions, Indicated by Crosses Above the 
Abscissa Line. 


alloy compositions indicated at the base. The tin and cobalt alloys 
have solute concentrations exceeding the room temperature solubility 
limits shown by the diagram. A second phase was visible in the 
microstructure of the cobalt alloys but it may have been an oxide 
since it did not appear to have originated from the precipitation. Only 
the alpha solid solution phase was visible in the tin or any of the 
other alloys. Although according to Fig. 1 the tin and cobalt alloys 
should not be considered as stable solid solutions at room tempera- 
tures, the data on them have been included since: (a) it leads to 
some doubt as to the correctness of the alpha phase boundary at low 


*The figures appearing in parentheses refer to the bibliography appended to this paper. 
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temperatures of the copper-tin system, and (b) it shows that smal] 
amounts of cobalt, or of the second phase in the copper-cobalt sys- 
tem, noticeably modify the textural characteristics of copper. 

The solid solution hardness data are presented graphically in Fig. 
2. The curves for most of the various systems are similar in show- 
ing an initial, almost linear increase in hardness with a diminishing 
rate of increase at higher solute contents. The silicon alloys seem 
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Fig. 2—Hardness of Copper-Base, Binary, Solid Solu- 
tion Alloys. Annealed to a Common 0.035-Millimeter Grain 
Size, as a Function of Solute Concentration. 


to be an exception to this normal behavior in that they appear to 
show an increased rate of solution hardening at the higher silicon 
contents. These data are in fairly good qualitative agreement with 
that published by Norbury (2) except for the hardness maxima 
shown by Norbury at solute concentrations below the solubility limit. 
The same apparent effect was shown for the copper-zinc alpha solu- 
tions by Crampton, Burghoff and Stacy (3) although Siegel (4) in 
a review of these alloys does not show an intermediate maximum. 
No attempt was made to control grain size in the investigations by 
Norbury or Crampton, et al., beyond giving all alloys an identical 
anneal. The present work, in addition to extending the number of 
solutes covered by Norbury, shows that the intermediate hardness 
maxima are only apparent, i.e., alloys at intermediate compositions 
tend to have a finer grain size and therefore must be given some- 
what higher temperature anneals. 

Since the solution hardening behavier of the individual solutes 
seems to be related to composition in the normal manner, it is desir- 
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able to compare the relative effects of different solutes. From Fig. 
2, it is possible to give the following increasing order of solution 
hardening of copper:—Ni, Zn, Al, Si, Mn, As, Mg, Co, Sn, Sb. 
The relative order of these elements conforms to the expected gen- 
eralization that the solution hardening effect is greatest when the 
solubility is most restricted—and vice versa (see Table II). The 
same fact may be expressed by the associated atomic relationship, 


S 


a. 





Hardness Change per 1 Atarn Yo 
Go 








S 


my: 
0 e a 6 8 10 
Parameter Change per 1 Atom Y 103 


Fig. 3—Comparative Solid Solution Hardening 
Effects of Various Solute Elements as Related to 
Their Effect on the Lattice Parameter of Copper. 


ie., the hardening effect is greatest when the solvent and solute 
atoms are most unlike, in size or character, since the extent of solu- 
bility is generally related to size or other relationships between the 
two kinds of atoms concerned. These statements, while useful, do 
not offer a completely satisfactory fundamental basis for explaining 
the observed effects. Attempts to plot the relative hardening effects 
of various solutes against the atomic diameters of each, or the atomic 
diameter difference, were only partially successful since an atom’s 
effective diameter is a function of its condition, i.e., it may be quite 
different when dissolved in another element than when in its ele- 
mental form. Cobalt and copper are nearer in atomic size than 
nickel and copper, yet the former element is nearly completely insolu- 
ble while nickel is soluble to an infinite extent. The atomic size fac- 
tor, discussed in detail by Hume-Rothery (5) in relation to maximum 
solubilities, appears to be of vital significance when applied to solutes 
of the same type or position in the periodic table but is apparently 
so subordinated to other factors, such as electro positive or negative 
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characteristics, that it does not appear to be useful in considering 
solid solution hardening involving a wide variety of solutes. 

If the solid solution hardening increment per 1 atom per cent 
solute is plotted against the related lattice parameter change of the 
solvent, Fig. 3, a useful relationship may be obtained which auto- 
matically includes the consideration of atomic diameters as a function 
of their condition. Cobalt and magnesium are missing from the graph 
since no data were found for their effect on the lattice parameter 
of copper. The reason for silicon appearing above the line which 
includes the other elements is not apparent. It is not believed that 
even cumulative errors in grain size, hardness or composition deter- 
minations could explain this deviation and it seems that at present 
it can only be ascribed to some peculiarity in the solid solution 
structure. 

The relative atomic volume of the solute elements also affords 
a basis for partially systematizing their hardening effects and their 
solubility limits, as shown by Table II. It is apparent that in this 
listing manganese and cobalt are exceptions, but Ni, Zn, Al, Si, and 
As show nearly a straight line relationship between the hardening 
effect per atom per cent of solute and the atomic volume difference 
between copper and the solute. The elements As, Mg, Sn and Sb 
also approach a straight line of much steeper slope, indicating a 
greater hardening effect. The combined line would give a graph 
similar to that of Fig. 3, although in this case cobalt and manga- 
nese would be the elements departing from the curve. Norbury (2) 
plotted his data on the atomic volume basis and again the present 
data are in at least qualitative agreement with his.t 


Table Il 
Hardness 
Amount of Solute Increase Atomic Volume Solubility 
to Raise D.P.H. Per Atomic Difference; at Room 
of Cu, 41 to 54 Per Cent Solute-Cu* Temperature” 
Solute Atomic Per Cent D.P.H. cm*/gm. atom Atomic Per Cent 
Ni 13.2 1.0 —0.5 100 
Zn 12.1 1.1 +2.0 36. 
Al 47 2.7 +-2.9 20. 
S1 4.6 2.8 +4.6 8. 
Mn 4.6 2.8 +0.3 24. 
As 3.6 3.6 +6.0 6.5 
Mg 1.7 7.6 +6.9 5.0 
Co 1.4 9.3 —0.5 1.0 
Sn 0.9 14. +9,2 1.0 
Sb 0.6 21. +11.1 0.6 


*Data from Metals Handbook. 
**From the best available sources. 





tNorbury’s data formed a smooth curve whereas that of Table II results in two 
straight lines of quite different slopes. 
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Fig. 4—Hardness of Copper-Base, Binary, Solid Solu- 


tion Alloys, Cold Rolled to a Reduction of 20 Per Cent, 
as a Function of Solute Concentration. 
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Fig. 5—Hardness of Copper-Base. Binary. Solid Solu- 
tion Alloys, Cold-Rolled to a Reduction of 60 Per Cent, 
as a Function of Solute Concentration 
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The question may be asked whether any of these data are invalj- 
dated by metastability of the solid solution or by the presence of a 
second phase, in a precipitate form too fine to be detected micro- 
graphically. Time did not permit an exhaustive investigation of 
this possibility, or probability in the case of the tin and cobalt al- 
loys if the alpha limits shown in Fig. 1 are correct. Cobalt has a 
much higher hardening effect on copper than its relative atomic vol- 
ume would indicate but a lower hardening effect than would be ex- 
pected on the basis of its very low solid solubility. Anomalous be- 
havior should be expected since its atomic volume, in comparison 
with that of copper, would seem to be conducive to a high degree 
of solubility. Tin, on the other hand, appears to display the degree 
of solution hardening, for the relative atomic volumes, that would 
be expected if the data on As, Mg and Sb are correct. On this 
basis, the room temperature alpha solubility limit for the copper-tin 
system, shown by Fig. 1, may be too low. 

II. Strain Hardening—The increments in hardness upon cold 
rolling are not given at all stages, but Table I reproduces data at 
the 10 per cent reduction and Figs. 4 and 5 show graphically the 
hardness versus solute concentration relationship at 20 and 60 per cent 
reductions respectively. Comparison with Fig. 2 indicates that the 
slopes of these hardening curves increase with increase in deforma- 
tion in all cases except for the copper-nickel alloys. This is more 
clearly indicated by Fig. 6 in which the initial slopes of the strain 
hardened alloys of Figs. 4 and 5 are plotted against initial slopes 
of the solid solution hardness curves of Fig. 2. The increase in 
slope of the line at 60 per cent reduction, compared with that at a 
20 per cent reduction, indicates that the factors which influence solu- 
tion hardening continue to function, to even greater extent, when 
the alloys are cold-worked. 

A comparison of the work hardening data of all the alloys 
reveals that the initial addition of a second element to copper results 
in an alloy which work hardens less than copper at small reductions 
of about 10 per cent (see Table 1). Tin-and antimony do not con- 
form to this generalization but that may well result from all alloys 
in these systems containing more solute than the critical composition 
limit. Incidentally both of the cobalt alloys work harden less than 
copper at the 10 per cent reduction which suggests that no precipi- 
tation, associated with a possibly supersaturated solution, has oc- 
curred. 








1943 ROLLED COPPER ALLOYS 685 


Von Goler and Sachs (7) presented curves showing the shear 
strengthening which occurred during straining of copper and several 
alpha Cu-Zn alloys in the form of single crystals. Although the 
brasses required a higher initial stress, once deformation began, 
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Fig. 6—The Linear Relationship Between the Initial Slope 
of the Solid-Solution Hardening Curves, Fig. 2, and the In- 
itial Slope of the Curves for the Strain-Hardened Specimens of 
the Alloy Systems; After Cold Rolling to Reductions of 20 and 
6) Per Cent (Figs. 4 and 5). 


the increase in stress was less for the brasses than the copper. The 
solute atoms, zinc, also significantly altered the mechanism of strain- 
ing. It appears from the present work that the similar effect, a 
lesser degree of strain hardening for solid solutions, is limited in 
polycrystalline alloys to low solute contents and slight reductions. 
One ternary solid solution, a commercial nickel-silver (Cu + 
Zn + Ni), was included in this investigation. The hardness data 


on it, in comparison with the appropriate binary alloys, are repro- 
duced in Table ITI. 
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Table Ill 





D.P.N. Hardness Values 
: : a Solution After 20 Per Cent After 60 Per Cent 
Alloy Hardness Reduction Reduction 
64.5 Cu, 18 Ni, 16.5 Zn 88 152 194 
82 Cu, 18 Ni 57 108 128 
82 Cu, 18 Zn 63 119 169 


Cu 41 86 108 


Apparently, the simultaneous presence of nickel and zinc results in 
a greater hardness under a.l co:.ditions than would be expected from 
the additive influence of the solutes in the binary alloys. This 
would appear to be reasonable if the view that the lattice distortion 
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Fig. 7—The Effects of Solute Concentration on the Soften- 
ing Temperature of Alloys of Copper with Nickel, Zine and 
Manganese, After Cold Rolling to a Reduction of 60 Per Cent. 


associated with unlike atoms in solution is responsible for hardness. 
However, Schmid and Boas (8) found an additive influence for 
solutes in single crystals of ternary solid solution alloys and a more 
comprehensive study of pure, ternary alloys under controlled grain 
size conditions would be required to confirm or disprove the hard- 
ening in excess of the expected additive effect. 

III. Softening Characteristics—Most of these alloys, at least 
in the higher solute concentration ranges, displayed a “recovery 
hardening” effect when the cold-worked specimens were annealed at 
temperatures just below the recrystallization range. An increase in 
the prior deformation, or in the solute content, increased the hard- 
ening effect while the former factor reduced, and the latter factor 
increased, the temperature of the hardness maximum. In the 8 per 
cent copper-aluminum alloy. the D.P.N. hardness of 210 for the 
alloy after rolling 60 per cent was increased to 250 by annealing 
for 1 hour at 250 degrees Cent. (480 degrees Fahr.). This and 
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Figs. 8-11—Octahedral Pole Figures for the Indicated Alloys with the Deforma- 
tion Texture (Rolled 98 Per Cent) on the Left and the Recrystallization Texture 
(About 0.010 Millimeter Grain Size) on the Right. 


Fig. 8—Copper. Fig. 9—Copper Plus 1.24 Atomic Per Cent Z:nc. Fig. 10—Copper 
Plus 2.12 Atomic Per Cent Zinc. Fig. 11—Copper Plus 5.58 Atomic Per Cent Zinc. 


similar observations could be interpreted as indicative of precipita- 
tion from a cold-worked, metastable solid solution but no micro- 
graphic evidence of precipitation, as suggested by Harrington (6), 
was found. 

The softening temperature as employed here may be defined 
in several ways, but for simplicity will be described as the tempera- 
ture at which hardness is halfway between that of the cold-worked 
and that of the recrystallized alloy. The shape of the hardness 
indentations also afforded a basis for determining softening tem- 
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Figs. 12-15—Octahedral Pole Figures for the Indicated Alloys with the Deforma- 
tion Textures (Rolled 98 Per Cent) on the Left and the Recrystallization Textures 
(About 0.010 Millimeter Grain Size) on the Right. 

Fig. 12—Copper Plus 9.90 Atomic Per Cent Zinc. Fig. 13—Copper Plus 28.80 
Atomic Per Cent Zinc. Fig. 14—Copper Plus 5.45 Atomic Per Cent Nickel. Fig. 15 
—64.5 Per Cent Copper Plus 18.1 Per Cent Nickel Plus 16.5 Per Cent Zinc. 


peratures. It was observed that, in all cases, the cold-worked speci- 
mens had impressions whose sides were curved outward; i.e., con- 
vex, while fully annealed specimens had impressions with the sides 
curved inward; i.e., concave. At the temperature, or temperature 
range, of most rapidly decreasing hardness, the sides of the indenta- 
tions were straight. 

The effect of varying concentrations of different solutes upon 
this characteristic temperature is shown by Fig. 7 for Ni, Zn and 
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Mn and is listed for all alloys in Table I. Except for copper-nickel, 
all alloy systems displayed sharp initial increase in the softening 
temperature which reached a maximum and then declined at higher 
solute concentrations. The maximum for nickel alloys is apparently 
beyond the highest nickel content alloy (35 per cent nickel) in- 
cluded in this work. Associated with this intermediate composi- 
tion of maximum softening temperature, there is a minimum grain 
size when a series of alloys, across an alloy system, are annealed 
at a common temperature. 

IV. Textures—It has long been known that the alpha brasses 
and copper have quite different textures (preferred orientations, di- 
rectional properties or earing characteristics), both in the rolled 
and the annealed conditions. The change from the copper to the 
brass textural characteristics occurs in the vicinity of 2 per cent 
zinc (9), although the shift has been described in terms of idealized 
orientations rather than in the more exact form of pole figures. 
Pole figures of certain other alpha solid solutions of copper have 
been published in a Russian journal (10) but not in an effort to 
establish the characteristic types of solute effects. The textural 
data obtained in the present work have been inaccurately summar- 
ized by the idealized orientations listed in Table I but it seems de- 
sirable to record the more informative, octahedral pole figures, Figs. 
8 to 29. In each case, the deformation texture, resulting ‘from roll- 
ing to a reduction in excess of 95 per cent, is reproduced on the left 
side of the projection while the right side is occupied by the re- 
crystallized texture, obtained by annealing at a temperature which 
gave a very fine grain of about 0.010 millimeter. 

1. Copper-Zinc (Figs. 8-13)—The deformation texture of cop- 
per showed only slight peripheral spreads upon the addition of up to 
about 5 atomic per cent zinc when the typical brass texture appeared, 
although minor additional modifications were noted up to the 70:30 
brass. This further change consisted chiefly of octahedral planes 
rotating to become parallel to the rolling plane; i.e., the center of the 
figure becomes more and more densely populated. On the other hand, 
the recrystallization texture of copper was completely changed to 
an approximation of the equivalent brass texture by only 1.2 atomic 
per cent zinc. There was no significant change with solute addi- 
tions beyond the 9.9 atomic per cent zinc alloy. 

2. Copper-Nickel (Fig. 14)—The deformation textures of all 
the nickel alloys were nearly identical to those of copper. However, 
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Fig. 18 Fig. 19 


Figs. 16-19—Octahedral Pole Figures for the Indicated Alloys with the Deforma- 
tion Textures (Rolled 98 Per Cent) on the Left and the Recrystallization Textures 
(About 0.010 Millimeter Grain Size) on the Right. 

Fig. 16—Copper Plus 1.19 Atomic Per Cent Manganese. Fig. 17—Copper Plus 
4.62 Atomic Per Cent Manganese. Fig. 18—Copper Plus 1.03 Atomic Per Cent Alu- 
minum. Fig. 19—Copper Plus 17.0 Atomic Per Cent Aluminum, 





the lower nickel content alloys (5.45 per cent nickel) recrystallized 
to a texture similar to that of brass while the higher nickel alloy 
showed an almost random distribution of octahedral poles. 

3. Copper-Nickel-Zinc (Fig. 15)—The commercial “nickel- 
silver” had a deformation texture almost identical to that of brass. 
The recrystallized specimen showed a distribution of octahedral 
poles similar to that of the 5 per cent zinc brass although, at the same 
time, the texture was very similar to that of the cold-rolled copper- 
nickel-zinc alloy. 
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Fig. 22 Fig. 23 
Figs. 20-23—Octahedral Pole Figures for the Indicated Alloys with the Deforma- 
tion Texture (Rolled 98 Per Cent) on the Left and the Recrystallization Texture 
(About 0.010 Millimeter Grain Size) on the Right. 
Fig. 20—Copper Plus 2.20 Atomic Per Cent Silicon. Fig. 21—Copper Plus 5.15 
Atomic Per Cent Silicon. Fig. 22—Copper Plus 0.75 Atomic Per Cent Arsenic. Fig. 
23—Copper Plus 4.26 Atomic Per Cent Arsenic. 


4. Copper-Manganese (Figs. 16-17)—The cold-rolled 1.2 per 
cent manganese alloy showed a copper texture while the 4.6 per cent 
alloy displayed the brass deformation texture. However, both alloys 
recrystallized to a structure with a texture similar to that of annealed 
brass. 

5. Copper-Aluminum (Figs. 18-19)—Again the deformation 
texture of the dilute alloy (1.0 atomic per cent aluminum) resembled 
that of copper while the higher aluminum content (17 atomic per cent 
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Figs. 24-27—Octahedral Pole Figures for the Indicated Alloys with the Deforma- 


tion Texture (Rolled 98 Per Cent) on the Left and the Recrystallization Texture 
(About 0.010 Millimeter Grain Size) on the Right. 

Fig. 24—Copper Plus 0.39 Atomic Per Cent Antimony. Fig. 25—Copper Plus 0.63 
Atomic Per Cent Antimony. Fig. 26—Copper Plus 1.68 Atomic Per Cent Cobalt. 
Fig. 27—Copper Plus 1.530 Atomic Per Cent Magnesium. 


aluminum) specimen had the brass deformation texture. In the re- 
crystallized condition, the dilute alloys had a texture resembling that 
of the 1 per cent zinc brass while the texture of the higher solute 
content alloy was similar to that of a normal brass. 

6. Copper-Silicon (Figs. 20-21)—While not identical, both 
cold-rolled silicon alloys resembled rolled 70:30 brass texturally. 
The recrystallized specimens had textures similar to those of the 
very low zinc content brasses. 

7. Copper-Arsenic (Figs. 22-23)—The dilute arsenic alloy had 
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a deformation texture like that of the dilute zinc brasses while the 
higher arsenic content alloy resembled a normal brass. After re- 
crystallization, the dilute alloy remained substantially unchanged 
texturally, but the alloy containing more arsenic showed an almost 
random distribution of octahedral poles. 

8. Copper-Antimony (Figs. 24-25)—Very small amounts of 
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oe Se 11001100) 
@ (112)(423) @ (112) [423] 
4 (113)(112] 4 (113) [172] 


Cu-$n (128 at %); V2 Hour at 425°C. Cu-Sn (200 at Ye); Ve Hour at 500%. 
Fig. 28 Fig. 29 
Figs. 28-29—Octahedral Pole Figures for the Indicated Alloys with the Deforma- 
tion Texture (Rolled 98 Per Cent) on the Left and the Recrystallization Texture 


(About 0.010 Millimeter Grain Size) on the Right. 


Fig. 28—Copper Plus 1.23 Atomic Per Cent Tin. Fig. 29—Copper Plus 2.00 Atomic 
Per Cent Tin. 


antimony cause copper to show texture similar to that of the low 
zinc content brasses. The annealed textures are very complicated 
in appearance. 

9. Copper-Cobalt (Fig. 26)—Both cobalt alloys showed a de- 
formation texture almost identical to copper and a recrystallization 
texture like the transition (dilute) brasses. 

10. Copper-Magnesium (Fig. 27)—The magnesium alloy had 
a brass deformation texture but the recrystallized pole figure is very 
complicated. 

11. Copper-Tin (Figs. 28-29)—Both tin alloys, as rolled, showed 
the brass deformation texture but the recrystallization structures 
were rather complicated. 

Certain generalizations may be stated on the basis of the fore- 
going data; viz., (a) the rolling texture of copper is less sensitive 
to solute additions than is the recrystallization texture since only 
the copper, the brass, or a transitional type of preferred orientation 
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was found in any cold-rolled alloy; (b) elements which would have 
a more marked solid solution hardening effect appear to display the 


most complicated annealing textures, the general effect of which is 


a more random distribution of grain orientations in the recrystallized 
state. Both of these statements are subject to the experimental 
limitations of high reductions and low temperature anneals or, re- 
latedly, of fine grain size. If true also for normal grain size, the 
second statement is suggestive of means for reducing the earing 
characteristics of copper-base solid solution alloys and simultane- 
ously of achieving greater strengths. 


SUMMARY OF CONCLUSIONS 


Solid Solution and Strain Hardening—The addition of a second 
element to pure copper results in an increase of hardness which, for 
small additions, is linear with increasing solute concentration. Differ- 
ent elements, viz., Ni, Zn, Al, Mn, Si, As, Mg, Co, Sn and Sb, pro- 
duce hardening effects to a degree which depends primarily on the 
difference in atomic volume of solute and solvent or, relatedly, upon 
the parameter change of the solvent or the extent of solid solubility. 

A straight line relationship was found to exist between the solu- 
tion hardening and the work hardening characteristics of the differ- 
ent solutes. An element which produces a great solution hardening 
effect will correspondingly greatly enhance the work hardening 
properties of the copper. 

Data on the copper-tin alloys suggests that either tin is more 
soluble in copper at room temperatures than is indicated in the liter- 
ature or that arsenic, aluminum, manganese and antimony are less 
soluble; the former alternative seems preferable. 

Recovery and Softening—The increase in hardness found upon 
annealing cold-rolled alloys in the recovery range is accentuated by 
higher solute concentrations or by increased prior reductions. This 
effect was found in practically all alloys but no micrographic evi- 
dence of precipitation was detected. Other more decisive tests of a 
breakdown of supposedly stable solid solutions were not undertaken. 

The temperature range of softening of the cold-worked alloys 
could be defined by the change in the diamond pyramid hardness 
impressions, from convex ‘to concave sides, as well as by the more 
normal halfway point in hardness change. Small, initial solute addi- 
tions rapidly increased the softening temperatures to a maximum 
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at some intermediate alloy concentration with a subsequent slight 
decline as the solute content approached a maximum. This effect 
required use of different annealing temperatures to ensure uniform 
grain sizes and comparable hardness data for different alloys of one 
system. 

Textuves-+In the Cu-Zn system, the most significant change 
in deformation rolling textures, from the copper to the brass type, 
occurred at about 5 per cent zinc while the corresponding change 
in recrystallized specimens occurred at about 1 per cent zinc. Cold- 
rolled alloys of copper with Mn, Al, As and Sb all seemed to be- 
have, texturally, like those of Zn; alloys containing Ni and Co 
showed only the copper texture while those with Si, Mg, Sn, and 
a copper-nickel-zinc alloy showed only the brass texture. Thus the 
cold-rolled preferred orientations fit a rather simple pattern. How- 
ever, the recrystallized textures were subject to very considerable 
variations. Elements such as As, Sb, Sn and Mg, which conferred 
the greatest solution and strain hardening on copper, showed the 
most complicated annealing textures, actually equivalent to a less 
marked degree of preferred orientation. 
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DISCUSSION 


Written Discussion: By H. L. Burghoff, research metallurgist, Chase 
Brass & Copper Co., Waterbury, Conn. 

The hardening effects which the authors show for various elements in cop- 
per are interesting. Several years ago our investigations upon copper alloys led 
to an approximate evaluation of the strengthening effect of a number of ele- 
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ments in alpha, solid solution alloys in strip form. The table given below lists 
increments of strength which may be added to that of copper in order to esti- 
mate the probable strength of a given alloy in two conditions: (a) as annealed 
with grain size of about 0.050 millimeter; (b) as cold-rolled to a reduction of 
60 per cent. The base strengths of copper, to which the increments are added, 
are 32,000 psi. as annealed and 56,000 psi. as rolled 60 per cent. 

Although these values have proven valuable in many instances, they are 
offered only as approximations and with restrictions on solute concentration as 
indicated. They are usually not applicable when the alpha phase boundary is 
exceeded, and certainly not when age hardening is involved. 

It will be noted that the strengthening effects of some of the elements do 
not lie in the same order for both tempers. 


Increase of Tensile Strength of Copper Alloy Strip Per 1 Per Cent 
By Weight of Added Element 


Annealed (Grain Size approx. 0.050 mm) As Rolled 60 Per Cent 
Added Tensile Strength Range of Tensile Strength Range of 
Element Increase Solute Increase Solute 
psi Concentration psi Concentration 
Per Cent Per Cent 
Zinc 500 0-25 1,800 0-20 
Nickel 600 0-20 1,000 0-20 
Arsenic 1,000 0-3 8,000 0-3 
Manganese 2,400 0-5 5,000 0-5 
Aluminum 3,500 0-8 10,500 0-5 
Cadmium 4,000 0-1.2 10,000 0-1.2 
Tin 4,000 0-5 10,000 0-5 
Phosphorus 4,000 0-1.5 19,000 0-1.5 
Silicon 7,500 0-3.5 18,000 0-3.5 
Q-1.5 44,000 0-1.5 


Beryllium 13,000 

Written Discussion: By Wm. M. Baldwin, Jr., research metallurgist, 
Chase Brass & Copper Co., Cleveland. 

The authors are to be congratulated on having reported a tremendous 
amount of experimental data in a very clear and comprehensive manner. 

In their generalizations on the rolling and recrystallization data, the 
authors state “elements which would have a more marked solid solution harden- 
ing effect appear to display the most complicated annealing textures, the 
general effect of which is a more random distribution of grain orientations in 
the recrystallized state . . . . subject to the experimental limitations of high 
reductions and low temperature anneals, or, relatedly, of fine grain size.” 

The authors have shown great prudence in appending this condition to 
their generalizations. A case in point is that of the copper-nickel series, in 
which they report, for severe reductions, a copper-type rolling texture; while 
the recrystallization texture, for higher nickel contents at least, is “an almost 
random distribution of octahedral poles.” This, of course, was for a grain 
size of about 0.010 millimeter. 


In the Zeitschrift fiir Metallkunde, Miller’ reports, “It is known from 
recrystallization investigations on nickel,? on copper,’ on the face-centered 
1Miller, Z. Metallkde, Vol. 31, 1939, p. 322. 


2Von Géler and Sachs, Z. Phys., Vol. 56, 1929, p. 485. 
8Koster, Z. Metallkde, Vol. 18, 1926, p. 112. 
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iron-nickel alloys,‘ and on copper-nickel alloys’ that [after a 99 per cent 
reduction in cross-sectional area by cold rolling] the recrystallization texture 
consists of the cubic orientation in which the scattering about the ideal posi- 
tion decreases as the annealing temperature increases. In the immediate 
neighborhood of the recrystallization temperature the scattering is so great 
that the recrystallization texture must be described as random. The same 
results are obtained in the copper-nickel-iron alloys that exist as homogeneous 
solid solutions at the annealing temperatures in question.” At small grain sizes, 
then, the recrystallization texture is random for this series of alloys: while 
larger grain sizes give recrystallization textures that are definitely oriented. 
This may account for the effect of the final annealing temperature on ears in 
cupro-nickel cups which Bassett and Bradley’ reported. Worked and annealed 
cupro-nickel strip when rolled 90 per cent or better and then annealed at 600 
degrees Cent. (1110 degrees Fahr.) gave four ears at 45 degrees to the rolling 
direction (corresponding to the “random” recrystallization texture), whereas 
if annealed at 800 degrees Cent. (1470 degrees Fahr.) the strip yielded four 
ears at zero degrees and 90 degrees to the rolling direction (corresponding to 
the appearance of cubically aligned grains—see their Fig. 5).° 

We have found a similar case in studying the effect of phosphorus on the 
textures of copper strip. High phosphorus deoxidized copper (ca. 0.020 per 
cent P) yielded a rolling texture of the pure copper type. This copper, when 
annealed at low temperatures, gave a complicated recrystallization texture 
(a more random distribution of grain orientations) and when deep drawn into 
cups yielded four ears at 45 degrees to the rolling direction, while at high 
temperatures, a definite orientation, (111) || RD, (110) || RP, appeared, 
which produced four ears at 60 degrees to the rolling direction. 


Authors’ Reply 


The table presented by Dr. Burghoff is a valuable contribution to our data 
on copper alloys, especially since tensile strength is of more common use than 
hardness. If his values are recalculated in terms of atomic per cent, a closer 
agreement is obtained in the order of the hardening capacity of the elements; 
although complete agreement cannot be expected since hardness and_ tensile 
strength do not run parallel. Tin has a greater strengthening effect than 
beryllium on an atomic basis, 7500 psi. against 7000 psi. as compared to values 
of 4000 psi. and 13,000 psi. on a weight per cent basis. 

We welcome Mr. Baldwin’s comments on the effect of temperature on the 


‘Six, Snoek, and Burgers, De Ingenieur, Vol. 49, 1934, p. 195. 
_ SBassett and Bradley, Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 104, 1933, p. 181. 


®The fact that their cupro-nickel strip rolled from the cast condition to finish size pro- 
duced no ears is probably due to the large cast gain size which diminished the rate of work 
hardening and texture-formation.”: § ®% 20 The strip which was annealed in the cast condition 
behaved as outlined above. 

7Eisenhut and Widmann, Z. tech. Phys., Vol. 11, 1930, p. 70. 

SKaiser, Z. Metallkde, Vol. 19, 1927, p. 435. 


*Bassett and Davis, Transactions, American Institute of Mining and Metallurgical En- 
gineers, Institute of Metals Division, 1928, p. 55 


_ Baldwin, American Institute of Mining and Metallurgical Engineers Technical Publi- 
cation, 1455, 1942. 
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annealing texture of metals. In addition to a sharper texture, high temperatures 
frequently produce abnormally coarse grains in severely deformed metals. 
The large grains complicate the X-ray determination of preferment since a 
greater area must be covered to include an equal number of grains. 

His information on the effect of small amounts of phosphorus is of interest, 
Referring to Dr. Burghoff’s table we find that phosphorus in solution has 
a marked hardening effect and should therefore, according to our findings, 
alter the annealing texture of copper. Mr. Baldwin shows that the phosphor- 
ized copper does have a texture which differs from that°of copper both at low 
and high annealing temperatures. 





RUPTURE TESTS AT 200 DEGREES CENT. ON SOME 
COPPER ALLOYS 


By E. R. PARKER AND C. FERGUSON 


Abstract 


Rupture tests at 200 degrees Cent. (390 degrees 
Fahr.) were made on several copper-base alloys. Stress- 
life curves are given, and photomicrographs of short time 
and long time fractures are presented. The long time 
strength is greatly increased by small additions of certain 
metals. Some of the alloying elements reduce (and pos- 
sibly eliminate) the intergranular cracking which occurs 


in tough pitch copper stressed at 200 degrees Cent. (390 
degrees Fahr.). 


HE object of the investigation was to determine the behavior of 

some copper-base alloys under stress at elevated temperatures. 
Rupture testing’ ? of the type reported herein is common for ferrous 
materials, but relatively little has been done in the nonferrous field. 
Since such alloys are also used at high temperatures, it is evident 
that many apparatus designs should be based on rupture data rather 
than on short time tensile tests. This work was concerned with cop- 


per-base alloys, which are of particular interest to the electrical indus- 
try because of their low electrical resistance. 

The following commercial materials were investigated: tough 
pitch copper, manganese-copper, cadmium-copper, chromium-silicon- 
copper, phosphor bronze, cobalt-beryllium-copper, and beryllium-cop- 
per. Nominal compositions and heat treatments of these alloys are 
given with the rupture data in Figs. 1 through 8. All materials were 
tested at 200 degrees Cent. (390 degrees Fahr.) and two of the mate- 
rials were also tested at 350 degrees Cent. (660 degrees Fahr.). It 
was considered of greater importance to have comparative results on 
several materials rather than tests of long duration on one or two, 
so the tests were not carried beyond 700 hours. 


_ 4A, E. White, C. L. Clark and R. L. Wilson, “Fracture of Carbon Steels at Elevated 
lemperatures,’’ TRANSACTIONS, American Society for Metals, Vol. 25, 1937, p. 863. 


*R. H. Thielemann and E. R. Parker, “Fracture of Steels at Elevated Temperatures 
after Prolonged Loading,” Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 135, 1939, p. 559: 


_ A paper presented before the Twenty-fourth Annual Convention of the So- 
ciety held in Cleveland, October 12 to 16, 1942. The authors, E. R. Parker and 
C. Ferguson, are associated with the Research Laboratories, General Electric 
Co., Schenectady, N. Y. Manuscript received June 7, 1942. 
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MetTuop or TESTING 


The testing was done in a vertical rupture furnace. The mate- 
rials tested were wires of various diameters, as noted on the curves, 
with the exception of the manganese-copper which was in strip form. 
The wire was suspended through the furnace and the load was 
applied through a simple lever. The temperature was automatically 
controlled within +1 degree Cent. and was uniform over a 4-inch 
zone. The time until failure of the wire was recorded by a time 
clock which was automatically tripped off when the wire broke. 


DISCUSSION OF RESULTS 


In Figs. 1 through 8 the rupture curves are plotted on logarith- 
mic co-ordinates. The abscissae represent the time-for-failure, or life 
in hours, of wires stressed as indicated by the ordinate. The figure 
beside each point indicates the per cent reduction of area at the frac- 
ture. The points plotted at 0.01 hour are the short time tensile 
strengths measured at the testing temperature. 

Of particular interest is the change in slope of the rupture curve 
for tough pitch copper. Note the corresponding decrease in ductility 
as the slope of the curve increases. This change in slope is coincident 
with the occurrence of intergranular oxidation and cracking of the 
copper. Work done on steel? has shown that the change in the slope 
of the rupture curve is eliminated whenever tests are made in a re- 
ducing atmosphere, even though intergranular fractures occur in the 
long time tests. The change in slope of the stress-life curve for cop- 
per is probably due to the life-shortening effect of intergranular 
oxidation ; however, this point was not checked experimentally. Note 
how rapidly the strength of copper decreases with time. The 1000- 
hour strength is about half of the short time strength. 

It has long been known® that a small amount\of silver retards 
intergranular cracking of copper operating under stress at elevated 
temperature. Likewise the presence of a small amount of manga- 
nese, cadmium, or chromium (plus silicon) eliminates the intergranu- 
lar cracking (within the time limit of the test reported herein). Pho- 
tomicrographs of most of the materials tested are shown in Figs. 9 
through 19. All samples were etched with a potassium dichromate 


8E. R. Parker, “The Effect of Impurities on Some High Temperature Properties of 
Copper,” Transactions, American Society for Metals, Vol. 29, 1941, p. 269 
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Tough Pitch Copper wire 
Annealed at 500°C, Dia 0.116 In, Tested at 200°C. 
Figures indicate Ye Reduction of Area 
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Fig. 1—Rupture Curve for Tough Pitch Copper Annealed at 500 Degrees Cent. 
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Fig. 2—Rupture Curve for Tough Pitch Copper Annealed at 300 Degrees Cent. 
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Fig. 3—Rupture Curve for Manganese-Copper. 
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Fig. 4—Rupture Curve for Cadmium-Copper. 
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Fig. 5—Rupture Curve for Chromium-Silicon-Copper. 
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Fig. 7—Rupture Curve for Cobalt-Beryllium-Copper. 
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Fig. 8—Rupture Curve for Beryllium-Copper, 


reagent. These micrographs show the structure of the materials 
before testing, after fracturing in a short time, and after fracturing 
in a long time. Some of the materials show a decided difference 
between the short and long time fractures, while others show little 
or no change. 

Tough pitch copper (Figs. 9 and.10) broken in a short time 
at 200 degrees Cent. (390 degrees Fahr.) exhibits the normal duc- 
tile fracture. However, when failure occurs after prolonged loading, 
the type of fracture changes; intercrystalline cracking occurs, and 
the ductility is greatly reduced. 

Copper containing a small amount of manganese, while not 


appreciably stronger than tough pitch copper in the short time ten- 
sile test, will sustain over 50 per cent more load for a 1000-hour 
life (Fig. 2). Also the ductility of this alloy at fracture is not mate- 
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it Fig. 9—Tough Pitch Copper Annealed at 500 Degrees Cent. X 250. 
(Tep) Annealed—(Center) Short Time Fracture—(Bottom) Long Time Fracture, 170 Hours. 


rially reduced by prolonged stressing at 200 degrees Cent. (390 





degrees Fahr.). 
Likewise, copper containing cadmium is not much better than 
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Fig. 10—Tough Pitch Copper Annealed at 300 Degrees Cent. X 250. 
(Top) Annealed—(Center) Short Time Fracture—(Bottom) Long Time Fracture, 220 Hours. 


tough pitch copper in the short time test, but the 1000-hour strength 
is 100 per cent greater. It is also of interest that the ductility (as 
measured by the reduction of area) is just as high in the long time 
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Fig. 11—0.2 Per Cent Cadmium-Copper. xX 250. 
(Top) Before Test—(Center) Short Time Fracture—( Bottom) Long Time Fracture, 190 Hours. 





tests as it is in the short time tests (Fig. 4). Micrographs in Figs. 
11, 12, and 13 show the ductile condition of this material in the 
long time tests. 
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Fig. 12—0.4 Per Cent Cadmium-Copper. X 250. 
(Top) Before Test—(Center) Short Time Fracture—( Bottom) Long Time Fracture, 335 Hours. 


The chromium-silicon-copper alloy was tested in the heat treated 
and cold-drawn condition as described in Fig. 5. Both short and 
long time strengths of this alloy are high and the material possesses 
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: Fig. 13—0.58 Per Cent Cadmium-Copper. X_ 250. 
(Top) Before Test—(Center) Short Time Fracture—( Bottom) Long Time Fracture, 270 Hours. 


good ductility even in the long time tests. The structure of this alloy 
is shown in Fig. 14. 
The phosphor bronze is very strong in the short time tests, 
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Fig. 14—Chromium-Silicon-Copper. X 250. 
(Top) Before Test—(Center) Short Time Fracture—(Bottom) Long Time Fracture, 29 Hours. 


but after 60 hours the slope of the rupture curve changes and the 
strength drops off rapidly thereafter (Fig. 6). Microstructures of 
the fractures are shown in Fig. 15. This material does not oxidize 
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$3 Fig. 15—Phosphor Bronze. X 250. 
(Top) Before Test—(Center) Short Time Fracture-—-( Bottom) Long Time Fracture, 190 Hours. 


badly, and no evidence was found that oxidation caused the change 
in slope of the curve. Perhaps the decrease in strength is the result 
of softening produced by the prolonged heating under stress at 200 
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i Fig. 16—Cobalt-Beryllium-Copper, Tested at 200 Degrees Cent. x 250. 
; (Top) Before Test—(Center) Short Time Fracture—( Bottom) Long Time Fracture, 43 Hours. 


a. degrees Cent. (390 degrees Fahr.). Phosphor bronze loses much of 


its ductility and strength in the long time tests. 
The cobalt-beryllium-copper alloy breaks with a transcrystalline 
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Fig. 17—Cobalt-Beryllium-Copper, Tested at 350 Degrees Cent. X 250. 
(Top) Before Test—(Center) Short Time Fracture—( Bottom) Long Time Fracture, 65 Hours. 


fracture in the short time test at 200 degrees Cent. (390 degrees 
Fahr.) (Fig. 16), but the long time fracture shows some intercrys- 
talline cracking. At 350 degrees Cent. (660 degrees Fahr.) even the 
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Fig. 18—Beryllium-Copper, Tested at 200 Degrees Cent. 250. 
(Top) Before Test—(Center) Short Time Fracture—( Bottom) Long Time Fracture, 80 Hours. 


short time test shows intercrystalline cracking (Fig. 17). The slope 
of the rupture curve at the higher temperature is steep, showing that 
at some temperatures the short time strength is no indication of the 
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: Fig. 19—Beryllium-Copper, Tested at 350 Degrees Cent. X 250. 
(Top) Before Test—(Center) Short Time Fracture— (Bottom) Long Time Fracture, 540 Hours. 


long time strength. 
The beryllium-copper alloy is an interesting material. The short 
time fractures are transcrystalline at both 200 and 350 degrees Cent. 








$ 
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(390 and 660 degrees Fahr.) (Figs. 18 and 19), but the higher tem- 
perature fracture shows some indications of intercrystalline failure. 
The long time fracture at 200 degrees Cent. (390 degrees Fahr.) 
shows some intercrystalline cracking also, and the 350 degrees Cent. 
(660 degrees Fahr.) fracture is decidedly intercrystalline. Note how 
the ductility increases in the 350 degrees Cent. (660 degrees Fahr.) 
test as the failure time increases (Fig. 8). This is the result of over- 
aging (clearly visible in Fig. 19) which occurs at this temperature. 
Overaging also increases the slope of the rupture curve. 


CoNCLUSIONS 


1. The strength of tough pitch copper drops off rapidly with 
time. The 1000-hour strength is only half of the short time strength. 

2. Small additions of certain metals greatly increase the long 
time strength without increasing the short time strength appreciably. 

3. At 200 degrees Cent. (390 degrees Fahr.) cold-worked, pre- 
cipitation hardened copper alloys are much stronger both in short 
and long time tests than tough pitch copper. 

4. At 200 degrees Cent. (390 degrees Fahr.) there is a great 
difference in strength between hardened cobalt-beryllium-copper and 
beryllium-copper. However, at 350 degrees Cent. (660 degrees Fahr.) 
the difference is much less, probably because beryllium-copper over- 
ages at this temperature while cobalt-beryllium-copper does not. 

5. Intercrystalline cracking in copper at 200 degrees Cent. (39 
degrees Fahr.) may be reduced or possibly eliminated by small addi- 
tions of certain elements such as silver, manganese, cadmium, or 
chromium. 
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ORAL DISCUSSION 


Ricuarp F. Mitter:* I notice that the authors have plotted the “tensile 


strength” at 0.01 of an hour. This is quite a rapid tensile test, since it was 


*Research Laboratory, United States Steel Corp., Kearny, N. J. 
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complete in about 36 seconds. I would like to ask how long the tensile test 
actually did last. If the duration of the test was the customary five or six 
minutes, there would be less scatter in the plotted data. 

Another point which I would like to mention is in regard to item 5 of the 
conclusions, which reads, “Intercrystalline cracking in copper at 200 degrees 
Cent. (390 degrees Fahr.) may be reduced or possibly eliminated by small 
additions of certain elements such as silver, manganese, cadmium, or chro- 
mium”. While the intercrystalline cracking may be eliminated for what may 
be considered to be a reasonable time period, I question the permanent elimi- 
nation of such behavior. You will note that in the last slides it was shown 
that while intercrystalline cracking did not occur in the cobalt-beryllium- 
copper or the beryllium-copper alloys during the test tines employed at 200 
degrees Cent. (390 degrees Fahr.), such behavior was evident at 350 degrees 
Cent. (660 degrees Fahr.). The possibility thus exists that such behavior 
might be found after a long time at 200 degrees Cent. (390 degrees Fahr.), 
provided such a temperature is above the equi-cohesive temperature range for 
these materials. 

H. S. Rawpon:* I would like to ask Mr. Parker a question. Was there 
any attempt made to control the atmosphere of the furnace? I presume it was 
the same for all of the materials tested. 


Authors’ Reply 


In reply to Dr. Rawdon’s question concerning the furnace atmosphere, all 
tests were made in air. We have made other tests on oxygen-free copper in 
a hydrogen atmosphere at various temperatures up to 400 degrees Cent. (750 
degrees Fahr.). Intercrystalline failures were obtained in these tests, indicat- 
ing that oxygen is not essential for intergranular failure. 

In connection with Dr. Miller’s remarks, the short time tensile tests were 
made in the rupture machine by adding weights at the end of the loading 
lever until the bar broke. In this way, bars were broken in approximately 
half a minute. The short time tensile stress does not belong on the rupture 
curve, but is recorded on the graph to indicate the maximum load that can 
be applied. 


Item 5 of the conclusions was not meant to imply that intercrystalline 
cracking was eliminated; it was only “possibly” eliminated. Tests of much 
longer duration would be necessary to determine whether or not intercrystal- 
line failures could occur in some of the materials at 200 degrees Cent. (390 
degrees Fahr.). 


“Chief, Division of Metallurgy, National Bureau of Standards, Washington, D. C. 








SOME ASPECTS OF STRAIN HARDENABILITY OF 
AUSTENITIC MANGANESE STEEL 


By D. NIcoNoFF 


Abstract 


The maximum strain hardness attainable in austenitic 
manganese steel of a given composition was practically 
the same, irrespective of variation in structure and in- 
trinsic hardness caused by different heat treatment. Tem- 
pering at temperatures as high as 450 degrees Cent. (840 
degrees Fahr.) had no effect upon the strain hardness al- 
though the intrinsic hardness of manganese steel was in- 
creased through precipitation of carbides taking place at 
this temperature. Almost identical distribution of strain 
hardness was obtained in specimens cold worked at tem- 
peratures below 300 degrees Cent. (570 degrees Fahr.) ; 
working at higher temperatures resulted in flattening out 


of the peak of maximum hardness without affecting the 
lower hardness values. 


INTRODUCTION 


HE present paper represents a continuation of the work on 

strain hardening of austenitic manganese steel reported by the 
author at the Twenty-second Annual Convention of the Society." 

The earlier investigation dealt with an accurate determination 
of the strain hardening effect produced in specimens of austenitic 
manganese steel. The starting material was a commercial product 
in form of %-inch round, hot-rolled rods of the following composi- 
tion: 12.5 per cent manganese, 1.10 per cent carbon, 0.35 per cent 
silicon, 0.029 per cent phosphorus and 0.030 per cent sulphur. 

It was rendered austenitic by quenching in cold water from 1050 
degrees Cent. (1920 degrees Fahr.). The cold working was done 


1D. Niconoff, “Quantitative Measurement of Strain Hardness in Austenitic Man- 
ganese Steel,” Transactions, American Society for Metals, Vol. 29, 1941, p. 519-537. 


A paper presented before the Twenty-fourth Annual Convention of the So- 
ciety held in Cleveland, October 12 to 16, 1942. The author, D. Niconoff, is a 
member of the metallurgical staff of Republic Steel Corporation, Canton, Ohio. 
The investigation described in these pages represents a part of the doctorate 
dissertation submitted by the author to the Ohio State University in December, 
1939. Manuscript received June 9, 1942. 
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by means of a drop hammer calibrated to deliver a predetermined 
amount of work against a vertically held 34-inch round by 1-inch 
specimen the upper end of which was ground to a 60-degree cone. 
Under these conditions the apex of the cone was flattened out, the 
adjacent metal deformed, and a strain hardening effect set in. In 
this manner even relatively light impacts were sufficient to strain 











O 2 


4 6 8 
Depth, mm. 

Fig. 1—Depth of Penetration of Strain Hard- 
ness in Austenitic Manganese Steel Specimen, 


Ground to 60 Degree Cone, Under One Impact 
of 50 Foot-Pounds Intensity. 


harden the resulting surface to a considerable extent, but the depth - 
of penetration of this effect below the surface depended upon the 
intensity of the impact. 

The hardness of the cold-worked surface as well as the hard- 
ness gradient below the surface was determined and plotted in the 
form of a curve indicating the distribution of strain hardness within 
the specimen. Different intensities and frequencies of impacts were 
tried out, but as a standard for comparison was chosen the strain 
hardening effect resulting from one impact of 50 foot-pounds inten- 
sity. In Fig. 1 are plotted the data thus obtained for duplicate 
specimens: The individual hardness readings are indicated by points 
marked differently for each sample, but the curve proper is drawn 
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as the mean for these two sets of data. Characteristic features of 
such curves are the presence of a peak of maximum hardness which 
is found not on the cold-worked surface but usually about 1 mm, 
below it, and the gradual decline in the strain ‘hardness until the orig- 
inal hardness of the unstrained metal is reached at the base of the 
cone forming one end of the specimen. 


EXPERIMENTAL 


After the method for accurate determination of the strain hard- 
ening effect was developed, the next step was to apply it to the 12 
per cent manganese steel not only in purely austenitic form, but also 
in different stages of decomposition of its principal constituent. The 
latter application was particularly desirable because the mechanism of 
strain hardening is commonly interpreted as a reaction of decom- 
position of austenite, and for this reason the capacity to harden under 
cold work could be expected to be proportional to the amount of this 
phase available for the decomposition. 

One-inch long sections of the same 3¢-inch manganese steel rod 
which was used in the previous investigation were quenched in cold 
water after heating 1 hour at 1050 degrees Cent. (1920 degrees 
Fahr.) in a protective atmosphere. The sections were heated then 
for 1, 3, 8 and 24 hours respectively at each of the following tem- 
peratures: 250, 300, 400, 450 and 500 degrees Cent. (480, 570, 750, 
840 and 932 degrees Fahr.), and immediately quenched in cold 
water. They were ground subsequently to the form of the standard 
cone-shaped specimens and subjected to an identical degree of cold 
work consisting of one impact of 50 foot-pounds intensity. The 
hardness of the cold-worked surface was determined as a mean of 
several readings, and the depth of hardness penetration below the 
surface was measured by suitably sectioning and mounting the speci- 
mens as described in the earlier paper. 

The pertinent data for each temperature employed are listed in 
Table I. To facilitate comparison, the original hardness readings 
determined at irregular intervals below the surface were interpolated 
so as to correspond to uniform increments in depth. The original 
data obtained for the specimens held 24 hours at each of the temper- 
atures involved are also plotted in Fig. 2. 

Heating the specimens for various intervals at temperatures be- 


low 450 degrees Cent. (840 degrees Fahr.) apparently had no effect 








1943 STRAIN. HARDENABILITY 719 





Table | 


Strain Hardenability of Cone-Shaped Specimens of Austenitic Manganese Steel Reheated 
to Various Temperatures and Quenched Before Cold Working 


Intensity of Impact—50 Foot-Pounds 





Rockwell “Cc” Hardness 


SS eee Pe ee ee a gna oe eee 
Depth r— Heated at 250° F.——_, r— Heated at 300° F.——_, 
Below As 1 3 8 24 1 3 8 24 

the Surface Quenched Hr. Hrs. Hire; Biss. Hr. Hrs. Hrs. Hrs. 

Surface 49.6 51.1 52.9 51.7 50.8 52.1 51.9 53.5 52.8 
1 Mm. 51.7 51.7 52.8 51.1 52.6 52.0 52.0 50.8 52.8 
2 44.8 44.9 47.1 44.8 48.0 44.2 46.6 43.2 43.9 
3 33.1 34.1 36.3 33.0 37.3 35.7 35.7 34.1 34.7 
4 24.3 24.0 26.3 24.0 27.4 26.6 24.0 25.3 26.7 
5 18.7 19.6 20.4 18.2 22.5 20.1 19,2 19.8 21.1 
6 15.6 15.0 17.0 13.6 18.5 16.3 14.7 16.0 16.9 
7 13.3 11.8 15.7 12.4 16.3 13.8 12.8 13.0 14.0 
Depth --Heated at 400°C. -Heated at 450° C.-, Heated at 500° C.-, 
Below 1 3 8 24 1 3 8 24 1 3 8 24 
the Surface Hr. Hrs. Hrs. Hrs. Hr. Hrs. Hrs. Hrs. Hr. Hrs. Hrs. Hrs, 
Surface 51.8 50.4 49.9 51.3 530.0 S05 52.3 51.7 Gs Bid. MB ss. 
1 Mm. 50.2 52.0 51.0 49.7 51.1 50.8 51.0 50.1 32 6 322. S86. 52D 
2 46.8 47.5 46.0 46.8 44.5 45.8 46.3 45.2 46.8 47.6 47.5 49.6 
3 35.0 35.8 26.3 36.7 43 Bi HIS. Be? 36.3 36.8 42.5 49.0 
4 ae BA wa wes %.2 B37 B27 @B2 20.7 29.5 39.0 48.8 
5 20.3 21.2 20.2 20.2 20.6 19.6 22.8 26.4 2332 44 63970 6.2 
6 wa 4225 te SF i364 74. Wa. 20.1 20.8 36.2 46.3 
7 a7 ts 348: -BS cotiw eats 23.2 17.3 18.7 35.0 46.1 








0 





Fig. 2—Effect of Preliminary Heating on Strain Hardness of 
Austenitic Manganese Steel Specimens, Ground to 6 Degree 
Cone, Under One Impact of 50 Foot-Pounds Intensity. Duration 
of Heating at Each Temperature—24 Hours. 
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upon their strain hardenability except for a slight but nevertheless 
consistent rise in the maximum hardness obtained for all four speci- 
mens of the 300 degrees Cent. (570 degrees Fahr.) series. The first 
perceptible increase in the depth of hardness penetration was ob- 
served after heating 24 hours at 450 degrees Cent. (840 degrees 
Fahr.), at a distance of 4 mm. below the surface. It was apparently 
due to an increase in the intrinsic hardness of the steel, caused by 
precipitation of carbides from supersaturated austenite. The same 
phenomenon took place in the 500 degrees Cent. (930 degrees Fahr.) 
series after much shorter intervals of heating. But no matter how 
great the increase in hardness of metal became after prolonged heat- 
ing at these temperatures, the maximum hardness attainable in each 
instance was practically the same as with the purely austenitic steel. 
Thus, a specimen hardened to Rockwell 46-C by heating 24 hours at 
500 degrees Cent. (930 degrees Fahr.) could be strain hardened 
6 additional Rockwell C units to give the maximum value of Rock- 
well 52-C, which is nearly the same as that for austenitic manganese 
steel worked in the as-quenched state. The only difference between 
the specimens subjected to these different treatments was the fact 
that the former one was embrittled by the work to such a degree 
that the cold-worked surface checked badly and the measurement of 
surface hardness was made impossible. 

The structure of austenitic manganese steel free from the ef- 
fects of cold work consists of polyhedral grains of austenite, char- 
acterized by sporadic twins and also by the presence of occasional 
slip lines caused by internal stresses (Fig. 3a). Under the action of 
2 per cent nital, it etches slowly with the formation of a rather dense 
surface film colored in various hues of brown. For a better revela- 
tion of the underlying structure it is usually necessary to remove the 
film through retouching the etched specimens very lightly upon the 
final polishing wheel. Cold working causes the appearance of familiar 
slip lines or bands, the frequency and intensity of which are in di- 
rect proportion to the cold work applied and to the distance below 
the surface (Fig. 3b). Such lines are visible on the original stressed 
surface if it has been previously polished, and also reappear on 
subsequent repolishing and etching. They etch more readily than 
the unaltered austenite. As usual, these slip bands occur as a series 
of parallel lines, which may be either straight or slightly curved, 
extending either partly or fully across the grains but not intersecting 
the grain boundaries. The constituent lines of a given series are 
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Fig. 3—Structure of Austenitic Manganese Steel Strain Hardened to Various De- 
grees: a—Unaltered by Cold Work Zone; b—Zone of Intermediate Hardness; c— 
Zone of Maximum Strain Hardness Immediately Underlying the Cold Worked Surface, 
Etched in 2 Per Cent Nital. x 500. 


spaced equidistantly from each other. The prevailing direction is 
parallel to the cold-worked surface or within 45 degrees therefrom. 
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It is not uncommon to find two sets of the slip lines within a single 
grain, intersecting at an angle of about 60 degrees. This usually 
occurs nearer to the cold-worked surface and is associated with 
higher strain hardness. At the zone of maximum strain hardness 
just below the cold-worked surface the slip lines are revealed less 
readily under the action of 2 per cent nital used as the etching agent, 
but appear in the form of faint, irregular rows of approximately 
parallel lines undergoing a considerable degree of bending as a result, 
probably, of the extreme deformation of the grains (Fig. 3c). 

Preliminary heating of quenched manganese steel to tempera- 
tures below 400 degrees Cent. (750 degrees Fahr.) had no effect upon 
their structure either before or after cold working. The first notice- 
able change occurred after 8 hours of heating at 450 degrees Cent. 
(840 degrees Fahr.) which was accompanied by an increase in hard- 
ness of the zone unaffected by the cold work. The change consisted 
of the precipitation of nuclei of carbides along the grain boundaries. 
On cold working such structure, slip lines which were only faintly 
visible were developed in the zone of intermediate hardness (Fig. 
4a). Except for a greater degree of curving of these lines caused 
by greater deformation immediately below the cold-worked surface, 
the structure of the zone of maximum strain hardness had practically 
the same appearance (Fig. 4b) despite the fact that its hardness was 
nearly twice as great as that of the intermediate zone. Heating 24 
hours at the same temperature resulted in an extensive precipitation 
of carbides as a continuous network surrounding the grain bound- 
aries. Some needle-shaped particles of carbides were also precipi- 
tated within the grain boundaries. Under the action of cold work, 
very faint slip lines were developed both in the zones of the inter- 
mediate and maximum strain hardness (Figs. 4c and 4d). 

Heating austenitic manganese steel at 500 degrees Cent. (930 
degrees Fahr.) for 1 hour caused precipitation of isolated islands of 
carbides largely along the existing grain boundaries, in a manner 
similar to that obtained after 8 hours at a temperature 50 degrees 
Cent. (90 degrees Fahr.) lower. After additional 2 hours of heating 
the carbides formed a closed network surrounding every grain. Ina 
specimen heated 8 hours at the temperature of this series, the car- 
bides were converted into nodules of a troostito-sorbitic constituent 
and the structure was hardly affected by further heating at the same 
temperature. Cold working of such structure resulted in appearance 
of very faint slip lines at the zone of intermediate strain hardness. 





1943 STRAIN. HARDENABILITY 723 








Fig. 4—Structure of Austenitic Manganese Steel Heated at 450 Degrees Cent. 
(842 Degrees Fahr.) and Subsequently Cold Worked at Room Temperature. Etched in 
2 Per Cent Nital. x 500. 

a. Heated 8 Hours. Zone of Intermediate Strain Hardness. 
b. Heated 8 Hours. Zone of Maximum Strain Hardness. 

c. Heated 24 Hours. Zone of Intermediate Hardness. 

d. Heated 24 Hours. Zone of Maximum Strain Hardness. 
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Practically the same structure prevailed also at the zone of maximum 
hardness except for a somewhat greater degree of fragmentation of 
the grains (Figs. 5a and 5b). 

The series was extended to the region above the eutectoid point 
where the carbides, precipitated on heating at temperatures below this 
point, are gradually redissolved and thus the carbon content of the 
austenitic matrix increased with rising temperature. As in the previ- 
ous tests, the duration of heating was 1, 3, 8 and 24 hours respectively 
at the predetermined temperature. The specimens were then water 
quenched, ground to the standard form and subjected to the identical 
degree of cold work. Because the difference obtained for various 
intervals at each temperature employed was slight, only the data 
corresponding to 1 and 24-hour intervals are reproduced in Table II. 
The strain hardenability of the specimens heated 24 hours at different 
temperatures is also plotted in Fig. 6. 

The maximum strain hardness obtained immediately below the 
surface in the specimens quenched from 650, 700, 800 and 900 de- 
grees Cent. (1200, 1290, 1470 and 1650 degrees Fahr.) was of the 
same order as previously reported. The hardness of the zone rela- 
tively unaffected by cold work was approximately Rockwell 30-C for 
the specimen quenched from the lowest temperature, and gradually 
decreased with increasing temperature of quenching until, at the high- 
est temperature employed, it was only slightly above that of the 
wholly austenitic steel. 

Fig. 7 illustrates the change in structure occurring in the 
specimens heated to 650-800 degrees Cent. (1200-1470 degrees 
Fahr.) and quenched prior to cold working. The massive troostito- 
sorbitic constituent separating along the grain boundaries at lower 


Table Il 


Strain Hardenability of Cone-Shaped Specimens of Austenitic Manganese Steel Reheated 
to 650-900 Degrees Cent. (1200-1650 Degrees Fahr.) and Quenched Before Cold Working 


Intensity of Impact—50 Foot-Pounds 


Rockwell “‘C”’ Hardnes: 





pocampal pemmomns 
Heated at Heated at Heated at Heated at 
650° CH gm - —~* 800° CH co 1" - 
Depth Below 1 24 1 24 1 24 1 24 
the Surface Hr. Hrs. Hr. Hrs. Hr. Hrs. Hr. Hrs. 
Surface 49.4 51.6 50.5 52.0 51.4 52.0 51.4 48.0 
1 Mm. 51.9 51.1 51.4 52.3 52.3 50.6 49.6 51.2 
2 46.4 44. 45.3 46.4 45.2 46.1 43.3 44.3 
3 36.7 37.2 35.1 36.5 35.3 35 . 
4 31.1 32.8 27.8 30.6 27.3 
5 27.9 30.8 24.1 26.2 23.0 
6 25.5 29.9 23.0 24.0 18.5 
7 25.0 held 18.5 sis nd 
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Fig. 5—Structure of Austenitic Manganese Steel Heated 24 Hours at 500 Degrees 
Cent. (932 Degrees Fahr.) and Subsequently Cold Worked at Room Temperature. 
Etched in 2 Per Cent Nital. x 500. 

a. Intermediate Zone. 
b. Zone of Maximum Strain Hardness. 


temperature was gradually reabsorbed by the austenitic matrix, and 
was entirely replaced at 800 degrees Cent. (1470 degrees Fahr.) by 
purely cementitic network. At higher temperatures the latter lost 
its continuity, and only scattered areas were found to contain residual 
veins of cementite. These represented apparently the regions of 
relatively high carbon content which were formed as a result of the 
dendritic segregation. 

Whenever the precipitated carbides were not completely re- 
dissolved in the austenitic matrix, the tendency on the part of the 
latter to form the slip lines was less pronounced:and the lines formed 
were not darkened so readily on etching in 2 per cent nital, but often 
appeared as white stripes. Since the carbon content of the austenitic 
matrix under these conditions approached the eutectoid value, a state 
of supersaturation in respect to carbides appeared to be instrumental 
in the reappearance of well defined slip lines in the specimens which 
were repolishea and etched after cold work. This was probably due 
to the precipitation of carbides along the slip lines. 
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EFFECT OF TEMPERING 


To gain additional understanding of the phenomenon of strain 
hardenability, the effect of tempering at the temperature range of 
300-450 degrees Cent. (570-840 degrees Fahr.) was briefly investi- 





Depth, Mm. 


Fig. 6—Effect of Preliminary Heating and Quenching 
from the Temperature Range of 650 to 900 Degrees Cent. 
(1202 to 1652 Degrees Fahr.) on Strain Hardness of Aus- 
tenitic Manganese Steel Specimens. Ground to 60 Degree 
Cone, and Cold Worked Under One Impact of 50 Foot- 
Pounds Intensity. Duration of Heating—24 Hours. 


gated. The same specimens as described above were cold worked 
under one impact of 50 foot-pounds intensity and then heated in non- 
oxidizing atmosphere for time intervals varying from 1 to 24 hours. 
The specimens were then quenched in water and sectioned to permit 
the measurement of their cross-section hardness. Tempering at the 
lower temperature of the range employed had no effect upon hard- 
ness distribution except for a slight rise in the surface hardness 
which resulted in leveling off of the peak of maximum hardness 
usually found a short distance below the cold-worked surface. The 
corresponding microstructure was likewise unchanged. 
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Fig. 7—Structure of the Intermediate Zone of Strain Hardness 


Obtained in Man- 
ganese Steel Specimens Which Were Heated to 650 to 800 Degrees Cent. 


a! enrege Fahr.) and Quenched Prior to Cold Work. Etched in 
XxX 300. 


a. Heated 24 Hours at 650 Degrees Cent. (1202 
b. Heated 24 Hours at 700 Degrees Cent. (1292 


Degrees 
c. Heated 24 Hours at 800 Degrees Cent. 


Degrees 
(1472 Degrees 


(1202 to 
2 Per Cent Nital. 
Fahr.). 
Fahr.). 
Fahr.). 


The original hardness of the cold-worked specimens was practi- 
cally unaltered by tempering at 400 degrees Cent. (750 degrees 
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Fahr.) although a certain degree of change was observed taking place 
in the structure: The regular pattern of uniformly spaced slip lines 
abundantly found usually in the zone of intermediate strain hardness 
began to crowd together and the lines were combined into solid 
blocks. The blocks were still separated by thin white lines and ap- 
peared in some instances as the twins. 





QO 2 o 6 & 
Depth, Mm. 
Fig. 8—Effect of Tempering on Strain Hardness of Cold 


Worked Specimens of Austenitic Manganese Steel. Tem- 
pering Temperature—450 Degrees Cent. (842 Degrees Fahr.). 


These features were further intensified on tempering at the 
highest temperature of the range involved (450 degrees Cent. or 840 
degrees Fahr.). As the hardness distribution curves obtained for 
intervals of 1, 3, 8 and 24 hours respectively indicate (Fig. 8), the 
only appreciable change in hardness occurred at the base of the curve 
corresponding to the 24-hour heating intervals, which was caused 
apparently by the precipitation of carbides in the part of the speci- 
men unaffected by cold work. A similar rise in hardness was ob- 
served before, in Fig. 2, on heating at the same temperature and for 
the same length of time a specimen which was not preliminarily sub- 
jected to cold work. However, the increase in the latter case was 
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somewhat greater than the corresponding increase obtained on tem- 
pering the cold-worked specimen. The resulting structure, illus- 
trated in Fig. 9, was characterized by further banding of the slip 
lines and also by precipitation of cementitic veins along the grain 
boundaries. 





Fig. 9—Structure of the Intermediate Zone of Strain Hardness Ob- 
tained After Tempering at 450 Degrees Cent. (84 Degrees Fahr.). 
Etched in 2 Per Cent Nital. X 500. 


CoLtp WoRKING AT DIFFERENT TEMPERATURES 


In the tests carried out so far, the effect of temperature upon 
strain hardenability of austenitic manganese steel was investigated 
indirectly; that is, either the austenitic specimens were first re- 
heated to the predetermined temperature, quenched and then cold- 
worked; or, the specimens cold-worked at room temperature were 
subsequently reheated (tempered) and quenched. 

In the following tests the strain hardenability of this steel was 
investigated at varying temperatures beginning with that of dry ice 
(about —70O degrees Cent. or —94 degrees Fahr.) and ending at 
550 degrees Cent. (1020 degrees Fahr.). The same type of the 
specimens was used as before. These were kept at the temperature 
of the test for 30 minutes, then transferred rapidly with a pair of 
tongs, maintained at the same temperature, under the drop hammer 
and subjected to one impact of 50 foot-pounds intensity. The work- 
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ing face of the drop hammer was likewise preheated or chilled in 
order to minimize change in the temperature of the cold-worked 
surface at the moment of the impact. The surface hardness was 
measured as soon as the specimens attained room temperature, then 
the hardness distribution below the surface was determined by the 
usual means. The data are plotted in Fig. 10. 


20 





10 : 

Q 2 4 
Depth, Mm. 
Fig. 10—Strain Hardenability at Different Temperatures 


of Austenitic Manganese Steel Specimens, Ground to 6 De- 
gree Cones, Under One Impact of 50 Foot-Pounds Intensity. 


At —/70 degrees Cent. (—94 degrees Fahr.) unusually high 
value was obtained for the peak of maximum hardness, but the depth 
of hardness penetration was considerably less. The specimen was 
also deformed under the impact considerably less than usual. Cold 
working at temperatures below 300 degrees Cent. (570 degrees 
Fahr.) yielded a family of similar curves resembling the one ob- 
tained under the same conditions at room temperature (Fig. 1); 
however, at the upper temperature range the peak of maximum 
hardness, which is typical of the curves for samples cold worked at 
room temperature, was already absent. 

A decided drop in hardness of the cold-worked surface was first 
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observed on cold working at 400 degrees Cent. (750 degrees Fahr.). 
The maximum hardness obtained at this temperature was only Rock- 
well 47-C although in all other respects the hardenability curve was 
normal. It appeared as if the upper part of the curve was leveled off 
without affecting the base. An entirely new type of hardness distri- 
bution was obtained for the specimens worked at 550 degrees Cent. 
(1220 degrees Fahr.). Because of the carbide precipitation taking 
place rapidly at this temperature, the hardness of the zone unaffected 





Fig. 11—Structure of the Zone Unaltered by Cold Work in an Aus- 
tenitic Manganese Steel Specimen Worked at 400 Degrees Cent. (752 
Degrees Fahr.). Etched in 2 Per Cent Nital. x 500. 


by cold work was already increased after 30 minutes of heating. But 
this fact did not prevent the cold-worked surface from hardening to 
about Rockwell 42-C. : 

The structure of the specimens cold worked at temperatures 
below 300 degrees Cent. (570 degrees Fahr.) was essentially the 
same as that obtained at room temperature. At 400 degrees Cent. 
(750 degrees Fahr.) the slip lines in the zone of intermediate hard- 
ness had a tendency to group into broad, black bands resembling in 
appearance the twins. In the zone unaffected by cold work were 
observed well defined twins which etched readily with 2 per cent 
nital, assuming the appearance of alternating white and black rec- 
tangles (Fig. 11). It is interesting to notice that the same region 
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in the specimen cold worked at —70 degrees Cent. (—94 degrees 
Fahr.) could be etched in 2 per cent nital only with difficulty and 
all the twinned grains appeared uniformly white. However, the aver- 
age hardness prevailing in this region of the latter specimen was 
about Rockwell 10-C as compared with Rockwell 15-C for the same 
zone of the former specimen. 

To correlate the strain hardness obtained under different condi- 
tions of temperature with the degree of deformation undergone by 
the cold-worked specimens, reduction in their length was determined 
by measuring the lengths both before and after the impact. The 
following results were obtained: 


Temperature, Reduction in Length 
Mes 7, Mm. 
—70 —94 3.05 
0 32 3.30 
100 212 3.55 
200 392 3.2 
300 572 3.63 
400 752 3.93 
500 1022 4.30 


Reduction in the length of the specimens cold-worked at room 
temperature was usually in the vicinity of 3.30 mm. Thus, increase 
in the maximum hardness obtained at the lowest temperature of the 
series was accompanied by an increase in stiffness of the specimen; 
or, rather, vice versa: Because of the decreased capacity for defor- 
mation at the temperature of dry ice, most of the energy delivered 
by the impact was absorbed by the surface layers with a result that 
a shallow depth of hardness penetration was obtained. At higher 
temperatures the plastic properties were augmented and consequently 
the strain hardening effect penetrated deeper; but for the same rea- 
son the energy of the impact was distributed among the surface 
layers more uniformly so that a lower maximum hardness was ob- 
tained. This reasoning, however, is concerned largely with the slope of 
the hardenability curves and does not intend to explain the flattening 
out of the peak of maximum hardness obtained at 400 degrees Cent. 
(750 degrees Fahr.). The latter phenomenon was caused probably 
by other factors, such as change in the structure or intersolubility 
of its constituents. 


SUMMARY AND CONCLUSION 


The maximum strain hardness attainable in austenitic manga- 
nese steel was found to be practically the same whether the steel was 
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in purely austenitic state; or whether heated below the upper critical 
point where the carbides originally present in the state of super- 
saturation were precipitated and the remaining austenite partly de- 
composed ; or, finally, whether it was reheated above this point but 
below the temperature at which the hypereutectoid carbides were 
completely redissolved in the austenitic matrix. To be sure, the intrin- 
sic hardness of the steel depended on its structure; and the black, 
well defined slip lines were revealed by etching most readily when 
the carbides were present in excess over the eutectoid ratio; but no 
matter what was the original hardness of the steel, and no. matter 
whether the characteristic slip lines were obtained or not, all the 
specimens of plain, austenitic manganese steel investigated here 
could be hardened at room temperature uniformly to a maximum 
strain hardness of about Rockwell 49-52-C. 

Tempering at a temperature of 300 degrees Cent. (570 degrees 
Fahr.) was uneffective although the conditions were presumably right 
for enhancing the strain hardenability of this steel through the age- 
hardening effect. Tempering at a higher temperature (460 degrees 
Cent. or 840 degrees Fahr.) likewise had no effect upon the maximum 
strain hardness of cold-worked specimens even if their intrinsic 
hardness was increased through the precipitation of carbides. 

Working manganese steel at different temperatures below 300 
degrees Cente (570 degrees Fahr.) resulted in almost identical hard- 
ness values. At 400 degrees Cent. or 750 degrees Fahr. the upper 
part of the hardenability curve appeared as if sliced off at the hard- 
ness level of Rockwell 47-C while the remaining part of the curve 
was normal in all other respects. At this temperature the slip lines 
had a tendency to group together, forming wide bands which were 
not unlike the twinned grains. Working at still higher temperatures 
decreased the strain hardenability drastically. But even at 550 de- 
grees Cent. (1020 degrees Fahr.) the steel could be strain hardened 
appreciably. 

In view of the facts enumerated above it appears that neither 
one of the explanations of the strain hardenability of austenitic man- 
ganese steel based upon the theory of decomposition of unstable 
austenite provides a complete answer. It has been proved beyond 
doubt by previous investigators that certain products of decomposi- 
tion of this austenite are, in some cases, found along the slip planes 
of strained manganese steel—such as ferrite (or martensite) and car- 
bides. The question remains, to how great a degree do these prod- 
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ucts contribute to the strain hardening phenomenon. The fact that 
the strain hardness asserts itself at temperatures as high as 550 de- 
grees Cent. (1020 degrees Fahr.) and that the strain hardened stee! 
does not respond to tempering at 450 degrees Cent. (840 degrees 
Fahr.) certainly does not indicate that the martensitic reaction is 
the governing factor. On the other hand, the capacity of this steel 
to harden to exactly the same extent independently of the degree of 
supersaturation in respect to carbides also casts a doubt whether the 
precipitation of the latter constituent is an all-important factor. Two 
other factors, which are often overlooked, appear to be equally im- 
portant. These are the fragmentation of grains under the impact, 
and crystallographic reorientation along the slip lines which is sug- 
gested by the tendency on the part of the latter to form twins under 
favorable conditions. 


DISCUSSION 


Written Discussion: By J. O. Lord, associate professor, Ohio State Uni- 
versity, Columbus, Ohio. : ‘ 

The paper by Dr. Niconoff is the second that he has published as a result 
of the doctor’s dissertation that he worked on at Ohio State University. Recall- 
ing the energy and enthusiasm with which he pursued this work in our lab- 
oratories, I can testify to the thoroughness and accuracy of his results. | 
think this is further borne out by the papers themselves in which he has listed 
determinations covering every angle of approach. 

His methods are discussed in the paper which he published last year 
(Reference 1 of the paper) and need not be considered here. 

It is interesting to note from the curves in Fig. 2 that preliminary heat- 
ing below 450 degrees Cent. (840 degrees Fahr.) produces practically no effect 
on the hardness of either strained or unstrained austenitic manganese steel. 
This is definite evidence that increase in hardness must be due to strain alone. 
This is further shown in Fig. 8 in which tempering at 450 degrees Cent. 
(840 degrees Fahr.) was applied after the specimens were strained, and still 
only a slight hardening was noticed after 24 hours. 

Regarding the microstructures there is a good deal of speculation. First, 
as regards the slip lines, the fact that these reappear after polishing and 
etching is contrary to most experience with other materials. Several explana- 
tions are available. First, they may be strain lines. These are the result of 
residual internal stress which is partially relieved and unbalanced at the pol- 
ished surface and results in a continued wrinkling of the polished surface. 
Such markings usually disregard grain boundaries. Second, they may be twins 
caused by the type of deformation used. Such twins would be of the Neumann 
band type and in face-centered materials are sometimes very profuse. Some 
of the markings are undoubtedly of this type but others do not appear to be. 








* 
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Third, they may be slip lines along which a certain amount of carbide pre- 
cipitation has taken place or along which some transformation to martensite 
has occurred. 

The grain boundary phase of Figs. 4c and 4d is designated as “carbides”. 
It is difficult to see how carbides of such coarseness can form at so low a 
temperature (450 degrees Cent.). In Fig. 5 a feature appears which is referred 
to as nodules of a troosto-sorbitic constituent. This was formed at 500 degrees 
Cent. (930 degrees Fahr.). Such a structure is usually conceded to be formed 
by the breakdown of martensite. a. 

Is it not possible that the figures referred to as carbides are really patches 
of martensite which have undergone partial disintegration into troostite? More- 
over, is it not possible that the phenomenon of slip produces thin layers of 
martensite which while in very small amount yet can act as a hardening agent 
when scattered throughout the very numerous slip planes? 

While manganese is known to lower all the transformation temperatures 
yet 12 per cent does not lower them to below 500 degrees Cent. (930 degrees 
Fahr.) for 1.20 per cent carbon steels.2 Hence it should be possible to form 
martensite in such steels. There seems to be a good deal of evidence that the 
formation of martensite is stimulated by stress. Slip in many face-centered 
materials takes place on a {111} plane in a <110> direction and that, accord- 
ing to Kurjumow and Sachs and confirmed by Dr. Mehl, is the plane and 
direction along which face-centered iron changes to body-centered irons. 
Hence it seems to me that the-slip planes would be the logical place to start 
the change to martensite. 

It is undoubtedly true that the hardness of an austenitic manganese steel 
would reach about the same maximum whether hardened by martensitic lay- 
ers, by troostite layers or by submicroscopic carbides formed at a tempering 
temperature of 500 degrees Cent. (930 degrees Fahr.). This accounts for the 
nearly horizontal curve of Fig. 2. 


Oral Discussion 


NorMAN P. Goss:* This is a very interesting paper, and the experimental 
results are in general in agreement with the work I have done. The thing I 
am interested in is the mechanism of strain hardening of this alloy by cold work. 

The fact that one can obtain a hardness of about Rockwell C-50 is quite 
remarkable. I have subjected a number of such samples to X-ray examination 
and found line broadening. Now if this line broadening were due to lattice 
distortion, tempering should sharpen the lines as the stresses are released. 
In the paper presented, the author found that tempering, even to quite high 
temperatures, did not change the hardness appreciably. Likewise no change 
could be observed in the structure of the X-ray lines, when tempered. 

The broadening of the X-ray diffraction lines must be primarily due to 
the smallness of the particle size; apparently the grains of this alloy can be 
reduced to a much smaller limiting particle size than any other alloy by cold 


2C. Wells, “Constitution of Iron-Manganese-Carbon Alloys,’”’ A.S.M. Metats Hanp- 
BOOK, 1939, p. 409. 


SResearch engineer, American Steel & Wire Co., Cleveland. 
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working and nearly approaches the hardness of martensite. If it were due to 
the lattice distortion, tempering should sharpen the lines as such a treatment 
is definitely known to release internal stresses. Therefore line width appears 
to be associated with particle size and not lattice distortion. 

SAMUEL Epstern:* I would like to ask the author whether he has any 
idea about the ductility of these alloys. Would you expect the ductility to be 
higher or lower, if the hardening occurs as a result of carbide precipitation 
or of ferrite formation or of decomposition of austenite to martensite? 

Adter a moderate amount of cold work, this alloy shows good ductility, 
similar to the low carbon austenitic alloys. Because of the rapid rate of work 
hardening of Hadfield’s austenitic manganese steel, cold work is generally con- 
sidered to cause ‘extreme hardness and brittleness. However, after a limited 
amount of cold work to a hardness of about 400 Brinell, the ductility for this 
hardness is good, despite the high carbon content. 

Etvan R. Basyton:* We have done considerable work in austenitic man- 
ganese steels, and are interested in producing maximum ductility and for that 
reason have had to investigate what causes steels to produce lower duc- 
tility. Carbide precipitation is one of the things that does it and as Mr. Nic- 
onoff said, large grain size is another thing that lowers the ductility. It 
seems that you must have the carbides in solution for maximum ductility, and 
you must also produce a grain size for maximum ductility. 

We do not measure ductility after cold working. We measure before cold 
working. We get, on the standard Olsen machine, ductility of a maximum 
near 0.5 inch with pressures up to 17,000 pounds in breakage. A similar gage 
in 18-8 requires about half that pressure to break. 

V. N. Krivopox :* I should like to utilize a bit of our time allotted for 
discussion in order to inquire of Dr. Niconoff, or anyone else, how the con- 
trol of the grain size in the austenitic manganese steel is accomplished to 
begin with? It cannot be done by heat treatment (without previous working) 
because this steel does not have allotropic transformation. Would anyone care 
to answer that? 

Dr. Niconorr: In my own experience, we never had any difficulty in con- 
trolling the grain size, because this type of steel possesses as a rule a rather 
fine grain. 

Dr. Krivosox: I do not know if your remarks quite answered my ques- 
tion. How do you control the grain size once you decide that such control 
is necessary? 

Mr. Basyton: We do not really control it. Upon examining structures 
at the opposite ends of a coil, which represents the product of an ingot, we 
sometimes get a large grain at one end and a smaller at the other. Why this 
is so I do not know. The one way we are able, partially at least, to control 
the grain size is by the time and temperature of the anneal. When these cold 
work steels are annealed, carbide solution and recrystallization occur very 
rapidly. We bring on finished gage strip to the annealing temperature in 


4Research metallurgist, Bethlehem Steel Co., Bethlehem, Pa. 
5Works metallurgist, Sharon Steel Corp., Sharon, Pa. 
®Chief metallurgist, Lockheed Aircraft Corp., Burbank, Calif, 
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about thirty seconds and it is at the temperature about fifteen seconds. If it 
is at temperature too long the grains will grow. 

Rockwells in the neighborhood of 86-B or 85-B indicate large grain. 
Rockwells 90 to 92 indicate smaller grain. A Rockwell of 93 sometimes gives 
good ductility and sometimes we find it indicates incomplete recrystallization. 
We like to have a few small grains remaining to get the best ductility. 

Dr. Krivopok: Thank you. Of course, we are aware of the fact that 
recrystallization and grain control of austenitic manganese steel has been 
accomplished by first reheating the steel at low temperature with precipitation 
of carbides (or alpha iron) and reheating to a high temperature with the 
precipitated carbides or alpha iron serving as nuclei for grain refinement. 
Apparently Mr. Babylon is utilizing the same processes. 

Dr. Epstein: I would like to ask what is the best rolling temperature 
for these manganese steels. 

Mr. Baspyton: Actually, it is a pretty tough steel to roll because it burns 
at rather low temperatures and unless you have very heavy mills it is necessary 
to heat it to the maximum temperature the steel can be rolled without having 
it come apart in the mills. 

In heating ingots, where the time in the pits is a matter of hours, the 
temperature cannot be much in excess of 2050 degrees Fahr. (1120 degrees 
Cent.) without burning, but in heating slabs in a continuous furnace, where 
the time at temperature is a matter of a minute or so, we safely use a tem- 
perature of 2200 degrees Fahr. 1205 degrees Cent.). If a mill delay occurs, 
the temperature must be lowered. Temperatures are read in the pit or furnace 
before the steel is discharged. 


Author’s Reply 


The author wishes to thank all the participants of this lively discussion. 

In regard to Prof. J. O. Lord’s explanation of the behavior of the slip 
lines, it must be noted that the actual wrinkling of a strained specimen is 
observed only if the surface of the latter has been polished prior to the appli- 
cation of cold work. Repolishing of a cold-worked surface results in a com- 
plete elimination of these wrinkles, and their presence can be revealed only by 
etching in a suitable reagent. That the slip lines are related in some manner 
to the phenomenon of twinning is suggested by their tendency to band together 
on reheating to a certain temperature range, whereby they are formed into 
rectangular blocks bearing resemblance to twins. Precipitation of carbides 
along the slip lines is definitely established by etching with basic sodium 
picrate, and the precipitation of a magnetic phase (alpha-iron) can be detected 
by the application of colloidal magnetic powder method. The readiness with 
which the slip lines are attacked by the majority of etching reagents does 
not necessarily call for the presence of some unknown phases, but can be 
explained on the basis of increased internal energy along the planes where 
the slippage occurred. 

The phase appearing in Figs. 4c and 4d was referred to as “carbides” 
because of its characteristic appearance as well as because of its behavior 
under the action of basic sodium picrate. However, it is also possible that 
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the alpha-iron constituent, which is known to be precipitated abundantly at 
a somewhat higher temperature, has also undergone an incipient precipitation 
alongside the carbides at the temperature employed. As to the possibility of 
formation of martensite at temperatures as high as 500 degrees Cent. (930 
degrees Fahr.), the question appears to be of a purely theoretical character 
because the constituent is unstable under these conditions and therefore is 
converted to one of the products of its decomposition almost as soon as it was 
formed. In general, the author does not wish to deprive the martensite entirely 
of its share in strain hardening of austenitic manganese steel, but at the 
same time he does not feel justified in giving all the credit to this constituent. 
Instances are known when appreciable strain hardenability is obtained in 
highly alloyed chromium-nickel steels which are stable and remains austenitic 
under all temperature conditions. It is also the author’s experience that a 
modified 12 per cent manganese-3 per cent nickel steel containing 0.7 per cent 
carbon is austenitic under all conditions above the room temperature, suffering 
only a very slight precipitation of carbides at 400 to 500 degrees Cent. (750 to 
930 degrees Fahr.) which is insufficient to increase its intrinsic hardness; and 
yet this steel can be cold-worked to 48 RC, or in other words to an extent 
which is only slightly lower than the maximum hardenability obtained for the 
unstable type of manganese steel. 





THE FLUORESCENT PENETRANT METHOD OF 
DETECTING DISCONTINUITIES 


By TABER DE FoREST 


Abstract 


Cracks and porosity in metals may be located by a 
suitable penetrating fluid carrying a highly fluorescent dye. 
When iuluminated by near ultraviolet light, the extremely 
minute quantities drawn into the cracks by capillary at- 
traction are unmistakably identified. The new test is 
similar to the oil and whiting method, but is far more 
sensitive and more rapid in application. Only capillary 
spaces open to the surface can be found, but experience 
has shown that many vital defects are of this character, 
especially in the light metals. 


Photographs are shown of typical nonferrous parts 
commercially inspected by the new method. 


HE development of the airplane has brought about the develop- 

ment of a new skill, the skill of the weight horsepower ratio, or 
better, the art of manufacturing “the one horse shay”. Every part 
must do its share in carrying as high a load as is possible without 
encountering failure, or, if necessary, the rate of failure must be 
predetermined to permit replacement at necessary intervals. The 
greatest burden in accomplishing this end falls on the designer. He 
must know the dimensions required to withstand the service require- 
ments as well as the physical properties of the materials he uses, the 
strength, modulus, wear resistance, weight, corrosion resistance, etc. 
The materials must be carefully made, their finish smooth and their 
composition consistent. They must be free of unforeseen. stress 
raisers in the form of cracks, and other discontinuities. The detec- 
tion of these discontinuities is one of the major problems of aircraft 
manufacturers. 

Magnetic inspection has been very useful in locating flaws in 
magnetic parts, and is a standard test. The X-ray has been very 
useful as a means of inspection of aluminum and magnesium, but it 
requires a difference in density, or some sort of void, to be effective. 





A paper presented before the Twenty-fourth Annual Convention of the Soci- 
ety held in Cleveland, October 12 to 16, 1942. The author, Taber de Forest, is 
research engineer, Magnaflux Corporation, Chicago. Manuscript received July 
13, 1942. 
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Often small cracks do not act as voids. Another method which has 
been used to some extent is that of applying a brittle coating to a 
part, and then stressing the part in such a way as to crack the coating 
over the underlying crack. This method requires that the part be of 
such shape that it can be easily stressed without injury. 

The oil and whiting method, which is the forerunner of this 
fluorescent method, has long been used for detecting well-developed 
fatigue cracks in heavy machinery. It consists in applying a penetrat- 
ing solvent such as kerosene to the part being tested, wiping off the 
surface and then painting with a mixture of whiting and thinner. 
As the thinner dries, the light oil in the crack emerges and stains the 
whiting by wetting it. Vibration is often used to aid the penetration 
and subsequent emergence of the oil. The test has long been a 
favorite in railroad shops and the sight of whitewashed axles and 
side rods in operation is not uncommon, even today. It has a major 
drawback, however, in its inherent lack of sensitivity. Many surface 
flaws, particularly in their initial stages of formation, are incapable 
of detection by the oil and whiting method. 

The fluorescent penetrant, while likewise operating by penetra- 
tion, has achieved a major increase in sensitivity and brilliance of 
indication by use of two basically novel features. These are: observa- 
tion of a highly fluorescent penetrant under near ultra-violet “black 
light” and employment of a light colored developing powder to both 
draw the penetrant back out of the flaw and provide optimum ex- 
posure to that penetrant which is drawn out. Considerable research 
has been expended on the various phases of the method over the past 
five years. Besides the two developments just mentioned above, 
other basic requirements are the development of penetrants which 
are water-rinsable as well as possessing superior penetrating power. 

The method in its simplest form and as now used consists in five 
steps. 


Application of penetrant to specimen. 
Removal of excess penetrant with water. 
Drying the wet specimen. 

Application of developing powder. 
Inspection. 


wa hpwr 


The penetrating liquid is a mixture of materials chosen for 
specific purposes. The procedure described indicates some of the 
necessary properties. First of all it requires good penetrating char- 
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acteristics. Penetration is accomplished by capillarity which involves 
the wetting ability of a material and its surface tension, hence a mate- 
rial with a very low contact angle and a strong affinity for metals is 
indicated. Also the penetrant must have high light conversion prop- 
erties. It is generally true that all oils fluoresce and this fluorescence 
is in proportion to the viscosity of the oil, being much more active in 
heavy oils and grease. However, the heavy oils do not have good 
penetrating characteristics. During the early stages of the process 
it was found necessary to heat heavy oils to reduce their viscosity for 
penetration while maintaining the brilliance of the fluorescence. To 
eliminate this procedure, an oil soluble fluorescent agent was devel- 
oped which excited the light conversion properties of low viscosity 
oils even beyond that of heavy oils. 

The penetrant may be applied by a number of methods depend- 
ing on the size of the part being inspected. If the part is of moderate 
size, baskets and fixtures may be employed. This makes possible the 
testing of a large number of parts at the same time. Parts may 
remain in baskets during the whole-procedure and only be removed 
for inspection at the end of treatment. Large parts may be painted or 
sprayed. To insure proper penetration it is advisable to let the part 
soak up the penetrant for a period of time. When clean castings 
which have never been in oil are tested, a soak of 1 minute is suffi- 
cient, while tight lipped fine cracks in used parts sometimes take 
an hour. While the part is soaking it may be placed on a drainboard 
where the run off will be returned to the dip tank for future use. 

The excess penetrant which coats the surface of the part must 
be removed, or no contrast would exist between the defect and the 
part. This is best accomplished with high pressure water spray. 
The compound is emulsified by the action of the water and flows off 
the part easily. Because of its high surface tension, water has poor 
penetrating characteristics which keep it from washing any of the 
fluorescence from cracks and porosity. In the past, solvents were 
used for cleaning off the excess and considerable difficulty was en- 
countered as the solvent would penetrate the crack and remove all 
traces of fluorescence unless the work was timed very accurately. 

After the specimen is clean, it must be dried. A short dip in 
boiling water will heat up parts, and then they can be dried in warm 
circulating air. The hot water dip has a further advantage in that 
it reduces the viscosity of the penetrant. 

The next step is to extract the fluorescent liquid from the crack 
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and bring it out to the surface where it can be seen. This will occur 
as natural seepage but is better accelerated by applying a finely 
divided powder to the surface of the part. This powder acts in much 
the same way as blotting paper. It draws the penetrant from the 
crack and spreads it out, and at the same time prevents it from run- 
ning. Another advantage obtained from the powder is that it will 
help cover up dirty places on the part if the previous wash leaves 
stains. Applying the powder is best accomplished by rolling the part 
in it and shaking off the excess, thus automatically depositing a thin 
layer. The part should be put aside to stand for about half the time 
previously required for penetration. 

The part is now ready to inspect under black light. This is best 
accomplished in a darkened room or in a booth designed to cut out 
direct shop lighting. The black light emits near ultra-violet light, 
shorter in wave length than that which can be seen by the human eye. 
Certain materials are capable of converting and reflecting this light 
in a longer wave length which the eye can use. The result which is 
achieved gives the elusion that the fluorescent material is a source of 
light on a black background. Fluorescent indications of defects 
appear brilliantly in this manner. The light developing powder which 
is used to pull out the penetrant enhances the fluorescence, as it helps 
reflect the light. 

The above procedure has a number of variations which may be 
employed. Heating the part to about 250 degrees Fahr. and then al- 
lowing it to.cool while in the penetrant, plus reheating it to about the 
same temperature after application of the powder, will give quicker 
and yet more sensitive results. Less time is required during the 
soaking period and during the time between the application of powder 
and the inspection. In some cases a fast-drying lacquer with a 
solvent which is miscible with the penetrant can be used instead of 
powder. This extracts the penetrant and keeps it from spreading 
by rapid drying. This method is convenient for holding the indica- 
tion to the part, and if the right material is used it can be stripped 
for recording purposes. 

The degree of darkness in the inspection booth and the number 
of black lights concentrating on a given area may be varied according 
to requirements. In a very dark booth a small indication becomes 
more visible than in a semi-darkened booth due to the higher con- 
trast ratio between it and the background, while large cracks and 
porosity are easily seen in only a slightly darkened room. Small 
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Fig. 1—Rotating Beam Fatigue Test Bar with Fluorescent Indications of the 
Fatigue Cracks. 








Fig. 2—Aluminum Casting Showing Both Porosity and | 
the Indication of It. 





Fig. 3—Cracked Stellite Seated Valve. 


parts are most conveniently handled under a fixed arrangement of 
black lights while in the case of very large parts the light may be 
moved around the part. 

Vibration and other mechanical methods of opening and closing 
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cracks do not seem to improve the method except when no developing 
agent is used. The capillary action which draws the penetrant into 
the crack is an extremely strong force, and likewise the capillary 
attraction of the finely divided developing powder seems equally 
strong and is capable of drawing out all the penetrant except that 
which has actually wetted the sides of the crack. 

The type of defects located by this method must be open to the 
surface. These include cracks and porosity of the many types. 
Necessarily excluded are deep-seated blowholes and porosity with 
no surface connections. Nevertheless, a great deal of porosity is 
interconnected by capillaries which reach the surface. Fatigue cracks 
almost always start on a surface, and hence are easy to detect. There 
are some nonferrous materials such as stellite, chromium and tungsten 
carbide which tend to crack in grinding. These cracks are easily 
located. Probably the largest class of cracks that occur in nonferrous 
metals are shrinkage cracks in castings, and these are easy to locate 
as they are usually wide and open (although in a surprising number 
of instances not readily seen by the unaided eye). 

Blowholes and porosity show up very well when the penetrant 
can get into them. The indication resulting from a void is readily 
distinguished from a crack. A round spot of fluorescence is formed, 
and this spot will spread, depending on the size of the hole, while the 
indication from a crack is a sharp line. Forgings present a more 
difficult problem than castings. Sometimes laps may be very tight, 
thus allowing very little space for the penetrant to collect. Porous 
areas on steel castings have been indicated very clearly. If a part 
is to be used as a container, such as a supercharger housing, the part 
can be tested for leaks by applying the penetrant to the inside of the 
part, and noting its appearance on the outside. Pressure may speed 
this operation, but it is not at all necessary. 

It is possible, with proper technique, to show very small cracks. 
The smaller cracks take longer to develop, sometimes an hour is 
required. Deep scratches sometimes show, but they can be readily 
distinguished from cracks. The penetrant will keep coming out of 
a crack but not from a scratch. 

One particularly helpful use for this method of test is that it 
will show whether a crack has been completely removed while salvag- 
ing parts. After grinding or burring, powder is applied, and if 
there is any indicator remaining in the crack, it will reappear. 

Surface preparation is a factor controlling the degree of pene- 
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Fig. 4—Photograph of Aluminum Casting. 





Fig. 5—Same Casting When X-rayed. 
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Fig. 7—Fluorescent Method Applied to a 
Small Forging Lap. 


tration of the penetrant. Some operations performed on soft materi- 
als tend to smear over the surface, and such treatments should be 
avoided if the fluorescent penetrating method is to be used. Fine 
emery paper, buffing compound, and cut-off wheels, cover over, or fill 
up cracks. If a soft casting is to be machined, it is better to inspect 
in the as-cast condition. Sand blasting, etching or light brushing with 
relatively coarse sandpaper produce favorable surface conditions. Un- 
touched die castings are easily inspected. Another factor which is 
occasionally troublesome is that of having the crack clean before the 
test is made. Excessive grease and dirt will hinder the entrance of 
the penetrant, and should be removed before testing. 
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Fig. 8—Fluorescenf-Method Showing Bursts in a Heavy 
Section of Stainless Steel. 





Fig. 9—Showing Shrinkage Cracks in a Cast 
Aluminum Fitting. 
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The fluorescent penetrants have been successfully applied to 
shrinkage and porosity in aluminum and other nonferrous castings 
and forgings, to grinding cracks and porosity in nonmagnetic hard 
materials such as stellite and hard chrome plate, to imperfections in 
bond between bimetal combinations, and to porosity causing leakage 
in various cast metals. The process cannot find blowholes unless 
these are connected by intergranular capillaries to the surface, and 
we have failed to find such spots in bronze castings where the blow- 
holes were located by X-ray inspection. This method also will not 
show the presence of nonmetallics unless these are loose in the metal, 
whereas magnetic particle inspection is largely used for locating such 
defects in magnetic materials. 

Fig. 1 shows a rotating beam fatigue test bar with fluorescent 
indications of the fatigue cracks. The piece is a good one, from an 
experimental angle, as the cracks vary in size from medium to very 
small. Fig. 2 is a photograph of an aluminum casting showing both 
the porosity and the indication of it. Fig. 3 shows a cracked stellite 
seated valve. 

As with any new inspection device, it will be necessary to get a 
background of experience before the best use can be made of the 
method. Undoubtedly it will be accused of rejecting good material. 
It will only show what is there, and it is up to the operator to do the 
rejecting. Almost all aluminum castings show some porosity, and the 
inspector will have to know this, or he will get quite a shock out of 
his first inspection. 

Interpretation is not difficult to one who is experienced, as indica- 
tions will show in proportion to their severity. The method must be 
used as a tool and not as a way to reject good material. 


DISCUSSION 


Written Discussion: By W. Koestering, Wilcox-Rich Division of Eaton 
Manufacturing Co., Battle Creek, Mich. 

In the manufacture of high quality aircraft parts it is exceedingly important 
to develop an inspection method for noting surface defects. There is no ques- 
tion but what a great many of the defects can be found by careful microscopic 
inspection but due to excessive eye strain and varying light reflections this 
method, particularly when applied to large quantities, gives very unsatisfactory 
results. 

The fluorescent inspection as described by Mr. de Forest brings out the 
defects in such an obvious manner that all eye strain is eliminated and the 
process is so simplified that the percentage of defective parts that pass the 
inspector is practically nil. 
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The major application of the fluorescent inspection is in locating cracks, 
porosity, or shrinks in stellite seats of aircraft valves and also in locating 
cracks and checks in valve heads. Before using this method it required 
approximately sixty men to examine the parts with binoculars, these inspectors 
working in two-hour relays due to excessive eye strain, and the percentage of 
defects that were:not found on the first inspection was relatively high. 

The same number of pieces can now be inspected by fifteen men with the 
number of defective ones passed being, as mentioned above, practically zero. 

In my opinion, cleaning the part is the most important and we have used 
the following procedure. We coat the part with a water-soluble fluorescent 
oil, then allow it to stand for 15 minutes to permit the oil to penetrate properly, 
then wash in hot water to emulsify the compound, followed by an air blast for 
drying. The piece is then powdered and allowed to stand for another 15 
minutes, the powder acting as a blotter to absorb the oil. 

Care must be taken in the cleaning, to be certain that none of the 
fluorescent oil remains on the part, which obviously would indicate a defective 
spot which in reality is good material. However, with the trained operator, 
he soon becomes accustomed to watching for this condition and should he 
suspect that the part is improperly cleaned he checks this by wiping off the 
uncleaned portion and if it is good material it will not repeat whereas if it is 
actually a defect the oil will again come to the surface and show distinctly. 

There are certain defects which this type of inspection will not reveal 
plainly. For example, a small-blowhole or opening which is of such shape 
that the cleaning removes all the penetrant oil the defect will not be obvious, 
but in such instances the defect can be seen by the naked eye and is not a 
condemnation of the method. 

Written Discussion: By Charles L. Rogers and Carl E. Swartz, Cleve- 
land Graphite Bronze Co., Cleveland. 

This paper very effectively outlines the use of a new inspection tool. Like 
all tools its use can be abused to the point where it may acquire a reputation 
for being unreliable. ‘Or its use may start slowly and gradually build up to a 
point where experience has clearly outlined the field of usefulness. In any 
case it is our opinion that this inspection method is here to stay, and it is a 
question of finding the proper places where it should be used. 

In the 10 months that we have had the equipment in our laboratory, we 
have been building up two types of experience. First, we have been studying 
the different types of treatment in order to obtain the most effective indication 
of flaws. Second, we have been building up experience by comparing the 
results of Black Light inspection with radiographic, microscopic, fracture, and 
other types. With this back-ground we feel that we are about ready to use 
this tool for the regular inspection of certain of our products. 

With our particular products and types of defects we have found that a 
high viscosity oil such as S.A.E. 50 serves our purpose somewhat better than 
the water-soluble oils recommended by Mr. de Forest. These oils seem to 
give us the proper color and intensity of fluorescence without the addition of 
any fluorescing agent. In this practice we have the added advantage that there 
is no possibility of corrosive attack due to the addition of any fluorescing com- 
pounds. The oil is economical, easy to handle, and always available. We also 
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have the advantage in using high viscosity oil rather than water-soluble oil in 
the prevention of rust. It has been our experience that water-soluble oils at 
times of high himidity cause rust, whereas the high viscosity lubricants seldom 
if ever do. 

We have not found it desirable to use the developing powder because the 
powder creates a cleanliness problem which is somewhat dangerous on parts 
finished to high precision. 

Basically our method consists in placing the parts to be inspected in a 
high viscosity oil at an elevated temperature, and allowing them to remain in 
this oil for a proper length of time depending upon the type of defect suspected. 
Parts are then removed from the oil, allowed to drain and wiped dry, or 
quickly dipped in a solvent. Parts are reheated to a lower temperature and 
examined under near-ultraviolet light. We have found certain types of defects, 
such as extremely fine cracks, difficult to bring out under any of the procedures 
that are now in use. Therefore, it would seem that still further work must 
be done in our own laboratories before this method will be fool proof. 

In the paragraph beginning at the bottom of page 744, Mr. de Forest calls 
attention to the tendency of soft materials to smear over the surface in machin- 
ing and, by filling up the cracks, prevent the defect from showing. We have 
found this very true not only in the acknowledged soft materials, but in mate- 
rials which are not normally considered to be soft. Therefore we feel that, 
wherever a machined surface is to be examined, the inspector should make 
sure that the part has been machined with a tool which has left a minimum 
amount of burnishing on the surface. Again, we have found that, where parts 
are rough machined in such a way as to leave a rough, torn surface, the parts 
are likely to be rejected. In the case of as-cast surfaces, sound, serviceable 
parts may be rejected because of the oil penetrating minute surface shrink areas 
which have no relation to defects within the casting or to any type of objec- 
tionable unsoundness. 

Written Discussion: By P. F. George, metallurgist, The Dow Chemical 
Co., Midland, Mich. 

Mr. de Forest is to be commended on this timely paper on the fluorescent 
penetrant method of inspection of the non-magnetic metals, and especially on 
his frankness in listing its possibilities and limitations. 

We have found this method very useful for showing microporosity in cast 
magnesium alloys. All inspections are made on fractured surfaces which gives 
more reliable results than a sawed, polished or cast surface. This makes the 
method useful as a help in developing casting technique. A section in question 
is fractured and the location of porosity is readily determined. This method 
of inspection has also become useful in the study of fractures from castings 
that have failed, by showing the extent of porosity at the very point of failure. 

To estimate the amount of porosity and not just show that it is present, 
we time all operations and blow off the excess powder about 3 miinutes after 
it is applied. The inspection is then made immediately. In this way, the 
spreading of the oil over non-porous areas is lessened. Pictures taken of the 
fluorescent areas immediately after they were ready for inspection and after 
they had stood for a few days showed that the oil had spread over more than 
twice the original area. 
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J. E. Mitten:* With both the surface of the castings and also internal 
inclusions, realizing that penetrating oil will soak into inclusions to some extent, 
I was wondering whether the effect of the powder would refer back to the 
inclusion of the powder and whether using high viscosity oil would not make 
that visible. | 

Mr. DE Forest: To date, we have not been very successful in showing 
inclusions; however, these may be cases in which inclusions are somewhat 
porous. Under these conditions I imagine that the use of powder would not 
be helpful. If an inclusion were loosely imbedded with cracks at its sides, 
then the powder would be helpful. 

G. C. Laurence:* Have you considered the possibility of using this method 
to reveal incipient fatigue cracks in the case of nonferrous metals? The ques- 
tion is of particular interest with reference to air screws. 

Mr. DE Forest: We have tried using the fluorescent die methods for 
locating cracks in aluminum propellers. The results of these tests were not 
conclusive in that we had no known cracks to work with. Generally speaking, 
however, fatigue cracks are easily located as they usually start from an outside 
surface. I have no doubt but what we can find them. 

Dr. LAURENCE: It is a question of finding the cracks early. 

Mr. pe Forest: Correct. Fatigue cracks grow rapidly in aluminum once 
they have started. This necessarily means that there is little time in which to 
locate them between the incipient stage and the final failure. 


Author’s Reply 


Mr. Rogers’ discussion emphasizes the flexibility of the fluorescent pene- 
trant method. Needless to say there are many special cases in which special 
problems arise. Mr. Rogers to a large extent is concerned with steel-backed 
bearings and naturally the use of water for washing steel is a practice to be 
viewed with suspicion. In many cases if proper precautions are taken little 
harm will result while in other cases the composition of the water and of the 
steel may be such that bad corrosion will result. It is my opinion that ali the 
corrosion which comes from the use of the method as described may be 
attributed to the water wash and is not caused by the use of dies. 

The type of defect which occurs in bearings, chiefly lack of bond, forms a 
large cavity capable of holding a large quantity of penetrant. For this reason 
it is possible to use a high viscosity penetrant and still get good results. 
The method does not have to be as sensitive as when employed on very small 
cracks such as grinding cracks in tungsten carbide. Also the large quantity 
of penetrant gives adequate fluorescence while very small traces of high viscosity 
oil do not possess the thin film fluorescence which may be achieved by the 
addition of dies. Again, because the method need not be sensitive the decision 
not to use powder is justified. It may be that the nuisance of removing the 


1Research laboratory, American Works, American Steel & Wire Co., Cleveland. 
*Physicist, National Research Council of Canada, Ottawa, Ont., Canada. 
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powder can be avoided in cases of this kind. The use of heat is also a con- 


siderable nuisance, in fact more of a nuisance than removing powder while the 
results are not much improved. Generally speaking, heat has been used to 


reduce the viscosity of high viscosity oils. However, good results may be 
obtained with lower viscosity oils at room temperature. 

In the months which have passed since this paper was written, the 
fluorescent penetrant method has been tried in many specialized applications, 
and has worked with varying degrees of success. 

One use of the method has been in testing gasoline tanks for leaks. A 
penetrant is chosen containing a die which contrasts sharply with any back- 
ground fluorescence which may be caused by oil or grease. 


Another modification of the method has been employed to detect leaks in 
vacuum tubes. 


The method has had two successful applications as a substitute for the 
magnetic particle method. One of these is in testing malleable iron where 
porosity is interconnected. The other is for pipe in rolled stock. Much work 


still remains to be done, particularly in the field correlating the results with 
service performance. 








A METALLOGRAPHIC STUDY OF THE FORMATION OF 
AUSTENITE FROM AGGREGATES OF FERRITE AND 
CEMENTITE IN AN IRON-CARBON ALLOY OF 
0.5 PER CENT CARBON 


By Tuomas G. DicGEs AND SAMUEL J. ROSENBERG 


Abstract 


The formation of austenite on heating aggregates of 
ferrite and cementite in a high purity alloy of tron and 
carbon (0.50 per cent carbon) is described. In fine pearl- 
ite, austenite was nucleated at the interfaces of ferrite and 
carbide, preferentially at the boundaries of pearlite colo- 
nies and pro-eutectoid ferrite or at the boundaries between 
pearlite colonies, although it occasionally formed within 
the colonies. In spheroidized structures, nucleation oc- 
curred at the ferrite-carbide interfaces at the cementite 
network or at tsolated cementite particles. Austenite 
formed at numerous interfaces so that in the initial stages 
it was always fine-grained. However, if the rate of heat- 
ing 1s slow, rapid grain growth takes place in the Ac,-Ac, 
temperature range. The predominant factor in establish- 
ing the austenite grain size in this alloy was the rate of 
growth and not the rate of nucleation. 


INTRODUCTION 


HE mechanism of the formation of austenite from pearlite has 

been studied by various investigators and it is now generally 
recognized that austenite forms from pearlite by nucleation and 
growth. These studies, however, have been made principally on 
plain carbon steels. It should be of interest to study the formation 
of austenite in iron-carbon alloys, in which any possible effects due 
to the presence of extraneous elements would be kept to a minimum. 
Since iron-carbon alloys of high purity are known to be relatively 
coarse-grained, it might be expected that transformations in such 
alloys could be more easily followed than in steels. 

In previous studies (1)* of the influence of certain factors on 


*The figures appearing in parentheses pertain to the references appended to this paper. 
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austenite grain size (1), (2) and its accompanying effect on harden- 
ability (3), some observations were made on the mechanism of the 
formation of austenite in high purity alloys of iron and carbon. The 
present report describes this mechanism in such an alloy containing 
0.50 per cent of carbon with initial structures of either fine pearlite 
or spheroidized cementite. . 


PREVIOUS INVESTIGATIONS 


Grossmann (4), (5) studied the formation of austenite grains 
and the manner in which they coarsen in low carbon steels. He 
briefly summarized the mechanism as follows: “When, upon heating, 
the steel reaches the temperature at which it begins to transform to 
austenite, the first very minute austenite crystals form within a pearl- 
ite island or in the boundaries between ferrite grains. These small 
“austenite grains then grow ac across oss the ‘pearlite islands and across the 
ferrite grains, until they meet other austenite grains which have 
grown from other nuclei. When all the austenite grains have thus 
met, so that the whole piece consists of austenite, it is clear that a 
certain set of grain sizes will have been. established.” He pointed 
out that these initial austenite grains, usually in the range of Ameri- 
can Society for Testing Materials numbers 5 to 8, do not grow even 
if the steel is heated for considerable periods of time just above the 
transformation temperature or to somewhat higher temperatures. 

The structural changes occurring in steel on heating have been 
described by Carpenter and Robertson (6). In each area of pearlite 
in hypoeutectoid steel, austenite begins to form at several points on 
the boundaries between pearlite and ferrite. The austenite spreads 
as the change proceeds, but the way in which this takes place is not 
related to the structure of the pearlite. At all times during the 
change the austenite areas have an irregular shape and their outlines 
contain re-entrant curves. In all steels, whatever their previous 
treatment, the austenite grains existing just above the critical range 
are small. 

From a study made with carbon steels ranging in carbon from 
0.45 to 1 per cent, Baeyertz (7) reported that the austenite grains 
formed in entirely different ways in the same steel depending on 
whether the prior structure was pearlite or martensite. In_pearlite, 
nucleation of austenite grains occurred at the boundaries of the fer- 


rite-cementite lamellae ae pearlite colonies and not in t the ferrite 


— 
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grain boundaries. The austenite grains grew along the pearlite lamel- 
lae so that in the absence of coarsening, the structure contained 
elongated and irregularly shaped grains which took their conforma- 
tion from the pearlite lamellae in which they formed. Austenite 
grains did not readily grow across the ferrite grain boundaries which ~ 


separated the pearlite colonies; in the absence of coarsening, there- 
fore, the austenite grain size at the end of the transformation was 


equal to or less than that of the prior pearlite colony. In spheroidized ‘ 


| 


structures, the formation of austenite began in the grain boundary / 


of the prior austenite. The nuclei for austenite formed at the fer- 
rite-cementite phase boundaries around those cementite particles 
which were in the ferrite grain boundaries. With martensite, sphe- 
roidization occurred very readily below the Ac,. The austenite pro- 
duced just above the Ac, was formed not from martensite proper but 
from a spheroidized structure. 

Mehl (8) reported that the rate of austenitizing was the greater 
the finer the spacing of the pearlite and that fine-grained steel (alu- 
minum-killed) austenitized more slowly than coarse-grained steel. 
No detectable difference was found in the rates of nucleation for 
austenitizing of any of the specimens employed. At that time, Mehl 
was inclined to believe that the rate of growth was the important 
variable in austenitizing, and not the rate of nucleation. 

The formation of austenite in plain carbon steels was also inves- 
tigated by Hultgren (9) and by Shapiro (10). Hultgren discussed 
the factors that caused the Ac, to occur over a range of temperatures 
and he pointed out, the need of similar experiments with high purity 
iron-carbon alloys. Shapiro presented photomicrographs showing 
the mechanism of the alpha to gamma transformation in steels with 
different structures consisting of either pearlite, troostite or sphe- 
roidized cementite. 


EXPERIMENTAL PROCEDURE 


Specimens of a high purity alloy of iron and carbon (less than 
0.031 per cent of identifiable impurities) containing 0.50 per cent of 
carbon were heated in such a manner that a portion passed through 
the Ac, transformation while the remainder was below this tempera- 
ture. The austenite thus formed was then decomposed into martens- 
ite or nodular troostite by rapid quenching. The specimens (approxi- 
mately 0.04 by 0.10 by 0.25 inch) had initial structures of either fine 
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pearlite and ferrite, or spheroidized cementite. Each specimen was 
heated within a nichrome coil in vacuo at a selected rate to the 
desired temperature, held for a predetermined period and then 
quenched directly in gas (helium) in a manner similar to that pre- 
viously described (3). The quenched specimens were prepared by 
the usual means for metallographic study. The structural features 
of the changes are shown in the accompanying photomicrographs. 


DISCUSSION 


In a study of the structural changes accompanying the heating 
of a hypoeutectoid iron-carbon alloy it appears pertinent to examine 
the initial transformation of austenite from different aggregates of 
ferrite and carbide and to follow progressively the nucleation and 
growth of these austenite grains with time and with temperature. 

Attention should be directed to the fact that the carbon content 
of pearlite in a hypoeutectoid steel may be less than that of the eutec- 
toid. In order that the composition of pearlite in such a steel may 
correspond to that of the eutectoid, relatively slow cooling from above 
the critical range is necessary. If cooling is hastened, less free fer- 
rite is precipitated, and hence the carbon content of the pearlite is 
less than that of the eutectoid. The more rapid the cooling, the more 
pronounced is this effect until the structure consists entirely of 
pearlite, which will then have a carbon content corresponding to that 
of the steel. The fine pearlite in the iron-carbon alloy used in the 
present study was produced by relatively rapid cooling. The amount 
of pro-eutectoid ferrite in this initial structure was small and it was 
estimated from the microstructure that the carbon content of the 
pearlite possibly was as low as 0.55 per cent, and certainly not more 
than 0.6 per cent. 


Formation of Austenite from Fine Pearlite 


The beginning of the formation of austenite from fine, carbon- 
poor pearlite is illustrated in Fig. 1. This specimen was heated suf- 
ficiently rapidly to the Ac, temperature to retain some of the ce- 
mentite plates in the pearlite. At the Ac, temperature austenite began 
to form at the interfaces of ferrite and cementite as shown by the 
presence of troostite (a decomposition product of austenite) obtained 
by quenching. Evidently the small area of troostite shown at the 
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Fig. 1—Nucleation of Austenite from Fine Pearlite at the 
Ac; Temperature. 

A—The small area of troostite (dark) (7 o’clock position) 
was originally austenite nucleated at the point of contact of 
lamellar cementite with proeutectoid ferrite (white). The small 
area of troostite near the center was originally austenite nuclea- 
ated at the boundary common to two colonies of pearlite. 

B—The several small areas (martensite (gray) and troost- 
ite) in the lower central portion of the photomicrograph were 
originally austenite nucleated within a pearlite colony. * 
tendency of the austenite to grow in the direction of the 
pearlite lamellae. Etched with 1 per cent nital. X 500. 
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lower left of the photomicrograph (Fig. 1A) was originally austenite 
that was nucleated at the point of contact of lamellar carbide with 
pro-eutectoid or free ferrite, whereas the minute area of troostite 
shown near the center of the photomicrograph was austenite that was 
formed in the region of a boundary common to two colonies of pearl- 
ite. Although austenite appeared to be preferentially nucleated in 
these regions, it occasionally originated within a pearlite colony (Fig. 
1B). Ie Se ae oe 

With increase in time at the Ac, temperature, the areas of 
austenite increased in size and additional nuclei became active in dif- 
ferent regions of pearlite, as illustrated in Fig. 2A. As the specimen 
was maintained at this temperature, new austenite grains continued 
to form and grow (Fig. 2B) and the already existing grains increased 
in size, usually preferentially along the cementite lamellae (Fig. 3A), 
until all the pearlite was consumed and only two phases remained, 
ferrite and austenite (transformed to martensite and troostite) con- 
taining eutectoid carbon (Fig. 3B). With increase of temperature 
above that of the Ac, transformation, the percentage of austenite 
increased and its carbon content decreased as ferrite was absorbed. 
At a temperature somewhat below the Ac, transformation there re- 
mained only a small percentage of ferrite (Fig. 4A); at the Ac, 
temperature the absorption of the ferrite was completed and only one 
phase remained—austenite (transformed to martensite on quench- 
ing) with an average carbon content of 0.50 per cent (Fig. 4B). 
Although the austenite grain can grow with increase in temperature 
above Ac,, no further structural changes take place until melting 
begins. 

Austenite is nucleated at a cementite-ferrite interface. In pearl- 
ite (plus ferrite) such interfaces may be located (a) at the boundary 
between a pearlite area and pro-eutectoid ferrite; (b) at the common 
boundary of two or more pearlite colonies, and (c) within a pearlite 
colony. 

The formation of austenite from lamellar pearlite is illustrated 
by Fig. 5. This sketch shows the nucleation of austenite at ferrite- 
cementite interfaces within a pearlite colony, but the initial formation 
of austenite and its growth in fine pearlite is believed to be similar 
regardless of where nucleation occurs. 

Fig. 5A illustrates an individual colony of pearlite, having alter- 
nate lamellae of cementite (Fe,€) and ferrite (alpha iron). For 
comparison with the iron-carbon alloy, it is assumed that the carbon 
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Fig. 2—Nucleation and Growth of Austenite from Fine 
Pearlite at the Ac, Temperature. 

A—A more advanced stage in the formation of austenite 
than that shown in Fig. 1. Note depletion of cementite lamellae 
near many of the original austenite areas (now martensite and 
troostite). X 1000. 

B—A further stage in the formation and growth of austen- 
ite. Note finger-like growth of austenite areas (now martens- 
ite and troostite) and envelopment of small areas of ferrite. 
Etched with 1 per cent nital. xX 500. 


759 





TRANSACTIONS OF THE A. S. M. 


Fig. 3—Nucleation and Growth of Austenite from Fine 
Pearlite at the Ac, Temperature. 

A—The austenite, now martensite (light gray) and troostite 
(dark), has grown in a finger-like fashion in the direction of 
the lamellae. Note disappearance of cementite near many of 
the prior austenite areas, leaving ferrite (white). Xx 1000. 

—Structure after all the pearlite has transformed to aus- 
tenite. Areas which were austenite at the time of quenching 
are now martensite and troostite. White areas are ferrite. 
Etched with 1 per cent nital. xX 500. 
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Fig. 4—Absorption of Ferrite by Austenite Formed from 
Fine Pearlite. 

A—Structure somewhat below Acs. Some of the ferrite 
(white) has not yet been absorbed by the austenite. On quench- 
ing, the austenite was transformed into martensite (light gray) 
and troostite (dark). 

B—Structure just above Acs. All of the ferrite has been 
absorbed by the austenite (transformed to martensite on 
quenching). Etched with 1 per cent nital. xX 500. 
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content of — entire colony is considerably less than that of the 
eutectoid, i.e., this pearlite is also carbon-poor. If this entire area 
. of paar ts should transform to austenite at the Ac, temperature, 
| then one of two possibilities must exist. Either the austenite must 
have a carbon content corresponding to that of the pearlite (less than 
eutectoid), or, if the carbon content of the austenite approximates 
that of the eutectoid, then free ferrite must exist in conjunction with 
the austenite. Microscopic evidence supports the latter possibility. 
Fig. 5B illustrates the formation of a minute area of austenite 
at the interface of a cementite and a ferrite lamella. It is postulated 
that cementite reacts with sufficient ferrite to form austenite of ap- 
proximately eutectoid composition, which then grows (Fig. 5C), by 
absorbing cementite and part of the surrounding ferrite, thus leav- 
ing some excess ferrite. As this area of austenite spreads, a ferrite 
lamella is bridged (Fig. 5D), the cementite plate is completely ab- 
sorbed, some of the carbon diffuses from an adjacent cementite plate 
into the austenite, and some of the ferrite is absorbed, leaving the 
remainder as free ferrite. Simultaneously, another grain of austenite 
begins at some other ferrite-carbide interface and this grain grows in 
the same manner as the first grain. The austenite thus formed is of 
eutectoid carbon although a carbon concentration gradient of sub- 
microscopic dimensions must surely exist since the austenite in con- 
tact with the cementite must be relatively high in carbon whereas 
the austenite in contact with the ferrite must be relatively low in 
carbon. At a more advanced stage all of the cementite is consumed 
by the austenite, around which may be found more or less irregular 
areas of free ferrite (Fig. 5E). This growth occurs both in the 
direction of and across the lamellae. However, because the pearlite 
is carbon- -poor, the austenite tends to grow in a finger-] like fashion 
along the cementite lamellae, which are carbon-rich, thus leaving free 
ferrite between. As the formation of austenite proceeds, some of 
these areas of ferrite are enclosed by the advancing austenite. At 
this stage the grains are invariably quite small. As growth continues, 
two or more grains will meet ; whether they will merge depends upon 
such factors as time, temperature, relative size, orientation, etc. With 
sufficient time at this temperature (the Ac,), all of the pearlite will 
transform to austenite (of eutectoid carbon content) and ferrite. 
As the temperature is raised these ferrite areas, as well as the areas 
of pro-eutectoid ferrite, are gradually absorbed by the austenite until, 
at the Ac, temperature, all of the ferrite has been absorbed by the 
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austenite, the carbon content of which is now 0.50 per cent. 
Comment has already been made on the fact that, since this 
pearlite is carbon-poor, if the austenite originally formed is of eu- 
tectoid composition, free ferrite must exist in conjunction with the 
austenite. Many of the structures examined suggested the possibil- 
ity that, at the Ac,, carbon diffused from the cementite of untrans- 
formed areas of pearlite to the adjoining austenite grains. This 


Cementite Austenite 
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Fig. 5—Sketch Illustrating Nucleation and Growth of Austenite Within 
a_Carbon-Poor Pearlite Colony. eRe - 

Péaflite of eutectoid carbon (0.83 per cent carbon) contains approximately 
87.5 per cent ferrite and 12.5 per cent cementite, or about 7 parts of ferrite 
for each part of cementite by. weight. Pearlite of 0.50 per cent carbon, there- 
fore, contains about 11.6 parts of ferrite for each part of cementite. 


phenomenon was particularly evident in specimens which had been 
heated slowly and held for only 5 minutes in the vicinity of the Ac,. 
Attention is directed to the several areas of martensite and troostite 
(originally austenite) shown in the lower right center of Fig. 6A. 
All of these areas apparently are located within an individual colony 
of pearlite, yet the complete absence of cementite between them is 
evidence of the fact that migration of carbon toward the austenite 
grains has occurred. This is also shown in Fig. 6B, particularly by 
the area in the lower right-hand quadrant. The diffusion of carbon 
through alpha iron must be essentially the same as that which occurs 
on spheroidization of lamellar pearlite. 
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Fig. 6—Formation of Austenite from Fine Pearlite at the 
Ac, Temperature. 

A—Note depletion of cementite between austenite grains 
(now martensite and troostite) in colony of pearlite shown in 
lower right center of photomicrograph. 

B—Note depletion of cementite in areas adjacent to austen- 
ite (now martensite and troostite), particularly in lower right 
~~ of photomicrograph. Etched with 1 per cent nital. 
x ] 
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Formation of Austenite from an Aggregate of Spheroidized 
Cementite and Ferrite 


When fine pearlite is heated, spheroids are formed from the 
cementite plates as the temperature approaches the Ac, ; the final de- 
gree of its spheroidization depends on the time it is held in this 
temperature range. In Fig. 7A is shown the beginning of the forma- 
tion of austenite in fine pearlite that was heated rapidly up to a 
temperature of about 700 degrees Cent. (1290 degrees Fahr.) and 
then slowly to the Ac, temperature. The total time this specimen 
was held within the temperature range of about 700 degrees Cent. 

(1290 degrees Fahr.) to the Ac,- was about 22 minutes. Partial 
sshetoidibatial occurred and the active nuclei for austenite forma- 
tion were usually located in the vicinity of the ferrite boundaries. 

Nucleation of austenite in an alloy with a structure containing 
cementite both as lamellae and as spheroids may occur at any 
cementite-ferrite interface. The formation of austenite from lamellar 
pearlite has already been described; its formation from an aggre- 
gate of spheroidized cementite and ferrite can best be studied by 
using specimens that have been intentionally spheroidized. 

Specimens of the iron-carbon alloy with a structure of fine 
pearlite therefore were heated in vacuo in the temperature range of 
680 to 720 degrees Cent. (1255 to 1330 degrees Fahr.) (below Ac,) 
for about 9 hours. Although this treatment produced nearly com- 
plete spheroidization, the carbides tended to collect in the form of a 
network (Fig. 7B). Apparently this network bears no definite rela- 
tion to the pre-existing austenite grains from which the fine pearlite 
had been formed or to the colonies of pearlite in the initial struc- 
ture. Had the period of the spheroidizing treatment been prolonged 
sufficiently, it seems possible that nearly all of the carbides would 
have collected in the network. This is evidenced by the results of 
a microscopic examination which showed either no indication of car- 
bides or only small and finely divided particles in a few of the areas 
enclosed by the network. 

When a specimen with such a spheroidized structure was heated 
to the Ac, temperature, austenite grains were nucleated at the inter- 
face of ferrite and the carbide network, and, in some cases, at the 
interface of ferrite and carbide within the network, as shown by 
the decomposition products of austenite in Fig. 8A. With increase 
in either time or temperature, the newly formed austenite grains 
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Fig. 7A—Nucleation of Austenite from Fine Pearlite at the 
Ac; Temperature. Specimen was Heated Slowly. Note Partial 


Spheroidization. hse 
B—Structure of iron-carbon alloy after spheroidization. Note 


tendency of carbides to collect in the form of a network. 
Etched with 1 per cent nital, X< 500. 
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Fig. 8—Nucleation and Growth of Austenite from an Aggre- 
gate of Spheroidized Cementite and Ferrite at the Ac; Tem- 
perature. 

A—The austenite grains (now martensite and troostite) 
were nucleated at the interfaces of ferrite and the carbide net- 
work and, in some cases, at interfaces within the interior of 
the network. 

B—The austenite grains (now martensite and troostite) 
have grown preferentially along the cementite network. Note 
almost complete disappearance of carbides from the ferrite 
enclosed by the originally austenite gtains. Etched with 1 
per cent nital. xX 500. 
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grew and new grains were formed, usually along the network as 
illustrated in Fig. 8B. Simultaneously with this initial formation 
of austenite, the carbides located within the network, which were 
not active as centers for nucleation, decreased in number and size 
by the diffusion of carbon to the network or to the existing grains 
of austenite (Fig. 8B). This phenomenon might be viewed simply 
as a further step in the spheroidization of the cementite. 
Nucleation, growth, and diffusion continued and % stage was 
reached where the austenite grains merged in the neighborhood of 
the original cementite network, thus leaving only a few finely divided 
carbides embedded in the ferrite as illustrated in Fig. 9A. Itis note- 
worthy that at this stage of the transformation the austenite cgn- 
tained some undissolved carbide particles that were considerably larger 


than the remaining carbides embedded in the ferrite or untransformed 
portion of the specimen. Since this transformation had been occur- 
ring at the Ac, temperature, it is apparent that the austenite was 
of approximately eutectoid composition. However, carbon gradients 
must have existed in the austenite which was in contact with cement- 
ite in the interior of the grains and with ferrite at the grain bound- 
aries. With increase either in time at this temperature or in tem- 
perature, the carbon from the cementite continued to diffuse through 
the austenite to the austenite-ferrite boundary, where additional aus- 
tenite was formed. Simultaneously, the carbides located in the fer- 
rite continued to be absorbed until the alloy reached equilibrium, and 
consisted of two phases, austenite (transformed to martensite and 
troostite) and ferrite, as is shown in Fig. 9B. Upon heating to the 
Ac, temperature or above, the absorption of ferrite was completed 
and the austenite attained a uniform composition (0.50 per cent of 
carbon). 


Effect of Rate of Heating on Nucleation of Austenite 


Variation in the rate of heating through the Ac,-Ac, transfor- 
mation range is known to have a marked influence on the austenite 
grain size of this alloy at temperatures either just above or consid- 
erably higher than the Ac, (1), (3). Relatively fine grains are pro- 
duced by rapid heating and coarse grains by slow heating. However, 
even on slow heating through the Ac, transformation; sufficient nuclei 
become active to render the austenite fine-grained in the initial stage 
of its formation. This is shown by the microstructure in the zone 
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Fig. 9—Nucleation and Growth of Austenite from an Ag- 
gregate of Spheroidized Cementite and Ferrite at the Ac, Tem- 
perature. 

A—The, formation of austenite (now martensite and troost- 
ite) of eutectoid carbon is nearly complete. Note almost 
complete absence of carbides in the ferrite. Austenite still con- 
tained occasional undissolved carbides at the time of quenching. 

—The formation of austenite of eutectoid carbon is com- 
plete. Only two phases exist—ferrite (white) and austenite 
(transformed into martensite and troostite). Etched with 1 per 
cent nital. x 500. 
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Fig. 10—Effect of Time and Temperature on the Size of 
Austenite Grains. 

A—The grains of austenite (now martensite and troostite) 
formed at the Ac; temperature are quite small. The structure 
was originally fine pearlite which spheroidized during the 
slow heating. X< 500. 

B—Same specimen as A. The grains of austenite, trans- 
formed into martensite with troostite at the boundaries, are 
quite large at the Acs temperature. Etched with 1 per cent 
nital. X< 100. 
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Fig. 11—Effect of Rate of Heating on Nucleation of Aus- 
tenite from Fine Pearlite at the Ac, Temperature. 

A—Heated very rapidly. Note considerable number of ac- 
tive nuclei as evidenced by the numerous small areas of 
troostite. 

B—Heated rather slowly. Note fewer number of active 
nuclei, as evidenced by the fewer and larger areas of martens- 
ite and troostite. Etched with 1 per cent nital. x 500 
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of transformation (Fig. 10A) of a specimen that was differentially 
heated so that a portion was heated slowly through the Ac, and held 
for 15 minutes before quenching. The austenite was fine-grained 
when first formed, but it was coarse-grained, Fig. 10B (estimated 
A.S.T.M. grain No. 2 to 4), at the Ac, temperature. 

Although with relatively slow rates of heating sufficient nuclei 
act to produce fine-grained austenite, this condition does not neces- 
sarily imply that the rate of heating does not influence the rate of 
nucleation of this alloy. It is believed that the rate of heating does 
affect the rate of nucleation. With this high purity alloy, which is 
relatively free from grain growth inhibitors, more nuclei are effec- 
tive in the formation of austenite from fine pearlite when heating 
is relatively rapid than when heating is slow. 

The more rapidly fine pearlite is heated through the Ac, tem- 
perature, the more numerous are the active nuclei. The initial for- 
mation of austenite in the low carbon pearlite of a specimen which 
was heated very rapidly to the Ac, (50 seconds from room tempera- 
ture to the Ac,) and then immediately quenched is shown by its 
decomposition products in Fig. 11A, and the initial transformation 
in another specimen of the same material when heated rather slowly 
to the Ac,, held for 5 minutes and then quenched, is shown in 
Fig. 11B. The austenite grains initially formed in each specimen 
were very small indeed, but it is apparent that more nuclei were 
active in forming austenite in the rapidly heated specimen (Fig. 
11A) than in the one heated rather slowly (Fig. 11B) or in the one 
heated very slowly (Fig. 10A). It is further apparent that the aus- 
tenite grains were larger and less numerous in the slowly heated 
specimens than in the rapidly heated specimen. 

It is evident that when such an alloy is heated to the Ac, tem- 
perature certain nuclei become active in formation of grains of aus- 
tenite. If the rate of heating is slow, relatively few nuclei are effec- 
tive and ample time exists for growth of these grains. If the rate 
of heating is very rapid the alloy is, in effect, superheated; a con- 
siderable number of nuclei then become active because of the higher 
temperature at which the Ac,|transformation occurs. Determina- 
tions of the Ac,|showed that, when the alloy was heated slowly, this 
transformation began at about 725 degrees Cent. (1335 degrees 
Fahr.), whereas, with very rapid heating, it occurred at about 740 
degrees Cent. (1365 degrees Fahr.). Had the rapidly heated speci- 
men been held just above the Ac, temperature, it is believed that 
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considerable growth would have taken place in the austenite grains. 

Since the final austenite grain size depends upon the rate of 
nucleation and rate of growth, it is evident that, for this alloy, the 
latter is the dominant factor in establishing this grain size. With 
this high purity alloy, and with other alloys of similar purity but 
having higher percentages of carbon, rapid growth occurred within 
the transformation temperature range when heating was slow. That 
is, these alloys are very susceptible to coarsening within the tem- 
perature range of the Ac,-Ac, transformation. Whether coarsening 
occurred within this range depended upon the rate of heating (time 
within this temperature range). At temperatures as high as 980 
degrees Cent. (1795 degrees Fahr.), however, these alloys were 
coarse-grained regardless of the rate of heating. 


SUMMARY 


1. A study was made of the nucleation and growth of austenite 
on heating a high purity alloy. of iron and carbon containing 0.50 
per cent carbon. The changes that occurred in both fine pearlite and 
an aggregate of spheroidized cementite and ferrite were followed 
by differentially heating small specimens in vacuo at various rates 
to temperatures within and slightly above the Ac,-Ac, transforma- 
tion range and quenching directly in helium. The different stages 
in the formation of austenite from the aggregates of ferrite and 
carbide are shown in photomicrographs and illustrated schematically. 

2. On heating fine pearlite (plus ferrite), austenite was nucle- — 
ated at the interfaces of ferrite and carbide, preferentially at the) 
boundaries of pearlite and pro-eutectoid ferrite and at the boundé¢Z) 
aries of the pearlite colonies. It was also occasionally Snucleated 
within the pearlite colonies. Finger-like growths (irregular shapes) 
occurred, usually in the directions of the lamellae, but growth also 
extended across the lamellae. 

3. During spheroidization of this alloy the carbides tended to 
collect in the form of a network. On heating a specimen with such 
a structure, austenite started to form at ferrite-carbide interfaces, 
usually at the cementite network and to some extent within the net- 
work. In the initial stages of transformation these grains grew pref- | 
erentially along the cementite network. 

4. During the formation of austenite from fine, carbon-poor 
pearlite or an aggregate of spheroidized cementite and ferrite, the 
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carbon diffused through ferrite to the austenite grains and also 
through the austenite during the absorption of the ferrite. 

5. Regardless of the rate at which this alloy was heated through 
the Ac, transformation, austenite was nucleated at numerous inter- 
faces of ferrite and carbide so that in the initial stage of its forma- 
tion the austenite was always fine-grained. However, rapid grain 
growth may occur in the Ac,-Ac, transformation range by the absorp- 
tion or coalescence of the grains initially formed. If the rate of 
heating through the Ac,-Ac, transformation range was extremely 
rapid, this grain. growth was largely inhibited and the resulting aus- 
tenite was relatively fine-grained at temperatures considerably above 
the Ac,. If heating was less rapid, grain growth was not inhibited 
and the resulting austenite was very coarse-grained. The predomi- 
nant factor in establishing the final austenite grain size of this alloy, 
therefore, was the rate of growth and not the rate of nucleation. 


nd 


References 
1. S. J. Rosenberg and T. G. Digges, “Effect of Rate of Heating Through the 
Transformation Range on Austenitic Grain Size,” Journal of Research, 
National Bureau of Standards, Vol. 25, 1940, p. 215, RP1322; Trans- 
; ACTIONS, American Society for Metals, Vol. 29, 1941, p. 638. 
. 2 


2. T. G. Digges and S. J. Rosenberg, “Influence of Initial Structure and Rate 
of Heating on the Austenitic Grain Size of 0.5 Per Cent Carbon Steels 
and Iron-Carbon Alloy,” Journal of Research, National Bureau of 
Standards, Vol. 29, 1942, RP 1481. 

) 3. T. G. Digges, “Influence of Austenitic Gratn Size on the Critical Cooline 

Rate of High Purity lron-Carbon Alloys,” Journal of Research, National 
Bureau of Standards, Vol. 24, 1940, p. 273, RP1308; Transactions, 
American Society for Metals, Vol. 29, 1941, p. 285. 

4. M. A. Grossmann, “On Grain Size and Grain Growth,” TRANSACTIONS, 

American Society for Metals, Vol. 21, 1933, p. 1079. 
M. A. Grossmann, “Grain Size in Metals, with Special Reference to Grain 
Growth in Austenite,’” TRANSACTIONS, American Society for Metals, 


oe —s 
wn 
. 


ip Vol. 22, 1934, p. 861. 

' 6. H. C. H. Carpenter and J. M. Robertson, “Structural Changes in Hypo- 
; eutectoid Steels on Heating,” Journal, Iron and Steel Institute, Vol. 
; 127, No. 1, 1933, p. 259; Metals, Oxford University Press, Vol. 2, 
4 1939, p. 914. 

i 7. M. Baeyertz, “Effect of Initial Structure on Austenite Grain Formation 


and Coarsening.” Paper presented at the Twenty-third Annual Con- 
vention, American Society for Metals, Oct. 20-24, 1941. Preprint No. 


20. 
8 R. F. Mehl, “The Structure and Rate of Formation of Pearlite,” TRrans- 
actions, American Society for Metals, Vol. 29, 1941, p. 813. 
} 9. Axel Hultgren, “The Ac: Range of Carbon Steel and Related Phenomena,” 
4 TRANSACTIONS, American Society for Steel Treating, Vol. 16, 1929, 


p. 227. 

10. C. L. Shapiro, “The Effect of Heat Treatment, Aging, and Working upon 
the Condition of Carbon in Steel,” Iron and Steel Institute, Carnegie 
Scholarship Memoirs, Vol. 25, 1936, p. 141. 





1943 DISCUSSION—FORMATION OF AUSTENITE 775 
DISCUSSION 


Written Discussion: By G. A. Roberts, metallurgist, Vanadium-Alloys 
Steel Co., Latrobe, Pa. 

It is interesting to have this information on the formation of austenite in 
high purity iron-carbon alloys and to have a complete discussion of the 
mechanism of the formation of austenite from carbon-poor pearlite. 

My comments will be mainly confined to the section of the paper discussing 
the effect of rate of heating on the austenite grain size. The findings on these 
high purity alloys are in support of Case I given in the paper by Dr. Mehl 
and myself where the rate of nucleation increases faster than the rate of growth 
as the temperature of reaction is increased. However, the cases are not exactly 
similar for in addition to the physical limitations on growth, in a 0.50 per cent 
carbon alloy at a temperature between A; and A; there is a phase limitation ° 
dictated by the presence of a specified amount of ferrite in equilibrium with 
the austenite. 

It should be emphasized that it is the interaction of the rate of nucleation 
and the rate of growth which determines the initial grain size and that there 
is truly no real significance to the term grain size of austenite before contact 
of individual austenite grains throughout a majority of the structure is achieved. 
Before this contact is made the individual nuclei will, of course, be very small 
and a fine grain size might be inferred. 

With fast rates of heating if the rate of nucleation is increased because the 
reaction is made to proceed at a higher average temperature fine grains will 
not always result for the rate of growth will also increase as the reaction 
temperature is raised. Finer grains will only result if the increase in the 
rate of nucleation exceeds the increase in the rate Of growth as the température 
is raised. 

It would be interesting to have isothermal rate measurements on these 
alloys, although I suspect the reaction proceeds at too rapid a rate in the high 
purity steels to allow accurate determinations. I would like to ask if the 
authors have any data on the approximate time for completion of the reaction 
at any one temperature. 


Oral Discussion 


H. Epwarp FLanpers:* Could the concentration gradient necessary to 
give diffusion be explained if we assume that the carbon which goes into solu- 
tion in the gamma iron as carbide then satisfies the requirements of the stable 
diagram, carbon and iron, in which the activity of carbon is less, due to a 
lower saturation value? The higher activity of the carbon in the carbide would 
then cause carbon to diffuse from the carbide to the position of solid solution. 

In the carbide particle there is the full activity of the carbon in the carbide. 
By assuming that the activity of carbon in the carbide would become that of 
carbon in austenite saturated with carbon (graphite) after this is dissolved, 
one has an approximate measure of the diffusion potential between the carbide 
particle and the solid solution. 


1Assistant research director, American Steel Foundries, East Chicago, Ind. 





TRANSACTIONS OF THE A. S. M. September 


Authors’ Reply 


Dr. Roberts has made some pertinent comments on austenite grain size as 
affected by the interrelation between rate of nucleation and rate of growth. 
No attempt has been made to determine the time required for this alloy to 
transform to austenite at constant temperatures. Such data would, no doubt, 
be valuable but difficult to obtain accurately because of the relatively rapid 
rate of transformation. 

Mr. Flanders’ explanation of the presence of the carbon concentration 
gradient required for diffusion to occur is indeed interesting. It would be 
logical, naturally, to expect that the carbon would ‘tend to assume its most 
stable form (lowest energy level) at any particular temperature. However, 
a quantitative determination of the diffusion potential between the carbide par- 
ticles and austenite would be a problem in thermodynamics which the authors 
make no pretense of being able to solve. 
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